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Executive  Summary 


The  overall  objective  of  this  program  was  to  provide  a  fundamental  understanding  of  the 
processing  science  and  technology  necessary  to  fabricate  ceramic-matrix,  intcrmetallic-matrix, 
and  metal-matrix  composites  with  superior  mechanical  properties  in  high  temperature  and 
oxidizing  environments.  The  composites  are  intended  for  use  as  structural  materials  for 
advanced  aerospace  applications  at  temperatures  exceeding  12(X)°C  (22(X)°F). 

In  order  to  accomplish  the  program  objective,  interactive  research  groups  were  established 
in  three  key  area  of  (a)  Fiber  Fabrication,  (b)  Coatings  and  Infiltration,  and  (c)  Composite 
Fabrication.  The  objective  of  the  fiber  fabrication  group  was  to  develop  new  fibers  which 
have  superior  strengA  and  toughness  at  high  temperatures  and  in  oxidizing  environments. 
The  research  effort  focused  on  the  development  of  two  types  of  fibers:  (1)  glass-free  mullite- 
based  fibers,  and  (2)  oxygen-free  silicon  carbide  fibers.  The  coatings  program  had  two 
primary  objectives:  (1)  to  control  the  characteristics  of  matrix/reinforcing  phase  interfaces 
(e.g.,to  control  chemical  leaciions  and  bonding  at  a  matrix/fiber  interface)  and  (2)  to 
develop  coatings  that  will  improve  the  oxidation  resistance  of  metal-matrix  and  intermetallic- 
matrix  composites.  Coatings  methods  utilized  included  chemical  vapor  deposition,  sol-gel 
processing,  and  solution  coating  with  polymeric  precursors  to  ceramics. 

The  composite  fabrication  group  investigated  various  methods  to  incorporate  reinforcing 
phases  (i.e.,  fibers,  whiskers,  and  particulates)  into  ceramic-,  metal-,  and  intermetallic- 
matrices.  Processing  methods  investigated  included  colloidal  processing,  chemical  vapor 
infiltration,  reactive  hot-compaction  and  in  situ  coating,  and  microwave  sintering.  The 
objectives  were  not  only  to  utilize  innovative  processing  techniques,  but  also  to  develop  an 
improved  scientific  understanding  of  processing-microstructure  relationships  in  composites 
fabrication. 

This  annual  report  consists  of  seven  sections  compiled  in  three  books  as  described  below: 
Book  I 


Section  1 

Processing  and  Properties  of  Silicon  Carbide  Fibers 

Principal  Investigators:  C.D.  Batich 

M.D.  Sacks 

Section  2 

Processing  of  Mullite  Composite  Fibers 

Principal  Investigators:  A.B.  Brennan 

J.H.  Simmons 

Section  3 

Chemical  Vapor  Deposition  (CVD)  and  Chemical  Vapor 
Infiltration  (CVI) 

Principal  Investigator:  T.  Anderson 

Book  n 


Section  1  Processing  and  Properties  of  Intermetallic  Matrix  Composites 
Principal  Investigator:  R.  Abbaschian 

Section  2  Mechanical  Alloying  of  MoSi2 

Principal  Investigator:  M.J.  Kaufinan 


Book  m 

Section  1  Processing  of  Ceramic  Matrix  Composites 
Principal  Investigator:  M.D.  Sacks 


Section  2  Processing  of  BaO-Al203-2SiO2  Fibers. 

Principal  Investigator:  D.E.  Clark 


*  BOOK  n 


Section  1 

Processing  and  Properties 

of 

Intermetallic  Matrix  Composites 

Principal  Investigator:  R.  Abbaschian 


Processing  and  Properties 
of 

Intermetallic  Matrix  Composites 

Principal  Investigator:  R.  Abbaschian 

Objectives 

The  overall  objective  of  this  program  is  to  develop  intermetallic-matrix  composites  for 
structural  application  above  12(X)*‘C.  The  development  of  intermetallic-matrix  composites 
is  motivated  by  their  inherent  useful  properties  such  as  excellent  oxidation  resistaiK:e,  high 
melting  points  and  relatively  low  densities.  The  main  disadvantages  of  intermetallics  are 
poor  fracture  toughness  at  ambient  temperature  and  low  creep  resistance  and  strength  at 
high  temperatures.  It  is  expected  that  their  inherent  advantages  can  be  effectively  utilized 
via  artificial  compositing.  The  approaches  used  are  to  improve  fracture  toug^ss  via 
ductile  phase  tou^ning,  and  to  increase  the  creep  resistance  and  strength  via  high  strength 
ceramic  reinforcements  such  as  SiC  whiskers.  Two  classes  of  alloys  have  been  selected  for 
investigation:  (1)  molybdenum  disilicide  (M0SI2,  and  (2)  Nb-based  aluminides  with  the 
major  focus  on  NbAl3. 


Research  Summary 

To  achieve  the  goal  of  this  program,  the  present  investigation  has  been  carried  out  in  three 
stages:  (1)  Developing  a  coating  technique  to  prevent  the  deleterious  interactions  between 
ductile  reinforcements  and  the  brittle  matrices;  (2)  Evaluating  the  effects  of  size, 
morphology  and  orientation  of  ductile  phases,  and  the  matrix/ductile  reinforcement 
interface  on  the  toughness  of  brittle  matrix  composites,  modeling  these  effects,  and  providing 
guidelines  for  the  design  of  ductile-phaise-reinforced  composites.  The  evaluation  of  ductile- 
phase-toughening  is  only  carried  out  in  MoSi2  matrix  composites  because  it  is  believed  that 
the  general  rules  disclosed  would  also  be  suitable  for  other  ductile-phase-toughened  brittle 
matrix  composites;  (3)  Incorporating  SiC  whiskers  into  the  brittle  matrices  to  improve  high 
temperature  strength  and  creep  resistance,  and  at  the  same  time  to  tailor  the  thermal 
expansion  coefficient  of  the  matrices  to  enhance  ductile  phase  toughening.  The  specific 
results  are  summarized  below  and  further  information  is  provided  in  the  attached 
publications. 


MoSi,  Matrix  C 


ites 


Niobium  filaments  and  plates  have  been  chosen  as  a  ductile  reinforcement  in  the 
present  study  because  its  thermal  expansion  coefficient  is  closest  to  that  of  MoSij, 
and  it  also  has  a  high  melting  temperature.  For  controlling  the  matrix/reinforcement 
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interaction,  chemical  compatibilities  of  various  potential  coating  materials  (mullite, 
AI2O3,  and  Zr02)  with  MoSi2  and  Nb  were  studied  via  microstructural  and 
compositional  analyses  [1,2].  Based  on  these  analyses,  AI2O3  was  chosen  as  the  Hnai 
diffusion  barrier  coating  because  it  is  chemically  compatible  with  both  MoSi2  and  Nb, 
and  it  also  has  a  thermal  expansion  coefficient  close  to  those  of  both  the  matrix  and 
reinforcement. 

The  techniques  investigated  in  the  present  study  to  produce  AI2O3  coating  on  Nb 
surface  included  (1)  sol-gel  processing;  (2)  physical  vapor  deposition;  (3)  hot  dipping 
the  reinforcement  in  molten  aluminum,  followed  by  anodizing  A1  to  form  AI2O3.  The 
process  control  parameters  for  the  techniques  and  the  effectiveness  of  the  coatings 
as  a  diffusion  barrier  were  evaluated  [3].  The  results  indicated  that  a  thick  and 
dense  AI2O3  coating  is  necessary  and  effective  in  eliminating  the  interactions  between 
Nb  and  the  matrix  of  commercially  pure  MoSi2.  The  results  also  showed  that  the 
best  coating  is  provided  with  physical  vapor  deposition,  followed  by  sol-gel  technique. 

Efficts  of  the  matrix/reinforcement  interface,  the  mechanical  properties  and  size  of 
the  ductile  phase  on  the  flow  behavior  of  constrained  ductile  pha%  were  evaluated 
[4-7].  Based  on  the  observations  from  the  tensile  tests  on  a  single  Nb  lamina 
imbedded  in  MoSi2  matrix,  an  approximate  model  was  proposed  which  gave  insight 
into  the  influence  of  yield  streng^,  woric  hardening,  mati^reinforcement  interfacial 
bonding  strength  and  size  of  the  ductile  reinforcement  on  the  flow  behavior.  The 
flow  behavior  of  the  constrained  ductile  phases  was  related  to  the  g\fracture 
toughness  of  composites  via  small-scale-bridging  model,  and  the  major  conclusions 
are:  toughness  of  composites  is  enhanced  by  a  relatively  weak  bond  at  the 
matrix/reinforcement  interface,  by  large  size  of  ductile  reinforcements,  and  by  a 
ductile  phase  with  a  high  yield  strength  and  high  work  hardening  rate  [5,7].  The 
developed  stress-displacement  function  has  also  been  used  to  calculate  the  bridging 
stress  across  the  crack  surface  in  a  large-scale-bridging  model  proposed  in  the  present 
study  [8]. 

The  role  of  the  matrix/reinforcement  interface  in  the  fracture  toughness  of 
MoSyNb  composites  has  been  assessed  via  four-point  bend  tests  on  chevron  notched 
specimens  [9].  Variation  of  the  interfacial  bonding  was  obtained  by  depositing 
different  oxide  coatings  (AI2O3  and  ZrO^  or  by  the  development  of  a  reaction 
product  layer  between  the  matrix  and  reinforcement.  Measurement  of  fraemre 
energy  (bond  toughness)  of  the  interfaces  was  carried  out  on  chevron  notched  short 
bar  [9,10].  It  has  been  established  that  whether  or  not  a  strong  interfacial  bonding 
is  conducive  to  toughness  depended  on  the  criterion  used  to  describe  the  toughness 
of  the  composites  [9],ar  result  in  consistency  with  the  prediction  of  the  large-scale- 
bridging  model  developed  in  the  present  study  [8]. 

Four-point  bend  test  has  also  been  used  to  evaluate  the  effects  of  the  size  and 
orientation  of  ductile  laminae  on  the  toughness  of  the  composites.  The  results 
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exhibited  that  toughness  of  the  composites  increased  with  increasing  size  of  Nb 
laminae,  and  ductile  laminae  offered  two  dimensional  toughening,  i.e.,  fracture 
toughness  in  two  orientations  has  been  increased  to  about  11-14  MPa.m*^^  from  3 
MPa.m*"  for  unreinforced  matrix  [11]. 

Effects  of  ductile  reinforcements  on  the  stiffness  and  strength  of  the  composites  have 
been  evaluated  using  MoSVNb  laminates  [12].  The  results  suggested  that  residual 
thermal  stresses  had  an  influence  on  the  stiffness  of  the  composites  and  toughening 
by  a  ductile  phase  with  a  lower  elastic  moduliis  than  that  of  the  matrix  would  cause 
a  decrease  in  the  strength  of  the  composites  [12]. 

All  the  toughness  evaluations  and  examination  of  the  interaction  of  cracks  with 
ductile  reinforcements  indicated  that  (1)  ductile  phase  toughening  involved  large- 
scale  bridging,  i.e.,  the  bridging-length  was  at  the  same  magnitude  as  the  crack 
length,  the  specimen  size  or  the  distance  from  the  crack  to  the  specimen  boundaries 
[2, 13];  and  (2)  the  toughening  of  brittle  matrix  with  ductile  phase  could  be  described 
by  the  equilibrium  stress  distribution  across  the  crack  surface  [11].  According  to 
these  observations,  a  general  approach  has  been  proposed  to  conq>ute  the  ductile 
phase  toughening  in  the  case  of  large-scale-bridging  [8].  The  approach,  which 
allowed  for  the  prediction  of  the  typical  R-curve  behaviors  of  ductile-phase- 
toughened  composites,  encompassed  the  effects  of  the  bonding  strength  of  the 
matrix/reinforcement  interface,  the  size  of  ductile  phases,  and  the  intrinsic 
mechanical  properties  of  the  ductile  phases  and  matrix.  Some  important  results  from 
the  model  are  presented  in  Figure  1.  Note  that  the  maximum  crack-growth 
resistance  increases  with  increasing  size  of  the  ductile  phase  (Figure  1(a))  and  the 
decohesion  length  at  the  matrix/reinforcement  interface  (Figure  1(b)).  However,  the 
interface  with  a  small  decohesion  length  gives  rise  to  a  steep  initial  slope  of  R-curve, 
indicating  that  a  high  crack-growth  resistance  is  associated  with  a  strong  interface 
when  the  crack  is  small.  The  duality  of  the  interface  suggests  that  a  weak  interface 
would  be  beneHcial  if  the  cracks  to  be  dealt  with  are  short.  (Detailed  results  are 
provided  in  Publication  8.) 

Incorporation  of  SiC  whiskers  into  MoSi2  matrix  has  been  initiated  via  tape  casting 
technique.  The  motivation  of  using  this  technique  was  that  the  orientation  of  SiC 
whiskers  could  be  controlled  by  adjusting  the  thickness  of  the  tape  and  the  tapes  with 
different  compositions  and  different  whisker  orientations  could  be  stacked  and 
laminated  together  in  nearly  any  combination.  Thus,  laminates  could  be  custom 
designed  to  yield  desired  properties.  A  slip  formulation  (organic  solvent,  dispersants 
and  binders)  for  tape  casting  MoSi2/SiC  suspension  has  been  developed.  The 
formulation  not  only  enhanced  the  uniform  distribution  of  SiC-whiskers  in  MoSij 
matrix,  but  also  had  a  very  low  binder  burnout  temperature  ( <  300°C)  which  was 
greatly  beneficial  for  the  non-oxide  materials.  Typical  microstructures  of  SiC- 
whisker-reinforced  MoSi2  composites  produced  via  hot  pressing  of  the  tape  cast 
laminae  have  been  shown  in  Figure  2.  Note  that  to  some  extent,  alignment  and 
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Calculated  R-curvc  behaviors  of  composites  (a)  with  different  sizes  of  Nb  laminae,  and  (b)  with  different 
decohesion  lengths  at  the  interface.  Volume  fraction  of  Nb  is  20%. 


Microstructure  of  the  Consolidated  MoSi2  -  30  vol,% 


Figure 


uniform  distribution  of  SiC  whiskers  has  been  achieved.  On-going  work  will  be 
directed  to  characterize  the  mechanical  properties  of  the  tape  cast  composites  and 
finally  combine  tape  casting  technique  and  ductile  phase  toughening  to  produce 
hybrid  composites. 

Niobium  aluminid  Matrix  Composites 

Reactive  hot  compaction  (RHC)  has  been  successfully  utilized  to  produce  NbAl3 
matrix  with  close  to  100%  theoretical  density  at  relatively  low  processing 
temperatures  of  around  1300®C.  The  effects  of  process  control  parameters  such  as 
ratio  of  the  elemental  Nb  and  A1  powder,  particle  size,  and  heating  rate,  on  the 
microstructure  of  NbAl3  matrix  have  been  evaliiated  [14,15].  By  controlling  the 
initial  stoichiometry,  NbAl3  matrix  composites  containing  a  dispersion  of  NbjAl  or 
Nb3Al  particles  with  a  niobium  core  has  been  produced  via  RHC.  The  fracture 
toughness  of  the  composites  has  been  determined  to  be  3.5MPa.m‘'^,  compared  with 
1.9MPa.m‘'^  for  the  monolithic  matrix  [14,15].  The  improvement  can  be  attributed 
to  crack  deflection  and  crack  trapping. 

In  order  to  further  improve  the  fracture  toughness  of  NbAl3,  Nb  Hlaments  were 
incorporated  into  the  matrix  during  RHC  process  [16].  To  prevent  chemical 
interaction  between  the  matrb;  and  reinforcements,  a  novel  technique  was  developed 
to  produce  alumina  coating  in  situ  during  the  RHC  processing.  This  in  situ  alumina 
coating  is  described  in  Patent  1.  Briefly,  the  process  involved  pre-oxidizing  Nb 
filaments  to  form  NbaOs  scale,  and  converting  the  Nb205  scale  into  AI2O3  layer  at  the 
matrix/reinforcement  interface  via  an  interface  reaction  during  the  subsequent  RHC 
process.  The  coating  thickness  was  varied  from  3  to  8  /xm  by  changing  the  oxidation 
time  of  the  Nb  filaments.  Long  term  annealing  at  nOO^C  indicated  that  the  in  situ 
AI2O3  coating  was  stable  and  effective  in  suppressing  the  interactions  between  the 
matrix  and  ductile  reinforcement  [16]. 

Fracture  toughness  of20vol%  Nb-reinforced  NbAl3  composites  was  measured  to  be 
9.4  Mpa.m‘'^,  five  times  higher  than  the  matrix.  Fracture  surface  analysis  indicated 
thai  partial  decohesion  had  occurred  at  thr  matrix/filament  interface  allowing  the 
Nb  fllaments  to  fail  in  a  ductile  manner.  The  in  situ  AI2O3  coating,  therefore,  not 
only  acts  as  an  effective  diffusion  barrier,  but  also  imparts  a  desirable  interfacial 
strength  to  allow  for  a  limited  debonding  at  the  interface  [16]. 
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Chemical  Compatibility  and  Fracture  Toughness, "  in  Intermetallic  Matrix  Composites, 
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DUCTILE  PHASE  TOUGHENING  OF  MOSI2-CIIEMICAI.  COMPATIIIILITY 
AND  FRACTURE  TOUGHNESS 

L.  XIAO,  Y.  S.  KIM,  AND  REZA  ARBASCHIAN 

Dcparlmcnl  of  Material*  Science  and  Enfiinecrinc,  Universily  of 
Florida,  Gainesville,  FL,  32<ll 

ABSTRACT 

Chemical  compaiibilily  between  oaide  coated  Nb  filament  reinforccnienis  and 
MaSi2  was  invesii|ated.  It  was  determined  that  ZiOv.  AI2O},  and  mullite  coatings 
were  chemically  compatible  with  both  Nb  and  MoSi'.  Comparison  between  coated 
and  uncoated  filaments  indicated  that  the  coatings  reduced  the  thickness  of  the 
interaction  zone.  The  fracture  toughness  of  the  Nb  niameni  reinforced  composites 
showed  an  increase,  while  W  filament  reinforced  composite  showed  a  decrease,  in 
the  toughness  compared  to  that  of  the  mairis.  The  results  are  discussed  in  terms  of 
the  mismatches  in  the  coefficients  of  thermal  espansion  and  the  bonding 
characteristics  of  the  reinforcement/matris  interface. 

INTRODUCTION 

Molybdenum  disilieide  (MoSi2)  is  an  attractive  candidate  material  for 

elevated-temperature  structural  applications  because  of  its  high  melting 
tefflperature(2030*>C).  and  excellent  oxidation  resistance  at  elevated  temperatures. 
However,  it  has  a  low  fracture  toughness  at  ambient  temperatures  like  most  of  other 
lotermetallics  and  a  high  creep  rate  at  high  temperatures.  Previous  studies  on 
MoSi2  matrix  composites  have  shown  appreciable  improvements  in  the  fracture 
toughness  by  reinforcing  the  matrix  with  SiC  whiskers  11-3)  and  Zr02  particles  |4|. 
The  fracture  toughness  of  these  composites  was  deteimined  to  be  in  the  range  of  S-t 
MPa-m*^.  compared  to  3-3  MPa-m*^  for  unreinforced  matrix.  In  addition,  it  hat 
been  also  shown  that  the  ambient  temperature  fracture  strength  of  MoSi2  can  be 
increased  by  a  factor  of  two  by  reinforcing  with  30  vol.%  of  Nb  niamenis  IS). 
However,  as  will  be  shown  taler,  the  Nb  fliameni  reinforced  MoSi2  composite  is 
unstable  at  elevated  temperatures  because  Nb  reacts  with  MoSi2.  forming  other 

brittle  inietmeiallie  compounds  such  at  (Mo,Nb)}Si3.  The  formation  of  the  brittle 
reaction  products  at  well  at  degradation  of  the  reinforcements  deteriorate  the 
toughness  of  the  eomposiles.  Therefore,  a  protective  coaling  of  the  reinforcement 
is  necessary  for  high  temperature  applications  of  these  composites. 

The  purpose  of  the  current  work  is  to  investigate  the  ductile  phase 

toughening  of  the  MoSi2  matrix  using  coaled  Nb  and  W  niamenis.  It  will  be  shown 
that  based  on  the  thermodynamic  calculations  and  experimental  chemical 
compatibility  tests  that  AI2O3  and  ZrOg  are  stable  in  contact  with  Nb  and  MoSi2  up  to 
1700  ^’C.  The  fracture  toughness  of  the  composites  containing  coated  and  uncoaicd 
Nb  were  evaluated  using  four-point  bending  lest.  In  addition.  composites 

containing  uncoaied  W  filaments  were  produced  in  order  to  elucidate  the  effect  of 
the  mismatches  in  coefficient  of  thermal  expansion  (CTE)  on  the  fracture  toughness 
of  the  composites. 

EXPERIMENTAL 

Alumina  coaling  on  Nb  filaments  were  produced  by  dipping  ihc  niamenis 
into  an  aluminun-alkoxide-deri*  ed  sol  solution  developed  hy  Clark  ei  al  |6|.  followed 
by  drying  al  S00*'C.  The  dipping  and  the  drying  priH'Cts  were  repeated  twice  in 
order  to  obtain  a  dense  and  uniform  coaling.  On  the  other  hand.  Zr02  coalings  were 
applied  by  dipping  the  niamenis  into  a  coating  solution  eonsi.siing  of  97%  ZrO?  and 
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3%  AI2O3-  After  hoi  pressing,  the  thickness  of  AI2O3  jnJ  Zr02  coaling  were 
delemiincd  to  be  in  the  range  3  to  20  pm.  The  mulliie  OAHO.;  ^SiO^)  fibers  used  for 
the  compatibility  studies  were  produced  by  sol-gel  processing  at  ihc  University  of 
Florida  |7)  . 

In  order  to  produce  a  unidireciionally  aligned  composite.  Nb  filanienis  were 
pre-aligned  in  a  plane  and  set  with  acrylic  resins.  Tlic  Kb  filaments  sheets  were 
then  stacked  together  with  MoSi2  powders(-32S  mesh)  in  an  appropriate  thickness 
ratio  and  vacuum  hot  pressed  at  noO^C  for  40  minutes  under  .'UMFa  pressure.  The 
diameter  of  the  filaments  used  were  0.25  mm,  and  the  volume  fraction  of  Nb 
filaments  in  the  composites  was  10%.  The  composites  containing  discontinuous  W 
filaments  (aspect  ratio  20:1)  were  produced  by  mixing  the  filaments  with  MuSi2 
powders  and  hot  pressing  under  the  same  conditions.  The  theoretical  densities  of 
the  MoSi2,  MoSi2/Nb,  and  MoSi2/W  composites  were  measured  to  be  98.6.  98. S  and 
97.0%  respectively.  The  fracture  toughness  of  the  composites  was  measured  by  four 
point  bending  on  3.81x3.08x23.4  mm  Chevron  notched  samples  with  an  inner  and 
outer  span  of  10  and  20  mm,  using  a  hydro-servo  conirollcil  .MTS  machine  with  a 
cross-head  speed  of  4x10'^  mm/sec.  The  chevron  notches  were  cui  perpendicular  to 
the  alignment  direction  of  the  filaments  using  a  diamond  wafering  saw. 


RESULTS  AND  DISCUSSION 
Chemical  Cnmnatibllltv 

Experimental  study  on  the  compatibility  between  the  coating  materials  and 
MoSi2  niatrix  were  carried  out.  Fig.  1  shows  (a)microstruciural  morphology  and  (b) 
corresponding  elemental  composttiottal  profiles  near  the  AI2O3/  MoSi2  interface. 
This  samples  was  produced  by  hot  pressing  at  HOO^C  for  40  minutes  followed  by 
annealing  at  IdOO^’C  for  100  hours.  The  compositional  profile  invlicaies  that  the 
interface  is  ‘*sharp"(approximately  2  pm  thick).  Similar  results  were  obtained  for 
MoSi2/Zr02  *nd  MoSi2/mulliie.  For  instance,  the  interface  of  MoSi2/mullite  is  very 
sharp  as  shown  in  Fig.  2  and  its  thickness  was  measured  to  be  around  Ipm.  These 
results  indicate  that  AI2O3,  Zr02.  and  muHite  are  chemically  compatible  with  MoSi2. 

To  support  the  above  findings,  thermodynamic  calculations  were  performed 
in  order  to  predict  the  chemical  stabilities  of  AI2O3  and  ZiOs  with  Nb  and  MoSi2- 
Using  the  thermodynamic  data  available  |8),  the  free  energy  changes  for  possible 
reactions  between  the  coating  materials  (AI2O3  and  ZrOv).  MoSi2  and  Nb  were 
calculated  at  I400K  and  20()0K.  The  reaction  components  considered  in  these 
calculations  included  Mo.  MoSi2.  MojSi3.  Mo3Si,  MoO(g),  MoOv.  Mo03(l).  Si.  SiO(g). 
Si02,  Al.  AI2O3.  AlCHg).  Al20(g).  Zr,  Z1O2.  ZrfXg).  Mb.  NbO.  NbO;.  NbiOy.  ZrSi?.  ZrSi. 


Fig. I  The  interface  micrutiructure  amt  the  coneipunding  eonip»siii»r  ptofilcs  »f  a 
MoSi2/Al203  composite. 
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hot  pressed  at  I700°C.  minutes  are  shown  in  Fig.  3.  As  seen  in 

the  figure.  Nb  and  MoSij  reacted 
extensively  during  the  processing.  forming  an  iniermetallic  compound  at  the 
interface.  The  reaction  product  was  determined  to  be  (Mo.Nb)5Si3  and  its  thickness 
was  measured  to  be  about  30  pm.  The  thickness  of  the  interaction  layer  between  Nb 
and  MoSij.  however,  was  reduced  to  4  pm  upon  coating  of  filaments  with  Zr02.  as 
shown  in  Fig.  4.  In  addition,  the  reaction  product  at  the  Nb/Zi02  interface  was 
determined  to  be  Nb5Si3.  instead  of  (Mo.Nb)5Si3  for  the  uncoated  samples, 
suggesting  that  appreciable  reduction  in  diffusion  of  Nb  and  Mo  across  the  coating 
as  indicated  by  the  composilioa  pronies  in  Hg.  4. 

The  growth  rate  of  the  interaction  layer  (Nb5Si3)  in  the  Zr02  coated  Nb 
(ilament  reinforced  composites  were  determined  by  annealing  the  samples  for  2S 
and  100  hours  at  I300**C.  As  shown  in  Rg.  3.  the  thickness  of  NbySij  which 
increased  to  6  pm  after  annealing  for  100  hours,  followed  a  parabolic  function  of 
the  annealing  time.  The  results  indicated  that  the  growth  of  the  Nb5  S  i  3  is 
controlled  by  the  diffusion  of  the  elemental  species  through  the  Nb5Si3  rather  than 
the  diffusion  of  Si  through  Zr02.  In  other  words,  the  diffusion  of  Si  is  relatively  fast 
in  Zr02.  Thus,  even  though  Zr02  is  chemically  compatible  with  Nb  and  MoSi2.  ihe 
coaling  is  not  a  perfect  bartier  for  diffusion  of  elemental  species  between  Nb  and 
MoSi2.  Nevertheless  the  coating  is  effective  in  reducing  Nb  or  Mo  diffusion,  and 
substantially  reduces  growth  of  the  reaction  layers. 

Similar  observations  were  made  for  the  AI2O3  coated  Nb  filament  reinforced 
composites.  The  composition  profiles  at  the  Nb  fil3mcnt/.Al203/MoSi2  interface  for 
a  sample  produced  by  hot  pressing  at  I400°C  for  ■>()  minutes  is  shown  in  Fig.  6. 
Similar  to  the  Zr02  coated  Nb  filaments,  the  formation  of  Nb5Si3  at  the  Nb  side  of  the 
Nb/Al203  interface  was  observed. 

Table  I.  The  standard  free  energy  changes  for  some  possible  reactions 
_ _  among  the  coating  materials,  matri\  and  reinforcements. 
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Bg.4  The  nkrotuucturc  lad  the  coneipondiac  eoapotitiM  ptolikt  of  a  MoSij  /  ZtO^ 
coated  Nb  fllimcat  imafaec. 


lu  thickneda  was  measuced  to  be  araund  S  um.  compared  with  15  pm  of  (Mo.Nb)sSi3 
formed  around  uneoaied  Nb  niaments  in  composites  produced  under  the  same  hot 
pressing  conditions,  in  addition,  it  was  observed  that  when  the  hot  pressing 
temperature  was  increased  to  nOO^C,  the  AI2O3  coating  became  discontinuous  and 
extensive  reaction  between  Nb  and  MoSi2  occurred.  The  thickness  of  intermetallics 
formed  was  increased  to  20  pm.  Nevenheless  electron  microprobe  analysis  on  the 
interface  did  not  reveal  any  evidence  of  reaction  of  AI2O3  with  Nb.  (Mo.Nb)5Si3  and 
MoSi2.  This  suggests  that  the  breakdown  of  the  AI2O3  coating  is  possibly  due  to  the 
Kirkendat  shift  caused  by  the  extensive  Si  diffusion  across  the  coaling. 


0  2  4  6  8  to  12 


Annealing  time,  hr  *  1 2 
Fig.5  The  thicknets  of  NbjSi3  vt  the 
square  root  of  the  annealing  lime  in 
MoSi2/Zr02  coaicii  .Nb  cnmpmiies. 
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Fig.4  The  compusiliun  pronics  of  MuSi2 
icinforcrd  by  AI2O3  coaled  Nb.  hut 
prcsrei!  at  ialxi“C . 
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An  order  of  magniiude  cilculalioti  of  Si  diliu^ivity  iluuugli  'CxQ-i  and  AI2U3 
coalings  made  from  the  thickness  of  the  itii>-riiicullics  foriiicd.  1'hc  results 
indicated  that  the  apparent  diffusiviiy  of  Si  esiiniaicJ  to  be  larger  than  I.OslO'^ 
cm^/scc  in  ZtOj  at  1300  ®C  and  larger  than  2.0»IO'®“  cm*/scc  in  AI2O3  at  MOO“C. 
These  values  are  considerably  higher  than  the  bulk  diffusion  of  Si  in  the  ceramic 
materials,  suggesting  that  Si  diffusion  might  have  tveured  via  different  diffusion 
paths  rather  than  bulk  diffusion.  The  most  feasible  fast  diffusion  route  may  be 

through  the  grain  boundary.  Since  the  grain  size  of  the  coaling  produced  by  the 

sol-gel  technique  is  small,  the  diffusion  flua  from  grain  boundary  diffusion  may 
dominate  the  diffusion  process  because  of  the  large  grain  boundary  area.  Another 
potential  fast  diffusion  path  is  the  free  surface  generated  by  the  porosities  in  the 
coaling.  The  porosities  may  also  provide  a  probable  path  for  gaseous  diffusion  of 
SiO.  Therefore.  In  order  to  minimize  the  Si  diffuston.  grain  boundary  area  and 

processing  defects  must  be  minimized  in  the  coating. 

Eractiife _ toughneat 


The  fracture  loughness(K(^)  values  of  MoSi2  mairiz  composites  reinforced  by 
uncoaied  Nb  or  W  filaments  are  shown  in  Fig.  7.  As  seen  in  the  figure.  K]^  values  of 
the  eemposiies  reinforced  with  Nb  filamenis  was  5  MPa-m'/^,  which  siiows  S2  % 
increase  over  that  of  the  matris.  Analysis  of  fracture  surface  of  the  composites 
using  SEM  showed  that  the  failure  mode  of  the  Nb  filamenis  was  a  brittle  cleavage 
in  nature  and  the  decohesion  at  the  rilafflent/mairix  interface  was  minimal(Fig.g).  The 
brittle  fracture  of  the  filaments  may  be  mainly  due  to  the  limited  decohesion  and 
this  may  have  led  to  the  limited  improvement  of  the  fracture  toughness  of  the  Nb 

filament  reinforced  composites.  Fracture  surface  analysis  of  the  alumina  coated  Nb 

filament  reinforced  composites  also  indicated  that  the  failure  mode  of  the  Nb 

filaments  was  brittle  cleavage  in  character,  and  without  appreciable  decohesion  at 
the  interface.  Further  studies  are  being  conducted  to  improve  the  characteristics  of 
the  filament-mairix  bonding  by  modifying  the  coating  parameters. 

W  filament  reinforced  composites  showed,  on  the  other  hand,  considerably 
lower  Kic  than  the  Nb  filament  reinforced  composites  and  slightly  lower  than  the 
matrix.  According  to  the  mieromechanical  model  of  ductile  phase  reinforced 

composites  (9-101.  the  fracture  toughness  of  the  W  lilameni  reinforced  composites 
is  expected  to  be  higher  than  that  of  the  Nb  filament  reinforced  composites  because 
W  filamenis  have  a  higher  elastic  modulus  and  fracture  .strength  than  Nb  filamenis. 
The  discrepancy  between  the  theoretical  prediciion.s  and  experimental  results 
seems  to  result  from  mictocracks  observed  in  the  eomposiies.  These  cracks  have 
been  observed  when  the  CTE  of  filament  is  smaller  than  that  of  matrix  and  are  due 
to  a  residual  tensile  hoop  stress  in  the  matrix  near  the  filamcnisi  12].  The  residual 
stress  can  not  only  induce  thermal  cracks  in  the  matrix  but  also  increase  the  stress 
intensity  in  the  composites,  thus  leading  to  the  reduced  K|(;. 


Fif.7  The  K|£  values  of  Mo$i2  matrix  Fig.8  Fraeiute  surface  of  the  uncoated 

and  the  composites  containing  Nh  remi.tiecd  compusiles. 

to  voi.%  of  Nb  or  W  rilamciiis. 
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The  residual  tensile  stresses  in  the  W  (ilaoient  reinforced  cuiiipositcs  were  estimated 
by  the  equations  proposed  by  I’oritsky  (III-  For  a  temperature  difrercnce  of  lOUO^’C. 
the  calculated  hoop  stress  was  2700  MPa  and  the  asiat  stress  was  160  MPa  in  the 
MoSi2  matrix  near  the  interface.  The  calculated  tensile  hoop  stress  is  much  higher 
than  the  tensile  strength  of  MoSij,  ISO  MPa,  at  ambient  temperatures  |I3|.  Thus,  the 
matrix  microcracking  and  the  high  level  of  residual  stresses  in  the  matrix  arc 

thought  to  be  responsible  for  the  reduced  fracture  toughness  of  the  W  filament 
reinforced  composites. 

CONCLUSIONS 

(I)  MoSij  matrix  composites  reinforced  with  uncosted  Nb  niamcnts  exhibited 
significant  matrix/filament  interactions  leading  to  the  formation  of  the  three- 
component  intermetallic.  (MoNb)sSi3.  (2)  Stability  tests  for  AlsOj.  ZiOj.  and  mullite 
indicated  that  they  were  chemically  compatible  with  Nb  and  MoSi2  up  to  1700*  C. 
However,  upon  coaling  the  filaments  with  the  ceramic  oxides  (Zr02  and  AI2O3).  a 
limited  interaction  was  observed,  leading  to  the  formation  of  the  binary 

intermetallic  NbjSij.  From  these  two  observations,  it  was  inferred  that  accelerated 
Si  diffusion  along  the  grain  boundaries  and  processing  defects  in  the  coatings  was 
responsible  for  the  filament/mstrix  interaction.  (4)  The  fracture  toughness  of  the 
Nb  fitamenis  reinforced  composites  wai  SO  %  higher  than  the  unreinforced  matrix, 
but  the  fracture  toughness  of  W  filament  reinforced  composites  wax  lower  than  that 
of  the  matrix.  The  later  was  attributed  to  the  W/matrix  thermal  expansion 
coefficient  mismatch,  resulting  in  radial  microctacks  in  the  matrix  near  the 
interface.  (S)  The  failure  of  Nb  filament  reinforcements  in  four-point  bend  tested 
chevron-notched  samples  occurred  in  a  brittle  cleavage  mode.  indicating  a  strong 
bonding  at  the  filament/matrix  interface. 
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Absirarl 

In  tills  paper.  ""C  describe  a  framework  for  the  processing  of  niobium-reinforced  MoSij  composites.  As 
a  part  of  the  program,  composites  containing  coated  and  uncoated  niobium  reinforcements  were 
produced.  Chemical  compatibility  between  the  coalings  and  the  matrix  was  studied  and  the  effect  of  the 
interface  modification  by  tlw  coaling  on  the  fracture  toughness  of  the  composites  was  investigated  via 
four-point  bending  tests  on  chevron-notched  samples.  The  results  indicated  that  the  coatings  have  a 
significant  effect  on  the  delmnding  at  the  reinforcement-matrix  interface,  which  in  turn  can  affect  the 
damage  tolerance  of  the  composite.  Also  observation  of  the  crack  propagation  in  the  composites 
suggests  that  the  matrix  failed  at  the  early  stages  of  loading.  The  results  are  discussed  in  terms  of  the 
mismatch  between  the  ela.stic  constants  of  the  composite  constituents. 


I.  Introduction 

MoSij  heating  elements  have  been  used  since 
the  early  1950s  because  of  a  combination  of  pro¬ 
perties:  proper  electrical  resistivity,  high  melting 
temperature  (2030  *C)  and  e.xcellent  oxidation 
resistance  up  to  1700*C  in  oxidizing  environ¬ 
ment.  In  addition,  MoSi;  has  a  relatively  low 
density  (6.4  g  cm*-')  and  can  retain  a  significant 
part  of  its  ambient  temperature  strength  up  to 
1 200  *C.  These  properties  make  MoSi2  an  excel¬ 
lent  candidate  as  a  .structural  material  for  high 
temperature  applications.  However,  its  poor 
room  temperature  fracture  toughness  imposes  a 
severe  limitation  on  its  use  in  practical  applica¬ 
tions. 

The  toughne.ss  of  MoSi;  can  be  improved  by 
the  incorporation  of  ductile  reinforcemen(.s  such 
as  refractory  melat  niamenis  or  particles.  Since 
the  ductile  reinforcements  commonly  have  a 
lower  elastic  modulus  than  MoSi<.  the  composite 
was  termed  an  "inverse  composite"  (I,  2).  The 
principal  mechanism  of  Utuglincss  improvements 
in  llic.se  composiies  is  allrilnilcd  to  crack  shield¬ 
ing  or  crack  bridging  by  llic  ductile  rcinforcc- 
ntcnls.  Results  itf  iiidciKtHtciil  theoretical 
inoduliiig  also  iitdicalc  lliat  the  ductile  phase 
loughcning  can  be  an  effective  tool  in  improving 
ilic  liiiciure  toughness  of  briiile  man  ices  |.^.  4 1. 


The  major  difnculty  in  using  ductile  reinforce¬ 
ments,  especially  pure  refractory  metals,  is  that 
(hey  tend  to  react  with  the  matrix  at  high  temper¬ 
atures,  leading  to  the  formation  of  brittle  inter¬ 
facial  products.  For  example,  when  Nb-MoSi; 
composiies  were  annealed  at  high  temperatures. 
(Mo,  Nb)5Si,,  among  other  compounds,  formed  at 
tlie  reinforcement -matrix  interface  at  a  relatively 
rapid  rate  (I,  S|.  The  formation  of  the  interfacial 
compounds  al  ihe  expense  of  ilie  ductile  rein¬ 
forcement  not  only  degrades  the  ductile  phase 
toughening  effect  but  al.so  can  cause  a  notch 
effect  on  the  ductile  phase  ns  ihe  compound 
grows  thicker  (6).  Therefore  the  use  of  an  inert 
diffusion  barrier  coating  on  the  reinforcements 
prior  to  processing  of  the  composiies  is  e.ssenlial 
for  minimizing  the  malrix-reinforcentenl  interac¬ 
tions  during  pr(Kc.ssing  and  service  al  elevated 
temperatures. 

In  this  study,  the  effect  of  various  oxide  coal¬ 
ings  on  the  dccoltesion  lengili  at  the  rcinforce- 
menl-matrix  interface  and  c(*nse<|ucnlly  the  frac¬ 
ture  toughness  of  the  com|>osiics  were  investi¬ 
gated.  It  will  be  shown  not  only  that  the  coatings 
have  a  significant  effect  on  ilie  biiclurc  louglmess 
of  the  composites  but  also  iliat  the  magnitude  trf 
the  elfecl  cliatiges  according  to  the  rcinforcemcm 
gemnciry.  |■ullhcrmotc.  the  crack  propagaiirm 


and  crack -rcinforccmem  interactions  at  various 
stages  oi  loading  were  explored  to  understand  the 
role  of  ductile  reinforcements  which  have  an  elas¬ 
tic  modulus  lower  than  that  of  the  matrix  in  deter¬ 
mining  the  fracture  toughness  of  the  composites. 

2.  E.\pcrinicntal  details 

The  chemical  compatibility  of  various  oxide 
coating  materials  (AUO^,  ZrOi  and  mullite)  with 
MoSi;  was  investigated  by  compositional  and 
microstructural  analysis  of  vacuum  hot-pre.ssed 
MoSi>  samples  containing  the  oxide  powders. 
The  hot  pressing  was  carried  out  1700*C  for  30 
min  under  40  MPa  pressure. 

Laminated  composites  containing  uncoated 
and  coated  niobium  foils  were  produced  by 
vacuum  hot  pressing.  Details  of  coating  niobium 
foils  with  AKOj  or  Zr02  via  the  sol-gel  route  can 
be  found  elsewhere  [S].  In  order  to  fabricate  the 
laminated  composites,  niobium  foils  0.25  mm 
thick  and  -325  mesh  MoSij  powder  were 
stacked  to  produce  20  vol.7o  of  niobium  foils  in 
the  final  composite.  The  thickness  of  each  MoSi2 
layer  was  kept  constant  by  using  the  same  amount 
of  MoSi;  powder  between  the  layers.  These 
stacked  samples  were  vacuum  hot  pressed  at 
1 700  *C  for  40  min  under  a  pressure  of  40  MPa. 
Similarly,  fibrous  aligned  composites  containing 
coated  and  uncoated  niobium  filaments  (0.127 
and  1.0  mm  in  diameter)  were  also  fabricated. 
Compositional  analysis  was  performed  using  a 
JEOL  JXA  733  microprobe  and  pure  molybde¬ 
num,  silicon,  nickel,  aluminum  and  zirconium  as 
standards:  the  oxygen  content  was  determined  as 
the  balance. 


The  fractiire  toughnes>  ol  ilic  comjiONiic.s  ua.s 
determined  by  a  four-point  bending  test  on 
chevron-notched  specimetis  using  a  hytlrc)-servo- 
controlled  MTS  machine  at  a  etos.s-head  speed  of 
4x  io*‘‘  mm  s'*.  The  dimensions  of  the  speci¬ 
men  were  3.SI  mm  x  5.08  mnix2.‘>.4  mm;  the 
chevron  notch  on  the  laminated  com|>osites  was 
cut  perpendicular  to  the  foil  plane  u.sing  a  dia¬ 
mond  wafering  saw.  The  crtick  propagation  pro¬ 
cess  in  the  chevron-notched  sample  during  the 
four-point  bending  test  was  investigated  by 
unloading  the  samples  at  various  loads.  The 
unloaded  samples  were  .sectioned  and  investi¬ 
gated  for  crack  geometrv'. 

3.  Results  and  discussion 

3. 1.  Chemical  compatibility  between  MoSi;  and 
coaling  materials 

The  chemical  compatibility  of  the  coating 
materials  (ALOt.  ZrO^  and  mullite)  with  an 
MoSL  matrix  was  assessed  e.vperimentally  via 
microstructural  and  compositional  analyses  of 
the  samples  after  hot  pressing  powder  mixtures  of 
commercial  MoSi-  and  the  coating  materials. 
Figure  1  shows  the  microstructural  and  the  cor¬ 
responding  elemental  compositional  profiles  near 
the  AUOj-MoSi;  interface  of  a  sample  annealed 
at  1600  "C  for  100  h  after  hot  pre.ssingat  1700°C 
for  40  min.  The  compositional  profiles  show  two 
very  distinctive  types  of  interface:  a  relatively 
sharp  interface  with  a  thickness  less  than  the  dis¬ 
tance  between  two  consecutive  scanning  points  of 
the  electron  microprobe  (2  ,«m).  and  a  relatively 
diffu.se  interface  about  7  //m  thick.  Also,  the  dif¬ 
fuse  interface  layer  is  rich  in  silicon,  aluminum 


aiul  oxygen,  with  little  or  no  molybdenum.  When 
the  annealing  temperature  was  varied  from  1400 
to  1 600  "C,  the  general  appearance  of  both  inter¬ 
faces  and  their  thickne.s.se.s  remained  almost  the 
same.  In  a  related  study,  microstructural  analysis 
of  vacuum  hot-pre.s.sed  MoSi2  sample.s,  fabricated 
from  the  commercial  MoSi^  powders,  revealed 
the  pre.sence  of  small  .second-phase  particles  dis¬ 
tributed  randomly  thoughout  the  matrix,  as 
shown  in  Fig.  2.  Transmission  electron  micros¬ 
copy  analysis  indicated  that  these  particles  were 
amorphous  SiOj  [7].  Consequently,  it  is  believed 
that  the  interaction  layer  at  the  dif^se  interface  is 
due  to  a  reaction  between  AKOj  and  SiO^  impur¬ 
ity  particles.  This  suggests  that  MoSi^  and  AKO, 
may  be  chemically  compatible  within  the  temper¬ 
ature  range  considered  ( 1 400- 1 600  “C). 


Fig.  2.  Opiical  micrograph  of  MoSi;  produced  by  the  hot 
prcitsing  of  commercial  powderii. 


Compositional  analysis  of  MoSi.-ZrO,  and 
MoSi^-mullite  fiber*  composites  indicated  a  very 
.sharp  particle-matrix  interface,  with  no  apparent 
interaction  zone.  This  is  illustrated  by  the  compo¬ 
sitional  profile  and  the  corresponding  micro- 
structure  of  an  MoSii-mullite  composite  (Fig.  3). 
Similar  to  MoSi^-AI^O,,  the  interface  remained 
.sharp  with  no  appreciable  increase  in  its  thick¬ 
ness  upon  annealing. 

.?.  2.  Ejfecti  venexs  of  the  inert  coatings  as  a 
dijfusion  barrier 

In  addition  to  the  chemical  compatibility  of  a 
coating  with  the  matrix  and  the  reinforcement,  it 
mu.st  act  as  a  diffusion  barrier  for  the  elemental 
constituents  of  the  composite.  In  order  to  evalu¬ 
ate  the  effectiveness  of  the  various  oxide  coatings 
as  diffusion  barriers,  niobium  filaments  coated 
with  ZrO,  and  A1,0,  were  mi.\ed  with  MoSij 
powder  and  hot  pressed  at  1 700  "C  for  40  min. 
ZrOj-coated  niobium  filaments  (Fig.  4)  exhibited 
a  limited  interaction  layer  on  the  niobium  side  of 
the  coating,  but  not  on  the  MoSi;  side.  The  thick¬ 
ness  of  the  interaction  layer  was  around  4  //m. 
which  is  considerably  less  than  that  observed  for 
the  uncoated  filament-matrix  interface  produced 
under  similar  hot-pre.ssing  conditions.  For  the  lat¬ 
ter,  the  layer  thickne.ss  was  30  /<m.  In  addition, 
compositional  analysis  indicated  that  the  reaction 
product  at  the  Nb-ZrO;  interface  was  Nb^Si-, 


•The  mullile  fibers  were  prodiiccit  by  M.  D.  Sucks  ci  iil.  at 
ihe  University  of  Florida. 
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Fig.  4.  I'he  microstructure  and  the  corresponding  compositional  profiles  across  a  (ZrO;-coated  Nbi-Mo.Si.  interface. 
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compared  with  (MoNbjsSi,  which  formed  at  the 
uncoated  Nb-MoSi;  interface. 

The  growth  of  the  interaction  layer  (Nb5Sij)  at 
1300*C  was  measured  after  annealing  the  sam¬ 
ples  for  25  and  100  h.  As  shown  in  Fig.  5,  the 
layer  thickness  was  increased  to  6  /rm  after 
annealing  for  100  h  and  followed  a  parabolic 
function  of  the  annealing  time.  The  results  indi¬ 
cated  that  the  growth  rate  of  the  NbsSi,  at  the 
Nb-ZrOi  interface  is  controlled  by  the  diffusion 
of  silicon  through  the  Nb^Si,  rather  than  through 
the  ZrO,  coating. 

A  similar  interfacial  interaction  was  observed 
upon  coating  niobium  with  AUO,.  as  shown  in 
Fig.  6.  The  thickness  of  the  interaction  layer 
formed  on  the  niobium  side  of  the  Nb-Al203 
interface  was  measured  to  be  around  5  /im  after 
hot  pressing  and  the  layer  was  again  determined 
to  be  NbsSij.  These  results  indicate  that,  even 
though  ZrOz  and  AhO,  are  chemically  compat¬ 
ible  with  niobium  and  MoSii,  the  coatings  are  not 
perfect  barriers  for  silicon  diffusion.  Neverthe- 
les.s,  the  coatings  are  effective  in  retarding  the 
niobium  and  molybdenum  diffusions  and  hence 
substantially  reduce  the  growth  rate  of  the  reac¬ 
tion  layers. 

An  order-of-magnilude  calculation  of  silicon 
diffusivity  through  ZrO,  and  AliOi  made  from 
the  growth  rate  of  the  interaction  layers  indicates 
that  the  apparent  silicon  iliffusivity  must  be  larger 
than  1.0  X  10  '  cm’ s  '  in  ZrO,  at  1.^00°C  and 
larger  than  2.0  x  10  cm’  s  '  in  A1,0,  at 
I400°C.  riiese  values  arc  considerably  higher 


Fig.  5.  The  thicknev'-  of  the  inieraclion  product  in  an 
MoSi,-(ZrO;-coaicd  Nli)  compoMte  .ts  u  function  of  the 
sgunre  root  of  the  annealing  time 


than  the  bulk  diffusivities  of  silicon  in  these  cer¬ 
amic  materials  [8].  It  is  po.ssible  that  silicon  diffu¬ 
sion  in  the  coatings  was  enhanced  along  the  grain 
boundaries,  or  processing  ilcfects  such  as  pin¬ 
holes  generated  during  the  sol-gel  coating  pro¬ 
cess. 

3.3.  Fracture  loti^hness  oj diu  li/c-pha.sc- 
reinforced  composite.^ 

The  fracture  toughness  of  the  brittle  matrix 
composite  was  calculaictl  lioni  the  peak  load  of 
the  lotiil-displacetneni  mives  of  chevron- 
notched  samples  lesicil  in  lotii -point  beiiditig. 
Typic;il  lo;Kl-ihs|slaeemeni  em\es  (or  an  tinrein- 
forcerl  malii.N  and  .111  nneo.iied  composite  lem- 
forcet.1  with  2(1  vol"..  N'b  loil  ,iic  shown  in  I'lg.  7 
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Kig.  7.  Typical  load-displacemeni  curves  of  chcvron- 
noichcd  monolithic  MoSi;  matrix  and  uncoatcd  niobium- 
foil-rcinforceJ  composite  specimens.  The  letters  on  the 
composite  curve  indicate  the  approximate  unloading  load 
levels  for  the  microstructures  shown  in  Fig.  K. 

A.s  ciin  lie  .seen,  the  peak  load  of  the  composite 
specimen  is  more  than  three  times  higher  than 
that  of  the  matrix.  The  fracture  toughne.ss  calcu¬ 
lated  using  a  model  derived  by  Munz  ei  «/.  19| 
indicated  that  the  fracture  toughness  of  the 
comptisite  was  around  15  MPa  m'^-  compared 
with  .1.3  MPa  m'^*  for  monolithic  MoSii.  Also  the 
work  of  fracture  of  the  composite  specimen  has 
increased  significantly  over  that  of  the  matrix. 

In  order  tt)  investigate  the  crtiek  propagation  in 
the  matrix,  the  chevron-notched  composite  speci¬ 
mens  were  unloaded  at  five  different  load  levels. 


indicated  by  points  a-e  in  Fig.  7.  The  unloaded 
specimens  were  sectioned  parallel  to  the  crack 
propagation  but  perpendicular  to  the  direction  of 
the  foil  alignment  and  then  examined  for  the 
extent  of  crack  propagation.  Figures  8(a)-(e) 
show  the  nature  of  crack  propagation  in  the  .sam¬ 
ples  at  the  corresponding  load  levels  indicated  in 
Fig.  7.  For  the  sample  loaded  up  to  1 5  Ibf  (point  a 
in  Fig.  7)  which  is  approximately  1 0%  of  the  peak 
load  of  the  composite,  a  crack  was  observed  at 
the  tip  of  the  chevron  notch,  which  had  propa¬ 
gated  in  a  stable  manner  as  shown  in  Fig.  8(a). 
When  the  load  was  increased  to  35  Ibf  (point  b  in 
Fig.  7),  which  is  about  of  the  peak  load,  the 
result  Indicated  that  the  crack  had  already  propa¬ 
gated  throughout  the  entire  thickne.ss  of  the 
matrix. 

The  extensive  cracking  of  the  matrix  at  a  load 
level  considerably  below  the  peak  load  of  the 
composite  may  be  explameil  using  the  prineiple 
of  .strain  compatibility  in  composite  materials. 
During  the  initial  loading  and  prior  to  cracking  of 
the  matrix,  most  of  the  applied  load  is  carried  by 
the  matrix  because  the  elastic  mirdulus  of  MoSi, 
matrix  (380  GPa)  is  much  higher  than  that  of 
niobium  foils  ( 105  GPa|.  For  the  niobium  foils  to 
carry  the  .same  stress  as  the  matrix,  they  need  to 
be  elongated  three  time^  more  than  the  matrix 
(assuming  no  constrained  deformation ).  On  the 
basis  of  the  strain  compalibilily  crilciia.  this  is 
cletuly  impossible  unless  the  matrix  Iracturcs. 


Fig.  9.  Crack  propagaiion  in  a  duciile-phase-reinforccd  brii- 
ile  matrix  composite.  The  reinforcements  located  farther 
behind  the  crack  tip  are  strained  much  more  to  carry  the 
applied  stress. 

Therefore  the  reinforcement  with  a  lower  elastic 
modulus  will  carry  a  minor  part  of  the  load  until  a 
matrix  crack  has  opened  appreciably  to  allow  the 
reinforcement  to  strain.  This  is  schematically 
shown  in  Fig.  9,  where  the  reinforcements  which 
are  farther  behind  the  crack  tip  are  strained  much 
more  than  those  closer  to  the  tip  or  ahead  of  the 
crack.  Obviously,  the  required  level  of  the  crack 
opening  for  the  additional  straining  of  the  rein¬ 
forcement  will  depend  on  the  length  of  debonded 
section  of  the  reinforcement;  the  larger  the 
debonding  length,  the  larger  is  the  reinforce¬ 
ment  .section  which  is,  being  strained,  and  the 
larger  is  the  required  crack  opening.  Moreover, 
the  latter  will  also  depend  on  the  relative  values 
of  the  elastic  moduli  of  the  matrix  and  the  re¬ 
inforcement.  The  thick  (0.25  mm)  niobium  foils 
and  the  large  distance  between  the  foils  (about 
800  fxm)  may  also  have  contributed  to  the  prema¬ 
ture  failure  of  the  matrix.  It  is  clear  that  the  value 
calculated  from  the  peak  load  (point  d  in  Fig.  7) 
may  be  interpreted  as  an  indicator  of  the  damage 
tolerance  of  the  composite. 

.?.4.  Iiiteraciion  of  cracks  with  uncoaied  niobium 
reinforcements 

Closer  examination  of  Fig.  8  reveals  interest¬ 
ing  aspects  of  the  interaction  between  cracks  and 
niobium  foils  in  the  composites  reinforced  by  the 
uncoated  niobium  foils.  A;  the  early  stages  of 
loading,  there  is  only  one  primary  crack  propa¬ 
gating  in  the  matrix.  This  primary  crack  propa¬ 
gates  through  the  matrix  in  a  stepwise  manner, 
instetid  of  propagaiion  on  one  crack  plane 
(I'ig.  S(li)).  The  stepwise  crack  propagation  in  the 
matrix  may  be  explainetl  through  geometrical 


effects  of  the  niobium  reinforcement  foils.  In 
the.se  laminated  composites,  as  a  crack  ends  on 
one  side  of  the  niobium  hrils.  it  needs  to  renucle¬ 
ate  on  the  other  side,  making  the  crack  propaga¬ 
tion  discontinuous  in  nature.  Let  us  consider, 
r  ioreover,  the  crack  nucleation  mechanism: 
because  of  a  statistical  distribution  of  crack 
nucleation  sites  on  the  other  side  of  the  foil,  it  is 
not  necessary  that  the  renucleation  be  coplanar 
with  the  original  crack.  In  fact,  it  may  be  expected 
that  the  renucleated  crack  will  most  probably  not 
be  coplanar  with  the  original  crack.  The  net  result 
is  the  observed  stepwise  crack  propagation. 

As  the  load  level  is  increased,  the  niobium  foils 
at  the  opening  of  the  primary  crack  become 
stretched  and  secondary  cracks  start  to  nucleate 
as  shown  in  Fig.  8(c).  On  further  increase  in  load, 
additional  secondary  cracks  continue  to  form  and 
propagate  throughout  the  matrix,  creating  a 
region  at  the  interface  which  may  be  termed  Tvir- 
tual  debonding”  as  shown  in  Fig.  8(e).  In  this 
area,  the  matrix-imposed  constraints  are  relaxed 
and  the  foil  can  deform  freely  in  a  unidirectional 
tensile  stress  state  until  it  fails  in  a  ductile  manner. 

When  the  geometry'  of  the  niobium  reinforce¬ 
ments  is  changed  from  foils  to  filaments,  the 
crack  propagation  in  the  ntatrix  is  also  expected 
to  change.  For  filament-reinforced  composites, 
the  crack  can  propagate  continuously  throughout 
the  matrix  without  the  need  for  renucleation. 
Therefore  the  crack  will  propagate  on  the  plane 
of  the  maximum  stress  intensity  and  the  secondary 
cracks  are  not  expected  to  form.  Figure  10  shows 
the  fracture  surface  of  an  uncoated  niobium- 
filament-reinforced  compi>site.  As  seen  in  the 
figure,  there  is  no  appreciable  debonding  at  the 
reinforcement -matrix  interface  and  the  filaments 
have  failed  in  a  brittle  cletivage  manner.  The  brit¬ 
tle  fracture  of  the  filaments  is  believed  to  occur 
oecau.se  of  the  lack  of  dccohesion  at  the  rein¬ 
forcement-matrix  interface  due  to  strong  bond¬ 
ing  and  because  of  the  absence  of  the  virtual 
decohesion  by  .secondary  cracks  as  in  the  lami¬ 
nated  composites.  As  a  result,  the  filaments  are 
constrained  by  the  mturix  and.  'inder  a  triaxial 
state  of  stress,  lead  to  a  brittle  Iractiiie  of  the  fila¬ 
ments. 

3.5.  Hffcct  of  coating  oti  the  i  nu  k-n’iitjoirenicni 
interaciion 

When  niobtum  foils  wcic  coated  with  .Aid),, 
the  cracks  in  the  lamin;iicd  composites  pio 
pagated  in  a  manner  similai  to  the  uneoated 
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I'ij:.  I  I.  The  cr;ick  propiieaium  in  a  ZrOj-coalcd  niohuini-loil-remlnrccd  MoSi.  cnmpoMti:.  The  nud'iimi  iniU  iaile«l  in  a  hinile 


niobium-loil-reinforced  composite:  ,  stepwise 
propiignlion  of  the  primary  crack,  extensive  sec¬ 
ondary  cracking  and  ductile  failure  of  niobium 
foils.  Htiwcvei,  when  niobium  ft>ils  were  coaled 
with  ZiO,.  cracks  propagaletl  in  a  different 
mode,  as  shown  in  Fig.  I  I.  In  this  composite, 
there  was  no  extensive  secondary  cracking  and 
niobium  foils  faileil  m  a  brittle  manner,  even 
though  the  primary  crack  propagated  in  the.step- 
wi.se  manner.  The  brittle  frtteture  ol  niobium  foil 
may  be  rlue  to  several  factors  >uch  as  embiillle- 
ment  of  the  niobium  toils,  the  notch  ellect  Irom 
the  thick  coating  aiul  the  teaction  layer,  and/or 
icsulual  stiesses  build  up  oving  to  the  inis- 
nialclics  III  ths'iinal  espaiision  coefricients.  The 
iiic.isiiicmcnt  ol  tlic  \  ickeis  microharilne^  of 
ihf  iiiohnim  toils  in  the  composites  indicated  that 
ilic  \'ickcis  mil  lohauliicss  of  the  Zi( >. -coaled 
iiiohnmi  toils  uas  mcic.iscd  5iiehllv  MV^ 

o\  II  ill,  It  ol  I  111-  mu  I  i.iiid  mohiiiin  toils  i  I  d.'s  1 1\‘  ^ 


and  the  Al;0, -coaled  foils  I  U>4  HV‘.  l  itis  hard¬ 
ness  increase  is  Itelieved  to  lie  due  to  :i  slight 
increa.se  in  the  oxygen  concentration  in  the  nio¬ 
bium  foiks.  At  present,  the  most  probable  cjiusc  tor 
the  observed  fracture  behavior  ap|H*ars  to  be 
related  to  the  high  degree  of  con.\traini  im|>oscd 
by  the  strong  inierftice.  However,  lurthei  stiiilics 
will  Ivc  continued  to  inve.sligate  the  e.sael  cause  of 

the  brittle  fracture  of  ZrO;-eoaied  Nb  loils. 

Table  I  summarizes  the  etieet  ol  the 
crack-reinforcement  inieraeiion  rm  the  vlamage 
lolertince  of  the  composites  I  hese  values  may  be 
compared  with  the  fracture  toughness  ot  the 
monolithic  matrix  (alvoul  .•  Nll’a  ni'  As 
expected,  the  tiamage  loleiancc  ol  the  composites 
m  which  niobium  foils  tailed  m  .1  ductile  m.mnei 
IS  hii’hei  than  that  ol  the  compoNiti-s  unh  .1  ImiiiIc 
mol>ium  lailuie  <  )n  the  conli.iiv.  wlu  n  ilu  1110 
I'liim  leinlorcemeiils  laded  in  .1 1'lUile  m.imii  1  ihe 
dam.ii’i-  loleianci’  uilli  luuo.iud  moluiim  Id.i 
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ment  composite  was  higher  than  the  ZrO^-coated 
niobium-foil-reinforced  composite,  which  may 
again  be  related  to  the  character  of  the  interface 
bond. 


4.  Summary  and  conclusions 

The  main  effort  in  this  study  was  focused  on 
the  control  of  the  reinforcement-matrix  interface 
interactions  as  well  as  the  interface  mechanical 
properties  in  Nb-MoSij  composites.  The  ap¬ 
proach  was  to  coat  the  niobium  reinforcements 
with  inert  diffusion  barriers.  A  chemical  compati¬ 
bility  study  of  MoSij  with  AUO,  as  a  potential 
coating  material  showed  that  they  are  chemically 
compatible  in  the  absence  of  SiO;  impurity  parti¬ 
cles.  The  presence  of  SiO.  was  found  to  cau.se 
extensive  reaction  between  the  second  phase  (SiO.) 
and  AI.Ov  ZrO.  and  mullite  were  also  found  to 
be  chemically  compatible  with  MoSi.. 

When  AI.O,  and  ZrO.  coatings  were  applied 
on  niobium  prior  to  incorporation  in  MoSi,.  they 
were  effective  in  eliminating  niobium  and 
molybdenum  diffusion,  and  retarding  the  interac¬ 
tion  between  niobium  and  MoSi.. 

Investigation  on  the  crack  propagation  in  the 
niobium-reinforced  MoSi,  composite  indicated 
that  the  matrix  cracked  at  a  it»ad  level  considerably 
below  the  peak  load  of  the  load-displacement 
curve.  This  early  crack  propagation  through  the 
matrix  is  believed  to  be  due  to  low  elastic  modu¬ 
lus  of  the  niobium  reinforcement  compared  with 
that  of  the  matrix  and  the  strain  compatibility 
ic(.|uirement.s  in  the  composite.  Thus  it  was  sug¬ 
gested  that  the  fiactiire  toughness  of  the  compos¬ 
ite  ilelermined  from  the  peak  Urail  of  the 
loin -point  bentling  lest  shouki  be  iniei  preled  as 


an  inilicator  of  the  dtimage  tolerance  of  the  com¬ 
posite. 

Composites  containing  I'lieoiiteil  ;ind  AI.O-,- 
coated  niobium  foils  showed  an  improved 
damage  tolerance,  with  around  14-15  MPa 
m''-.  On  the  contrary,  the  composites  reinforced 
by  ZrO, -coated  niobium  foils  showed  a  lower 
damage  tolerance  (8.6  .MPa  m'  -)  with  a  brittle 
cleavage  fracture  of  the  foils. 

The  geometry  of  the  reinforcements  was  also 
found  to  affect  the  crack  propagation  in  the 
matrix.  In  the  laminated  composites,  the  crack 
propagation  was  discontinuous,  leading  to  a  step¬ 
wise  crack  propagation  of  a  primary  crack  and 
nucleation  of  secondary  cracks.  On  the  contrary, 
the  crack  in  a  fibrous  composite  propagated  con¬ 
tinuously  on  one  plane,  and  the  filaments  failed  in 
a  brittle  cleavage  manner. 
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ABSTRACT 

Substantial  toughening  of  intermetallics  and 
ceramics  by  ductile  reinforcements  has  been 
established.  To  evaluate  the  toughening  by  ductile 
reinforcements,  it  is  necessary  to  know  the  stress- 
displacement  curve  of  the  ductile  phase  constrained 
by  the  brittle  matrix.  In  the  present  study,  tensile 
tests  involving  the  specimen  with  a  ductile 
reinforcement  imbedded  in  the  notched  brittle 
matrix  have  been  used.  Effects  of  experimental 
variables,  notch  geometry  in  the  vicinity  of  the 
ductile  phase,  depth  of  the  notches  and  size  of 
ductile  reinforcement,  on  the  measured  stress- 
displacement  curves  have  been  evaluated.  The 
experimental  results  showed  that  these  variables 
played  important  roles  in  the  stress-displacement 
curves.  The  results  are  analyzed  using  theory  of 
notch  stresses  and  finite  element  method.  A 
formula  to  estimate  these  effects  of  the  variables 
has  been  pul  forward. 

I.  INTRODUCTION 

It  has  been  established  that  substantial  toughening 
of  brittle  matrices  can  be  achieved  by  incorporating 
ductile  reinforcements  |1-9|.  The  primary 


mechanism  responsible  for  the  enhanced 
toughness  has  been  attributed  to  be  bridging  by 
intact  ligaments  of  the  ductile  phase  behind  the 
advancing  crack  lip  (10-14).  The  physical 
mechanism  of  toughening  by  intact  ligaments  of 
the  ductile  phase  is  straightforward.  If  ductile 
ligaments  span  the  advancing  crack,  they  must 
stretch  as  the  crack  opens  until  they  fracture  or 
decohere.  The  work  of  stretching  contributes  to  the 
toughness  of  the  composite  and  the  increased 
fracture  toughness  of  the  composite  can  be  obtained 
directly  from  the  )-integral  around  the  traction  zone 
as  [11,12] 

AG  -  V,|'  o(u)du  .  (1) 

where  u  is  the  crack  opening,  o(u)  the  nominal 
stress  on  the  ligament,  u*  the  crack  opening  at  the 
end  of  the  traction  zone  and  Vr  is  the  area  fraction 
of  reinforcements  on  the  crack  plane.  Once  o(u)  as  a 
function  of  crack  opening  is  known,  the  inaease  in 
toughness  of  the  composite  can  be  evaiuated 
through  eq.  (1). 

Recognizing  that  o(u)  is  different  from  that 
measured  in  a  simple  tensile  test,  several 
investigators  115-17)  have  used  a  lest  procedure  to 
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Fig.  1  (a)  Schematic  of  a  oompodte  laminate  test  specimen; 
(b)  Schematic  of  a  composite  cylinder  test  specimen. 

evaluate  o(u).  The  test  procedure  is  based  on  the 
concept  that  the  stress-displacement  relationship 
obtained  from  one  ductile  reinforcement  imbedded 
in  a  brittle  matrix  can  be  used  to  describe  the 
mechanical  characteristics  of  the  reinforcements  in 
the  composites.  The  basic  test  specimen  consists  of 
one  ductile  filament  or  foil  imbedded  in  a 
precracked  brittle  matrix,  as  shown  in  Rg.  1,  and  a 
tensile  test  is  conducted  to  evaluate  the  o(u). 
Clearly,  in  order  to  accurately  simulate  constrained 
condition  of  the  reinforcements  in  the  matrix,  it  is 
necessary  to  be  aware  of  effects  of  experimental 
variables,  such  as  depth  of  the  notch  and  geometry 
of  the  notch  tip,  on  the  measured  stress- 


displacement  relation.  In  the  present  study,  etfects 
of  these  two  variables  are  evaluated  and 
appropriate  combination  of  these  two  variables 
with  size  of  ductile  reinforcement  is  also  evaluated. 
The  experimental  results  are  analyzed  using  theory 
of  notch  stresses  and  finite  element  method.  A 
formula  to  estimate  the  effects  of  the  variables  is 
established  and  will  provide  guideline  for  the 
future  design  of  proper  test  specimens  to  obtain  the 
intrinsic  properties  of  the  reinforcements. 

II.  EXPERIMENTAL 

2.1  THE  TEST  SPECIMEN  -  The  test  specimens  used 
in  this  study  were  laminated  composites  with  pure 
Nb  foil  sandwiched  between  MoSi2  matrices,  as 
shown  in  Rg.  1(a).  The  specimens  were  prepared  by 
staddng  a  Nb  f^l  with  two  layers  of  M^i2  powder 
of  -325  mesh  at  an  appropriate  ratio,  and  then 
vacuum  hot  pressing  at  1400^  for  1  hour  under  a 
pressure  of  40  MPa  to  get  the  composite  discs.  Three 
different  thicknesses  of  Nb  foils  (  0.25,  05  and  1.0 
mm)  were  used  to  prepare  the  composite  discs.  The 
discs  were  then  cut  into  rectangular  tensile  test  bars 
with  dimensions  of  5.0x3.8x30.0  mm.  In  order  to 
obtain  the  relation  between  crack  propagation  and 
stresses,  surfaces  of  the  tensile  test  bars 
perpendicular  to  the  plane  of  the  Nb  foil  were 
polished  before  notching.  The  notches  in  the  MoSi2 
matrix  were  introduced  using  diamond  wafering 
blades.  The  variation  in  radius  of  the  notch  tip  was 
obtained  by  using  different  sizes  of  diamond 
wafering  blades.  Three  different  radii  of  notch  tips 
used  in  the  present  study  were  0.075, 0.165  and  0.270 
mm.  Fig.  2  shows  typical  precracks  in  a  test 
specimen  and  a  close-up  image  of  one  of  the  notch 
tips  with  a  radius  of  0.075  mm.  The  notches  on  the 
both  sides  were  symmetrical  with  respect  to  the 
central  Nb  foil.  Depth  of  the  notches  was  measured 
in  terms  of  the  width  of  the  narrowest  cross  section, 
2a,  as  shown  in  Fig.  1(a).  The  reason  for  that  will 
become  obvious  in  Section  3. 

2.2  TEST  PROCEDURE  -  Displacement  controlled 
tensile  tests  were  conducted  with  INSTRON. 
Wedge-type  grips  were  used  to  clamp  the  specimens 
and  load  train  alignment  was  achieved  by  coupling 
the  top  grip  to  a  universal  joint.  Strictly  speaking,  to 
simulate  the  interaction  between  ductile 
reinforcements  and  cracks,  very  sharp  precracks 
should  be  introduced  in  the  matrix.  However,  this 
is  difficult  to  do  or  very  tedious  procedure  has  to  be 
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Fig.  2  (a)  A  general  view  of  precracks  in  a  composite 
laminate  test  specimen  with  a  0.5  mm  thick  Nb  lamina  and 
0.075  mm  notch  tip  radius;  (b)  A  close-up  image  of  one  of 
the  notch  tips  in  (a). 

taken,  such  as  initiating  cracks  by  fatigue  or  by 
introducing  a  chevron  form  of  notch.  In  the  present 
study,  a  very  slow  displacement  speed,  0.005 
in/min,  was  used  to  alleviate  this  conflict.  With 
such  low  speed,  it  was  easy  to  unload  the  specimens 
at  the  load  level  desired  for  examining  the 
specimens  with  SEM  to  identify  the  critical  stress 
for  initiating  a  crack  at  the  notch  tip  and  to  observe 
sharpness  of  cracks  and  crack  p.opagation. 

For'  comparison,  the  critical  stress  for 
initiating  a  crack  at  the  notch  tip  was  also  detected 
by  conducting  tensile  tests  on  some  notched 
monolithic  MoSi2  specimens. 

III.  RESULTS  AND  DISCUSSION 

3.1  STRESS  DISTRIBUTION  IN  A  MONOLITHIC 
MATERIAL  SPECIMEN  -  Because  of  geometry  of 
tlie  specimens  in  the  present  study,  stress 
distribution  in  the  specimens  consisting  of  a 


monolithic  material  can  be  approximately  treated  as 
a  problem  of  a  flat  bar  with  a  deep  notch  on  each 
side.  H.  Neuber  (181  has  already  derived  a  formula 
to  calculate  stress  distribution  over  the  narrowest 
cross  section  of  such  specimen  under  a  tensile 
loading  (Fig.3L  The  stress  distribution  in  question  is 
only  a  function  of  a/p  and  not  affected  by  depth  of 
the  notch,  w  (Fig.l)  The  formula  proposed  is 


Ov  =  coshv  cosu  {2  + - - ) 


where  A  and  h  are  defined  as 


(2) 


A-  F  sinup 

2ad  Uq  sinuo  cosuo  ^  ' 

h  ^  =  sinh  *v  +  cos^  .  (4) 

Meanings  of  the  symbols  used  in  eqs.  (2)-(4)  are  as 
follows.  V  and  u  are  elliptical  coordinates  and  the 
relations  between  elliptical  coordinates  and 
Cartesian  coordinates  are 


y  s  sinhv  cosu 
X  =  coshv  sinu 


Ov  is  stress  in  v  direction  at  any  position  in  the 
plane  of  the  narrowest  cross  section,  F  the  tensile 
loading,  F/2ad  the  nominal  stress  in  y  direction 
over  the  narrowest  cross  section,  Uq  a  constant 
which  defines  contour  of  the  notches  with  a 
formula  of  u  =  u©  (a  hyperbola  contour).  The  reason 
the  contour  of  the  notches  was  assumed  as  a 
hyperbola  in  the  derivation  of  eq.  (2)  was  because 
curvature  of  the  notch  tip  had  much  more 
considerable  effect  on  the  stress  distribution  than 
the  additional  contour  of  the  notch  and  the 
assumption  of  a  hyperbola  contour  permitted  the 
simplest  possible  calculation.  Due  to  such  an 
assumption,  the  contour  of  the  notch  is  related  to 
the  width  of  the  narrowest  cross  section  and 
curvature  of  the  notch  tip  with  a  formula  of 
\)0=arc  cos(l/V(a/p+l)).  The  stress  component,  Oy, 
over  the  narrowest  cross  section  can  be  obtained 
from  eq.  (2)  when  setting  v=0. 

The  tensile  tests  on  the  notched  monolithic 
MoSi2  specimens  showed  that  the  nominal  stress 
over  the  narrowest  cross  .section  for  initiating  cracks 

at  the  notch  tips,  Oi-^cKnom)  was  66  2  ±13  6  MPa  for 
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Hg.  3  Stress  distiibatioa  over  the  luiTOwest  crott  section 
and  the  coire^Kxiding  contour  of  the  noidies  in  a 
notched  bar  consisdng  of  a  monofidiie  tloSii 

specimens  with  a  width  of  2.0  nun  at  die  narrowest 
cross  section  and  a  notch  tip  radius  of  0.075  nun. 

Inserting  the  Ocrack(noin)  measured  and  the 
specimen's  dimensioxis  into  eq.  (2)  and  setting  v  •  0, 
it  was  found  that  the  stress  at  the  notdi  tip  at  the 

point  of  crack  initiation,  <rcrack(inax)«  was  310.4  ±  60.6 
MPa,  as  shown  in  Fig.  3.  It  is  noteworthy  that 

Ocrack(max)  calculated  in  the  present  study  is  very 
close  to  the  flexural  strength  (319MPa)  of 
monolithic  MoSi2  measured  using  four*point  bend 
tests  in  a  related  study  [19].  The  physical  meanings 
of  these  two  quantities  are  the  same,  Le.,  both  of 
them  are  the  maximum  tensile  stress  the  MoSi2  can 
sustains  before  a  crack  is  initiated.  The  results 
suggest  that  with  a  proper  design  of  the  liotched 
specimen,  tensile  strength  of  brittle  materials  can  be 
evaluated  with  such  precracked  specimen 
geometry. 

3.2  STRESS  ANALYSIS  OF  THE  SANDWICHED 
SPECIMEN  '  In  the  case  of  sandwidied  specimens, 
eq.  (2)  can  still  be  utilized  provided  some 
assumptions  are  made.  It  is  noted  that  there  is  a 
deformation  continuity  across  the 
matrix/reinforcement  interface  before  the 
debonding  at  the  interface  occurs.  Therefore,  it  is 
assumed  that  the  stress  Oy  in  the  Nb  side  at  the 


interface  is  3.6  times  less  than  that  in  the  MoSia  side 
during  the  elastic  stage  because  the  elastic  modulus 
of  MoSi2  (379GPa)  is  3.6  times  larger  than  that  of  Nb 
(lOSGPa).  It  is  also  assumed  that  the  stress 
distribution  described  by  eq.  (2)  is  still  valid  even 
inside  the  Nb  reinforcement  but  with  all  the 
stresses  being  only  1/3.6  of  the  stresses  calculated 
using  (2).  With  the  above  assumptions,  the 
stress  distribution  in  the  sandwiched  specimens  can 
be  calculated  using  eq.  (2).  Errors  introduced  with 
the  assumptions  are  estimated  using  finite  element 
analysis  and  the  results  are  presented  in  the 
Appendix. 

Measured  Ocrackinom)  for  laminated 
composites  with  0.5  nun  thi^  Nb  lamina  as  a 
function  of  width  of  the  narrowest  cross  section  is 

shown  in  Fig.  4.  If  Oerack(max)  of  310.4  MPa 
measured  from  the  monolitbic  MoSi2  is  taken  as 
the  stress  to  initiate  cracks  at  the  notch  tips  in  the 

laminated  composite  specimens,  Ocradcinom)  for  the 
laminated  specimens  can  be  calculated  using  eq.  0) 
with  the  aforementioned  assumptions.  The 

calculated  Ocracktnom)  ia  also  induded  in  Hg.  4  for 
comparison.  As  seen  in  the  figure,  the  theory  of 

notch  stresses  predicts  that  Ocrack(notn)  increases 
with  decreasing  width  of  the  narrowest  cross 
section  and  such  trend  is  confirmed  b_,  the 
measurement  when  the  narrowest  cross  section  is 
wide.  However,  the  predicted  value  deviates  from 
the  experimental  data  when  width  of  the  narrowest 
cross  section  is  small.  Such  deviation  is  caused  by 
the  residual  thermal  stresses,  as  discussed  below. 
Using  eq.  (2)  and  the  aforementioned  assumptions. 


Fig.  4  A  plot  of  Ocnck(nom)  vs  width  of  the  narrowest  cross 
section  for  comrosite  laminates  with  0.S  mm  thick  Nb 
lamina  and  0.075  mm  notch  dp  radius. 
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Fig.  6  Effea  of  notch  size  on  the  nominal  stress  for 
initiating  cracks  in  the  matrix. 


the  measured  Ocrack(nom)  in  Ftg.  4  can  be  used  to 
calculate  Ocrackfmax)  for  the  laminated  specimens. 
The  calculated  acnckfnvix)  vc  presented  in  Fig.  5  as  a 
function  of  width  of  the  narrowest  cross  section.  In 
principle,  the  stress  to  initiate  cracks  at  notch  tips 
for  all  the  specimens  should  be  the  same  in  spite  of 
different  notch  depths.  However,  Rg.  5  shows  that 

the  measured  Ocrackfmax)  is  lower  for  deeply 
notched  specimens  than  other  specimens.  It  is 
believed  that  this  conflict  is  caused  by  the  residual 
thermal  stresses  which  contribute  a  tensile  stress  in 
y  direction  (Fig.l)  of  about  19  MPa  to  the  MoSi2 
adjacent  to  the  interfaces  [19].  Superposition  of  the 
residual  stresses  to  the  external  stress  results  in  a 
drop  of  Ocrack(inax)  when  width  of  the  narrowest 
cross  section  is  small. 

Effect  of  notch  size  on  the  measured 
<Tcrack(nom)  is  shown  in  Fig.  6.  Taking  310.4  MPa  as 
the  stress  to  initiate  cracks  at  the  notch  tips  in  the 

laminated  specimens,  Ocrack(noin)  has  been 
calculated  using  eq.  (2)  as  a  function  of  notch  size 
and  the  results  are  also  presented  in  Fig.  6.  As 
expected,  the  theory  of  notch  stresses  predicts 
increase  of  Ocrarkinom)  with  increasing  radius  of 
notch  tip.  However,  the  measured  Ocrackfnom)  shows 
no  increase  or  a  very  small  increase  from  65.86  ± 
12.48  to  71.15  ±  16.32  and  then  to  69.62  ±  10.14  MPa 
as  radius  of  the  notch  tip  increases  from  0.075  to 
0.165  and  then  to  0.27  mm.  The  results  suggest  that 
when  radius  of  the  notch  tip  is  large,  such  as  0.165 
and  0.27  mm,  the  stress  to  initiate  cracks  at  the 
notch  tips  is  no  longer  controlled  by  radius  of  the 
notch  tips,  but  by  intrinsic  defects  such  as  porosity 


in  the  matrix  or  the  defects  introduced  during  the 
notching.  Qose  examination  of  Fig.  2(b)  reveals  that 
some  defects  are  indeed  introduced  at  the  notch  tip. 
Such  defects  could  become  decisive  factors  when 
radius  of  the  notch  tip  is  large.  The  results  indicate 
that  a  small  radius  of  notch  tip  should  be  used  if  the 
stress  to  initiate  cracks  at  the  notch  tips  is  to  be 
controlled. 

3.3  LOAD-DISPLACEMENT  CURVES  -  Fig.  7  shows 
effect  of  notch  depth  (0.075  mm  tip  radius)  on  the 
load-displacement  curves  of  laminated  composites 
with  0.5  mm  thick  Nb  lamina.  Sudden  load  drops 
in  curves  A  and  B  correspond  to  the  load  for 
initiating  cracks  at  the  notch  tips.  The  load  for 
initiating  cracks  in  curve  C  is  about  40  lbs  and  it  is 
hard  to  ascertain  from  the  curve  because  of  small 
load  drop.  The  reason  the  load  drop  in  curve  C  is 


Fig.  7  Effect  of  notch  depth  on  the  load-displacement  curves 
of  constrained  Nb 
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Fig.  8  A  SEM  micrograph  of  a  laminated  specimen 
unloaded  after  ^e  specimen  has  passed  the  sudden 
load  drop  in  the  load-displacement  curve. 


small  is  because  the  matrix  only  carries  a  small 
portion  of  the  tensile  loading  when  the  width  of 
the  narrowest  cross  section  is  small.  It  is 
noteworthy  that  when  width  of  the  narrowest  cross 
section  is  large,  the  stress  to  initiate  cracks  could  be 
high  enough  to  distort  intrinsic  Ioad*displacement 
curves  of  the  constrained  ductile  reinforcement,  as 
in  the  cases  of  curves  A  and  B. 

A  proper  design  of  notch  depth  should 
remain  an  appropriate  degree  of  elastic  constraints 
on  the  ductile  phase,  and  on  the  other  hand  it 
should  prevent  distortion  of  the  load-displacement 
curves  of  the  constrained  ductile  phase.  B;«sed  on 
this  guideline,  the  width  of  the  narrowest  cruss 
section  for  curve  C  is  deemed  as  an  appropriate 


Fig.  9  A  plot  of  notch  depth  vs  the  nominal  stress  carried  by 
different  sizes  of  constrained  Nb  laminae  right  after 
the  crack  propagation  through  the  whole  matrix. 


notch  depth  and  the  area  under  curve  C  is  regarded 
as  a  truly  representative  of  the  contribution  of  the 
ductile  reinforcements  to  the  toughness  of  a  brittle 
matrix  composite. 

The  present  experiments  showed  that  cracks 
propagated  through  the  whole  matrix  as  soon  as  the 
cracks  were  initiated  at  the  notch  tips,  and  from  that 
point  on  the  load  was  carried  only  by  the  central  Nb 
lamina.  Fig.  8  shows  such  a  typical  crack 
propagation.  Nominal  stress  carried  by  the  central 
Nb  lamina  right  after  the  crack  propagation 
through  the  whole  matrix,  o*Mb{nom)/  is  calculated 
using  eq.  (2)  by  assuming  that  310.4  MPa  is  the  stress 
to  initiate  cracks  at  the  crack  tips  and  the  load 
reached  at  the  point  of  initiating  cracks  is  carried 
totally  by  the  Nb  lamina.  The  calculated  results  for 
different  thicknesses  of  Nb  laminae  are  plotted  as  a 
function  of  width  of  the  narrowest  cross  section  in 
Fig.  9.  The  maximum  stress  reached  by  the 
constrained  Nb  measured  from  the  load- 
displacement  curves  are  3513  ±  25.7,  320.4  ±  14.6 
and  259.9  ±  22.9  MPa  for  Nb  laminae  with  a 
thickness  of  035,  03  and  1.0  mm,  respectively.  The 

present  experiments  showed  that  if  o*Nb(nom)  was 
below  about  half  of  the  maximum  stress  reached  by 
the  constrained  Nb  lamina,  then  the  stress  to 
initiate  cracks  was  not  high  enough  to  distort  the 
intrinsic  load-displacement  curves  of  the 
constrained  ductile  phase.  Half  of  the  maximum 
stress  reached  by  each  size  of  constrained  Nb  lamina 
is  indicated  by  arrows  in  Fig.  9.  Thus,  a  proper 
combination  of  size  of  ductile  reinforcement  and 
depth  of  notch  can  be  found  in  Fig.  9. 


Displacement,  mm 


Fig.  10  Stress-displacement  curves  for  dificrcnt  sizes  of 
constrained  Nb  laminae.  The  thickness  of  the  Nb 
laminae  is  0.25, 0.5  and  1 .0  mm  for  curves  A,  R 
and  C.  rcsDcctivcIv. 
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Examples  of  stress-displacement  curves 
resulted  from  a  proper  combination  of 
reinforcement  size  and  notch  depth  are  showed  in 
Fig.  10.  The  widths  of  the  narrowest  cross  section  in 
the  figure  are  0.65,  0.9  and  1.6  mm  for  0.25,  0.5  and 
1.0  mm  thick  Nb  laminae,  respectively.  It  can  be 
seen  that  with  such  combinations  the  load  drop  in 
the  curves  is  at  the  lower  stress  level  and  very  hard 
to  ascertain.  Thus,  the  area  under  the  curves  can  be 
regarded  as  the  contribution  of  Nb  to  the  toughness 
of  MoSi2  matrix  composites.  From  Fig.  10  and  eq. 
(1),  it  is  concluded  that  toughness  of  ductile-phase- 
reinforced  brittle  matrix  composites  increases  with 
increasing  size  of  ductile  phases. 

IV.  CONCLUDING  REMARKS 

The  present  set  of  experiments  demonstrate  that 
the  formula  proposed  by  H.  Neuber  to  desaibe  the 
stress  distribution  of  a  flat  bar  with  a  deep  notdt  on 
each  side  can  be  used  to  estimate  the  stress 
distribution  for  both  notched  monolithic  and 
composite  laminate  tensile  specimens.  The  stress  to 
initiate  cracks  at  the  notch  tips  in  the  brittle  matrix 
can  be  predicted  using  the  formula  and  such  stress 
has  been  found  to  be  equal  to  the  flexural  strength 
of  the  basic  matrix. 

Evaluation  of  notch  size  effect  indicates  that 
a  small  radius  of  notch  tip  should  be  used  for  a 
better  control  of  the  stress  to  initiate  cracks  in  the 
matrix.  It  is  shown  that  in  order  to  remain  an 
appropriate  degree  of  elastic  constraints  on  the 
ductile  phase  and  at  the  same  time  prevent  the 
distortion  of  the  stress-displacement  curve  of  the 
constrained  ductile  phase,  the  nominal  stress  on 
the  ductile  phase  at  the  point  of  crack  initiation  in 
the  matrix  should  be  below  about  half  of  the 
maximum  stress  reached  by  the  constrained  ductile 
phase.  Thus,  to  avoid  the  distortion  of  the  stress- 
displacement  curve,  notch  depth  should  increase 
with  decreasing  size  of  constrained  ductile 
reinforcement. 

Although  no  experiment  on  composite 
cylinder  specimens  has  been  conducted,  it  is 
recommended  that  the  formula  proposed  by  H. 
Neuber  to  describe  the  stress  distribution  for  a 
tensile  rod  with  a  deep  circumferential  notch  could 
be  used  to  analyze  the  notched  composite  cylinder 
specimen  using  an  approach  analogous  to  the 
present  analysis  of  composite  laminate  specimens. 
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APPENDIX 

Finite  element  analysis  (FEA)  of  the  stress 
distribution  in  the  notched  composite  laminates 
during  the  elastic  deformation  was  implemented 
using  the  finite  element  software  package  ANSYS. 
Due  to  the  symmetry,  only  one  quarter  of  the 
specimen  was  analyzed  using  both  two- 
dimensional  4-node  isoparametric  and  6-node 
triangular  elements  with  an  assumption  of  plane 
stress  deformation.  Fig.  11  shows  the  mesh  used  in 
the  analysis.  A  total  of  184  elements  were  used.  The 
displacement  at  the  central  plane  along  y-axis  was 
allowed  only  in  the  y-direction,  and  the  plane  of  the 
narrowest  cross  section  was  allowed  to  displace  only 
in  x-direction. 

Stress  distributions  over  the  narrowest  cross 
section  from  analysis  of  the  theory  of  notch  stresses 
and  FEA  are  shown  in  Hg.  12  .  The  input  data  for 
the  analysis  are  as  follows:  the  Nb  lamina  is  0.5  nun 
thick,  width  of  the  narrowest  aoss  section  is  1.0 
mm,  radius  of  notch  tips  is  0.075  mm  and  the 
nominal  stress  over  the  narrowest  cross  section  is 
66.75  MPa.  It  is  noted  that  the  stress  distributions 
analyzed  using  both  methods  are  very  similar  with 


Distance  from  the  axial  central  plane,  mm 

Fig.  12  Comparison  between  FEA  and  the  theory  of  notch 
stresses  on  the  stress  distribution  over  the 
narrowest  cross  section. 

the  maximum  stress  at  the  notch  tip  predicted  from 
the  theory  of  notch  stresses  3%  higher  than  that 
predicted  from  FEA.  The  results  indicate  that  the 
assumptions  mentioned  in  Section  3.2  only 
introduce  3%  error  either  to  the  calculation  of  the 
maximum  stress  at  the  notch  tips  or  to  the 
calculation  of  the  nominal  stress  over  the 
narrowest  cross  section. 

It  is  also  noted  that  ratio  of  the  stress  in  the 
MoSi2  side  to  that  in  the  Nb  side  at  the  interface  is 
not  3.6  (ratio  of  the  Poisson’s  ratios  of  MoSi2  to  Nb), 
but  equals  to  2.01  for  FEA.  It  is  believed  that  the 
deviation  of  the  stress  ratio  from  3.6  is  due  to  the 
presence  of  the  precracks  because  if  there  are  no 
precracks  in  the  FEA,  the  ratio  of  the  stresses 
becomes  3.6. 


FiK.  1 1  Mesh  used  in  the  FEA. 
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STUDY  OF  TOE  FLOW  BEHAVIOR  OF  CONSTRAINED  DUCTILE  PHASES 


-  I.  EXPERIMENT 
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Abstract 

Efiecu  of  the  mairixAeinfoicement  interface,  and  die  mechanical  properties  and  size  of  the  ductile 
teinfotcement  on  the  flow  behavior  of  the  constrained  ductile  reinforcement  have  been  evaluated 
using  a  tensile  test  on  a  single  Nb  latidna  imbedded  in  Mt^i}  matrix.  Three  different  thicknesses 
of  Nb  foils  (1.0,  0.5  and  0.25  mm)  have  been  tested.  Variation  of  interfacial  bonding  was 
achieved  by  deputing  an  oxide  coating  (AI2O3  or  ZrOj)  or  by  the  development  of  a  reaction 
product  layer  between  the  reinforcement  and  matrix.  It  was  found  that  work  of  rupture  of  the 
ductile  reinforcement  increased  with  size  of  the  ductile  teinfotcement  and  with  decreasing 
bonding  strength  at  the  tnatrix/reinforcement  interface.  Such  results  suggested  that  both  of 
increasing  size  of  ductile  teinfotcement  and  obtaining  a  relatively  weak  internee  were  conducive 
to  toughness  of  the  composites.  It  was  also  found  that  the  work  of  rupture  normalized  by  size 
and  yi^  strength  of  the  reinforcement  was  dependent  on  the  inierfacial  properties  and  size  of  the 
reinforcement.  The  results  were  interpreted  in  terms  of  the'dependence  of  the  decohesion  length 
on  the  inierfacial  propenies  and  size  xk  die  reinforcement. 


Numerous  studies  have  shown  that  improved  fracture  toughness  can  be  achieved  by  the 
incorporation  of  a  duaile  second  phase  into  a  brittle  nutrix.  Examples  of  current  or  potential 
technological  significance  are  tungsten  carbide  toughened  with  cobalt  network  (1,2],  zirconia 
toughen^  with  zirconium  network  {3],  alumina  toughened  with  dispersed  molybdenum  (4], 
magnesia  toughened  with  cobalt  and  nickel  particles  or  fibers  |S],  and  glass-enamels  toughened 
with  dispersed  aluminum  and  nickel  panicles  [6].  Successful  toughening  has  also  been  observed 
in  titanium  aluminide  [7]  and  molybdenum  disilicide  (8,9]  reinforced  with  niobium  pancake  or 
filament. 

The  primary  toughening  mechanism  of  duaile  reinforcement  has  been  attributed  to  the  bridging 
of  ductile  ligaments  (10-14].  The  contribution  to  fracture  toughness  from  bridging  can  be 
estimated  by  extending  cohesive  force  rrMdel  (IS]  to  ligament  bridging  (11,12]  and  can  ^ 
written  as 

-U* 

Ag»v.  aoodu  . 

‘  JQ 

where  0(U)  is  the  nominal  stress  carried  by  the  constrained  ductile  reinforcement  for  a  given 
crack  opening  U,  Vf  is  volume  fmaion  of  the  ductile  reinforcement,  U*  is  the  crack  opening  at 
the  point  when  the  ductile  reinforcennent  fails  and  the  definite  integral,  designated  as  4.  is  the 
work  of  rupture  of  the  constrained  ductile  ligament.  Thus,  the  key  to  predict  the  increased 
fracture  toughness  is  to  calculate  o(u)  as  a  function  of  crack  opening.  Recognizing  that  o(u)  is 
different  from  that  measured  in  a  simple  tensile  test,  several  investigators  (16-18]  have  used  a 
test  procedure  to  evaluate  a(u).  The  test  procedure  is  based  on  the  concept  that  the  stress- 
displacement  reladonship  obtained  from  one  ductile  reinforcement  imbedded  in  a  brittle  matrix 
can  be  used  to  describe  ^e  mechanical  characterisdes  of  the  reinforcements  in  the  composites. 
Their  results  demonstrated  that  flow  behavior  of  constrained  ductile  phases  was  governed  by  the 

yield  strength,  <ro,  work  hardening  coefficient,  n,  and  the  decohesion  length,  d,  at  the 
matrix/reinforcement  interface.  Gearly,  more  work  needs  to  be  done  in  this  area  to  evaluate  the 
effect  on  a(u)  of  the  intrinsic  propernes  of  the  ductile  reinforcement  (yield  strength,  work 
hardening  and  ducdlity),  interfacial  propenies  and  size  of  the  ducdle  phases. 

The  principle  intent  of  the  present  study  is  to  experimentally  examine  the  effects  of  properties  of 
the  matrix/reinforcement  interface  and  size  of  ducdle  phase  on  its  flow  behavior,  and  therefore  on 
the  enhanced  fracture  toughness  of  the  composite.  The  system  selected  for  investigation  was 
MoSi2  matrix  reinforced  with  Nb.  Since  the  two  components  used  have  similar  coefficients  of 
thermal  expansion,  the  residual  thermal  stresses  were  minimized,  thus  simplifying  the  present 
stress  analysis.  Specimens  with  laminated  form  have  been  used,  because  of  the  ease  of 
producing  the  composites  with  controlled  properties,  but  it  still  serves  the  purpose  of  the  present 
study.  The  results  showed  that  work  of  rupture  of  the  ductile  reinforcement  increased  with  size 
of  the  ductile  reinforcement  and  with  decreasing  bonding  strength  at  the  matrix/reinforcement 
interface.  Such  results  suggested  that  both  of  increasing  size  of  ducdle  reinforcement  and  having 
a  relatively  weak  interface  are  condua've  to  toughness  of  the  composites. 


Disc  shaped  laminated  specimens  were  prepared  by  stacking  a  Nb  foil  with  two  layers  of  MoSi2 
powder  (-323  mesh)  at  an  appropriate  ratio,  and  then  vacuum  hot  pressing  ut  140()°C  for  1  hour 
under  a  pressure  of  40  MPa.  In  order  to  minimize  residual  thermal  stresses,  the  hot  pressed  discs 
were  held  in  the  hot  pressing  chamber  at  8(X)°C  for  1  hour  before  cooling  down  to  room 
temperature.  The  residual  thermal  stresses  ind'iced  with  such  processing  have  been  estimated  to 
be  small  with  a  tensile  stress  of  19  MPa  in  the  m.atrix  and  a  compressive  stress  of  79  MPa  in  the 
Nb  on  the  lamina  plane  ( 19],  Three  different  thicknesses  of  Nb  foils  (I.O.  0.5  and  0.25  mm) 
with  a  purity  of  99.8%  were  used  to  prepare  the  laminated  specimens.  Variation  of  the 
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mathxActnrorcemcni  inierfaccs  was  achieved 
by  depositing  different  oxide  coatings 
(AI2O3  or  ZrOi)  to  the  Nb  surface  prior  to 
the  hot  pressing  or  by  the  development  of  a 
reaction  product  layer  between  the  matrix 
and  reinforcement.  Details  of  the  coating 
procedures  can  be  found  in  Reference  [9]. 

The  hot  pressed  discs  were  cut  into 
rectangular  tensile  test  bars  with  dimensions 
of  5.0x3.9x30.0  mm,  as  shown  in  Fig.  1. 
Straight-through  notches  in  the  MoSi2 
matrix  were  introduced  using  a  diamond 
wafering  blade  with  a  thickness  of  0. 1 S  mm. 
Distance  from  the  notch  tip  to  the  laminate 
interface  is  300  pm  for  1.0  mm  thick  Nb 
Fig.  1  Sv  hematic  of  a  composite  laminate  test  lamina  and  200  pm  for  0.S  and  0.25  mm 

^  ecimen.  thick  Nb  laminae.  Such  distances  have  been 

found  to  be  small  enough  not  to  distort  the 
stress-displacement  curve  of  the  constrained  ductile  leinfoRement  and  at  the  same  time  remain  an 
qtpfoptiate  degree  of  elastic  constraint  fiom  the  matrix  (20]. 

DinlacenKnt  (^trolled  tensile  tests  wm  conducted  using  INSTRON  with  a  displacement  speed 
of  0.005  in/inin.  The  wedge  type  grips  were  used  to  clamp  the  specimens  and  load  train 
alignment  was  achieved  by  coupling  the  top  grip  toa  univeisal  joint.  The  load  was  recorded  as  a 
function  of  cross  head  di^acement 

To  obtain  the  intrinsic  mechanical  properties  of  Nb  used,  tensile  and  hardness  tests  were 
conducted  on  the  as-received  and  processed  Nb  foils.  The  processed  Nb  foils  were  obtained 
from  hot  pressed  Zt02  coated  NtvMoSix  compoates  by  braking  all  the  MoSi2  on  both  sides  of 
the  Nb  foil.  This  is  not  very  difficult  to  do  due  to  a  relative  weak  bonding  between  Nb  and 
MoSi2  at  the  presence  of  a  ZrCh  coating  layer  (it  is  described  in  Section  3.2) . 

m.  Results  and  Dimisrion 

3.1  Mechanical  Properties  of  Unconstrained  Niobium 

Propenies  measured  from  the  processed  Nb  and  as-received  Nb  arc  summarized  in  Table  1 .  The 
data  show  that  strength  of  Nb  has  increased  after  hot  pressing  except  for  the  1 .0  mm  Nb  foils, 
but  the  rate  of  strain  hardening  increased  for  all  the  niobium.  Such  changes  are  believed  to  be  due 

Table  1.  Mechanical  properties  of  the  niobium  used 


Processing 

condition 

As  received 

Hot  pressed 

(Zr02  coated,  1400PC,  40  MPa  for  1  hr) 

Thickness  of 

Nb  foil  (mm) 

no 

?nr 

nr^ 

03 

Microhardness  (HV) 

tiO 

79.4 

533" 

njT" 

114 

131 

Yield  strength  (Go,  MPa) 

204 

121 

123 

180 

211 

236 

Tensile  strength  (Ou,  MPa) 

277 

195 

204 

221 

260 

285 

Elongation  (S) 

0.403 

0.523 

0.468 

0.317 

0.175 

0.103 

Strength  coefficient  (MPa) 

454 

353 

370 

3^ 

- 355 — 

"355 

Strength  hardening 
coefficient  (n) 

0.173 

0.245 

0.243 

0.165 

0.085 

0.076 

On/llV 

1.85 

1.52 

1.49 

1.73 

1.8,s 

1.80 

Ou/HV 

2.52 

2.45 

2.48 

2.12 

2.28 

2.1 

117 


Fig.  2  Optical  microstnictures  of  Nb  foils,  (a)  as-received,  1 .0  mm  thick;  (b)  processed  ,  1 .0 
mm  thick;  (c)  as-received,  0.5  mm  thick  and  (d)  processed,  0.5  mm  thick.  Note  that  different 
magnificadons  are  used. 

to  a  combination  of  two  competitive  processes  during  hot  pressing;  (I)  grain  growth  of  Nb,  as 
shown  in  Fig.  2;  (2)  solid  solution  strengthening  because  of  the  equilibrium  of  Nb  with  the 
silicides  formed  at  the  matrix/reinforcement  interface,  as  shown  in  Fig.  3.  For  1.0  mm  Nb  foils, 
grain  size  has  changed  from  15  to  -500  pm,  which  leads  to  a  large  decrease  in  strength  and 
overshadows  the  increase  due  to  the  solid  solution  hardening.  For  0.5  and  0.25  mm  Nb  foils, 
grain  size  has  changed  from  50  to  -370  pm  and  from  48  to  -300  pm,  respectively.  However, 
shorter  diffusion  distance  to  the  center  of  the  niobium  has  made  solid  solution  hardening 
dominate  over  the  softening  due  to  the  grain  growth.  Therefore,  0.5  and  0.25  mm  Nb  foils  show 
an  increased  strength  after  hot  pressing. 

it  is  noted  in  Table  I  that  the  tensile  strength  and  Vickers  hardness  exhibit  a  definite  relationship, 
i.  e.,  Oj/HV  equals  to  2.48  ±  0.04  and  2.19  ±  0.08  for  the  as-received  and  processed  Nb. 
respectively.  Such  definite  relation  has  also  been  reponed  for  other  materials  |21].  Ratio  of  the 
yield  strength  to  the  Vicker's  hardness  is  al.so  approximately  a  constant,  as  shown  in  Table  1. 
The  results  indicate  that  it  is  reasonable  to  infer  the  strength  of  ihc  niobium  from  the  hardness 
measured.  Hardnesses  of  Nb  hot  pressed  with  different  conditions  arc  summ.irized  in  Table  2. 
The  table  shows  that  the  hardnesses  arc  almost  the  same  for  e.ach  group  of  Nb  based  on  the  size. 
Due  to  such  h.ardnc.ss  results,  the  stress-strain  relations  for  the  unconstrained  iincoated  and  AI2O3 
eoaicci  Nb  can  be  assumed  to  be  the  same  as  that  of  the  processed  Nb  which  is  the  ZrOj  uncoaied 
Nb  before  MoSi?  on  both  sides  of  the  Nb  foils  has  liccn  broken  awav. 

1  Ut 


I 

I 
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Fig.  3  Inierfacial  tnicrostiuctures  of  (a)  uncoated,  (b)  AI2O3  coated  and  (c)  Z1O2  coated 

Typical  engineering  stress-strain  curves  for 
dUTerent  sizes  of  the  processed  Nb  foils  ate 
shown  in  Fig.  4.  As  seen  in  the  figure, 
strengths  and  rate  of  work  hardening  are 
different  for  different  sizes  of  Nb.  It  is 
bdieved  that  such  difference  is  mainly  due  to 
the  differences  in  grain  size  and  solid 
solution  strengthening,  as  discussed  above. 

From  the  above  discussion,  it  is  clear  that 
the  intrinsic  mechanical  proj^es  of  the  Nb 
teinfonxinent  in  the  composites  are  different 
from  those  of  the  Nb  before  the 
compositing.  It  is  believed  that  such  change 
in  properties  due  to  hot  compaction 
processing  is  a  common  phenomenon  for 
ductile-phase-reinforced  brittle  matrix 
composites,  because  most  of  them  have  to 
be  fabricated  with  high  temperature  processing  techniques.  Even  in  chemically  compatible 
composites,  change  of  grain  size  will  cause  property  change  of  the  ductile  reinforcements.  Such 
change  imposes  difHculiy  on  the  prediction  and  modeling  of  the  composite  properties. 

3.2  Failure  Mechanism  and  Related  Observation  on  Constrained  Niobium 

An  edge  view  of  the  unconstrained  and  constrained  uncoated  Nb  foils  after  tensile  test  is  shown 
in  Fig.  5.  As  seen  in  the  figure,  Nb  foils  fail  by  drawing  down  to  a  wedge  for  both  the 
constrained  and  unconstrained  conditions.  All  three  different  sizes  of  Nb  foils  show  the  same 
failure  mechanism,  as  shown  in  Fig.  S.  Furthermore,  such  necking  is  also  observed  for  all  the 
coated  Nb. 


Nb/MoSi2  laminated  composites. 


Bg.  4  Typical  engineering  stress-strain  curves 
for  three  different  thicknesses  of  the  processed 
Nb  foils. 


Details  of  the  interfaces  for  the  coated  and  uncoated  foils  are  shown  in  Fig.  3.  As  seen  in  the 
figure,  the  coated  foils  contain  three  interfaces  between  the  matrix  and  reinforcement; 


Table  2.  Microhardness  of  Nb  with  different  processing  conditions 
(hot  pressed  at  UOpOc,  40 MPa  for  1  hr) _ 


Thickness  of 

— nr 

- 03 - 

Nb  foil  (mm) 

1  Si  4>'virr^^Hf7iT9!!7T77i  B!9rv 

tssm 

condition 

coaicd 

coaled 

coaled  coated 

coaicd  coated 

Fig.  5  An  edge  view  of  fractured  specimens,  showing  contour  of  the  neck,  (a)  is  a 
unconstrained,  processed  Nb  foil  with  a  thickness  of  1.0  mm,  (b),  (c)  and  (d)  are  constrained  Nb 
with  thicknesses  of  1.0,  0.5  and  0.25  mm,  respectively.  Note  that  different  magnifications  arc 
used. 


MoSia/coaiing/NbjSij/Nb;  whereas,  the  uncoated  foils  contain  two  interfaces  ; 
MoSi2/(Mo.Nb)5Si3/Nb.  Examination  of  the  microstruentres  on  the  tested  specimens  show  that 
decohesion  of  the  AljOj  and  Z1O2  coated  Nb  from  the  matrix  was  largely  due  to  debonding  at  th’ 
interfaces,  as  shown  in  Fig.  6,  while  decohesion  in  the  uncoated  Nb  came  largely  from  the 
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Fig.  6  An  edge  view  of  a  fractured  Al20i 
coaled  Nh/Mo.Si2  compoMies  laminate,  showing 
iiilcrf.icial  dclK’iidiiig 


matrix  fracture,  as  shown  in  Fig.  5.  TTtis  is 
in  agreement  with  a  related  study  [22], 
which  shows  that  the  uncoated  interface  has 
a  higher  interfacial  fracture  energy  than  the 
fracture  energy  of  the  matrix,  while  the 
oxide  coated  interfaces  have  a  lower 
interfacial  fracture  energy  than  the  matrix. 
Thus,  it  is  expected  the  matrix  would 
fracture  before  the  interface  fails  in  the  case 
of  the  iincoatcd  Nb,  as  contrasted  with 
predominance  of  interfacial  failure  in  the 
cM.sc  of  the  coated  Nb. 

Both  intcrf.utal  failure  and  matrix  fracture 
create  a  "gauge  length"  at  the 
niatrix/reinforccincni  inicrf.ice  which  is 
virtually  a  region  free  from  conslraiiils  of  die 
niainx  and  is  called  dceohesion  leneih  in  ihc 
lest  Ilic  measured  deeoheston  leiiedis  are 


\y» 


Table  3.  Decohesion  length  in  the  MoSia/Nb  composites 
(hot  pressed  at  I4(X)^,  40MPa  for  I  hour) 


ickness  of 
Nb  foil  (mm) 


ng  Uncoat 
condition 


ncoated  AI2O3  Z1O2  Uncoated  A 
coated  coated  coated  coated  coated  coated 


length  (mm)  10  ±5  all  the  way  2.9±0.4  3.3±0.4  all  the  way  0.86±0.09  1.3Q±0.61 

to  the  grips.  to  the  grips. 


summarized  in  Table  3.  The  daa  show  that  within  each  size  group,  decohesion  length  increases 
from  the  uncoated  to  AI2O3  coated  and  then  to  2^i<^  coated  Nb/MoSi2  compenites.  Such  results 
are  consistent  with  the  measurement  of  the  interfacial  fiactuie  energy  (22),  which  shows  that  the 
uncoated  Nb/MoSh  has  the  highest  interfacial  fracture  energy,  follo>^  by  the  AljOj  coated  and 
then  ZrOj  coated  Nb/MoSh  composites. 

Increase  of  the  decohesion  length  with  the  thickness  of  Nb  foils,  as  shown  in  Table  3,  is  believed 
to  be  mainly  related  to  the  necl^g  of  the  Nb.  Rg.  7  shows  schematically  effect  of  the  necking  on 
the  decohesion  length.  Length  of  the  Nb  region  affected  by  necking,  2H.  is  proportional  to  the 
thickness  of  the  Nb.  as  sho^  in  Fig.  S.  Approximately,  H  is  1.3  times  of  the  thickness  of  Nb, 
measured  from  Fig.  S.  Large  lateral  displacement  of  Nb  in  the  necking  affected  tenon  gives  rise 
to  lar^  transverse  stresses  which  lead  to  the  interfuial  debonding  an^or  matrix  mictuie.  Thus, 
the  imcker  the  niobium,  the  longer  the  necking  affected  region,  and  therefore  the  longer  the 
deoohesion  length.  If  the  interface  bonding  is  relatively  weak,  such  as  the  AhOs  Zt02  coated 

interfaces,  the  transverse  stresses  aroused  by  lateral  displacetttem  of  the  Nb  during  uniform  strain 
can  be  large  enough  to  cause  the  interfacial  debonding  all  the  way  to  the  test  grips.  During  the 
nnifatm  strain,  the  lateral  di^lacement  of  Nb  right  at  the  interface  is  proportional  to  thickness  of 
the  Nb.  Thetefote,  decohesion  by  this  mechanism  is  easier  to  occur  in  thick  Nb  composites  than 
in  thin  Nb  counterparts,  as  indicated  in  Table  3. 

The  failure  mechanism  observed  in  the  present  study  suggests  that  (low  behavior  of  the 
constrained  Nb  can  be  simplified  into  three  suges:  (1)  elastic  deformation;  (2)  plastic  deformation 
within  the  decohesion  re^on;  (3)  localized  plastic  deformation  within  the  necking  region.  Such 
processes  are  illustrated  in  Fig.  8.  The  crack  opening  of  the  matrix  can  be  directly  related  to  the 
deformation  of  Nb  in  the  decohesion  zone.  At  the  early  stage  of  crack  opening,  Nb  only 


Transverse  stresses  O 
caused  by  different 
lateral  displacements 


shear  stresses 
caused  by  load 
transfer 


The  region 
affeaed  by 
necking 


Thick  Nb 


Thin  Nb 


Fig.  7  A  schematic  showing  effect  of  necking  on  the  dccohesion  length. 

I?l 


a.  Elastic  defonnaiion. 


Fig.  8  A  schematic  of  three  stages  of  defonnadon  for  consnined  Nb.  2H  is  the  length  of 
the  necking  affected  region.  2a  is  remaining  dudmess  of  the  reinforcement  and  U  is 
displacemenL 

undergoes  elastic  deformation,  as  shown  in  Fig.  8a.  As  crack  opening  increases,  Nb  enters  the 
suge  of  plastic  deformation  ^g.8b).  At  last,  the  woik  hardening  rate  of  the  niobium  at  the 
central  p^on  of  the  decohesion  region  is  lower  than  stress  increase  rate  due  to  decrease  in  the 
cross  section  area  of  the  reinforcement,  the  localized  deformation  begins  (Fig.Sc),  which  lead  to 
the  final  failure  of  the  Nb  lamina.  Such  simplified  deformation  processes  can  be  used  to  model 
stress-displacement  behavior  of  the  constrained  Nb,  as  presented  in  a  related  study  (23]. 

3.3  Stress-Displacement  Curves  of  Constrained  Niobiinn 

Fig.  9  shows  typical  stress-displacement  curves  for  the  uncoated  Nb  foils  with  different 
thicknesses  constrained  in  MoSi2  matrix.  The  parameters' measured  are  summarized  in  Table  4. 

The  work  of  rupture  normalized  by  the  yield  strength,  oo,  and  half  thickness  of  ductile  phase,  t , 
[“oWdU 

J.  ‘ 

is  presented  as  E|  in  the  table  and  is  called  the  normalized  work  of  rupture  in  the  text  for 
convenience.  As  seen  in  the  figure  and  table,  due  to  the  different  intrinsic  properties,  the 
maximum  stresses  reached  by  the  constrained  Nb,  Onaz>  are  different  for  different  sizes  of  Nb. 
However,  if  the  Omax  ia  normalized  by  its  own  yield  strength,  the  normalized  maximum  stress. 

exhibits  an  independence  on  size  of  Nb.  This  result  suggests  that  the  maximum  stress 
reached'is  not  a  function  of  size  of  the  ductile  phase.  It  is  noted  that  the  work  of  rupture  increases 
with  size  of  Nb,  indicating  that  large  size  of  ductile  leinfoicement  is  more  effective  in  improving 
toughness  of  the  brittle  matrix  composites.  Such  size  dependence  of  work  of  rupture  is  telieved 
to  te  due  to  the  increase  of  decohesion  length  with  increasing  size  of  the  ductile  phi-ise.  It  is  <ilso 
noted  that  the  normalized  work  of  rupture  shows  a  dependence  on  size  of  Nb.  E|  increases  with 
increasing  size  of  the  niobium.  The  size  dependence  of  the  normalized  work  of  rupture  is  again 
attributed  to  the  size  dependence  of  the  decohesion  length  (23).  This  result  suggests  that  the  data 
of  the  normalized  work  of  rupture  obtained  from  the  test  on  large  .size  of  ductile  rcinfoicciiicnis 


Table  4.  Panmeten  measured  from  the  uncoaied 
Mb/MoSij  laminaies 


Tabic  3.  Panmcicrs  measured  from  the 
composites  u-ith  0.5  mm  thick  Nb  lamina 


2t 

Omax 

(MPa) 

Omax/Oo 

Ei 

1.0 

1.44 

477.(X» 

53 

OJ 

320 

IM 

239,000 

43 

0.2S 

351 

1.49 

85.000 

ZS 

Processing 

condition 

Omax 

(MPa) 

Omax/Oo  ^ 

(J/m2) 

E, 

uncoated 

35{) 

^34 

239,000 

TT 

AI2O}  coated 

310 

1.47 

243,000 

4.6 

Zt02  coated 

275 

1.31 

429,000 

8.1 

Fig.  9  Typical  stress-tfisplaeetnent  curves  of  Fig.  lO  Effect  of  the  coatings  on  the  stress- 
constrained.  uncoatedNb  laminae  with  displacement  curve,  measured  from 

differmt  thicknesses.  composite  laminates  with  0.5  mm 

thick  Nb  lamina. 

cannot  be  extended  to  small  sixe  of  theronforcements  directly. 

Effect  of  coatings  on  the  stress-displacement  curves  is  shown  in  Fig.  10.  The  parameters 
measured  are  summarized  in  Table  5.  The  data  show  that  as  the  decohesion  length  increases,  i.e., 
the  constraints  on  the  reinforcement  decreases,  the  work  of  rapture  increases.  This  is  not 
surprising  since  the  longer  the  decohesion  length,  the  more  ductile  material  participates  in  the 
plastic  deformation,  and  therefore  the  more  energy  is  consumed  before  fracture  occurs.  It  is 
noted  that  as  the  dmhesion  length  increases,  tiie  normalized  maximum  stress  decreases, 
indicating  that  increarag  constraints  on  the  ductile  phase  increases  the  Omax-  This  is  consistent 
with  theoretical  analyses  (1 1,13,16].  Table  5  also  shows  that  the  normalized  work  of  rapture  is 
dependent  on  the  intmacial  bon^g  strength.  This  is  believed  to  be  due  to  the  increase  of  work 
of  rapture  with  increasing  decohesion  len^.  The  above  results  indicate  that  limited  decohesion 
enhances  the  energy  consumed  to  fracture  the  constrained  ductile  reinforcement,  and  therefore 
improves  toughness  of  the  composites. 

IV.  Concluding  Remarks 

The  present  set  of  experiments  demonstrate  that  flow  behavior  of  constrained  ductile 
reinforcement  depends  strongly  on  the  intrinsic  properties  and  size  of  the  reinforcement  and  the 
properties  of  the  matrixAeinforcement  interface.  The  maximum  stress  reached  by  the  constrained 
reinforcement  increases  as  the  strength  of  the  reinforcement  and  constraints  increase. 
Constraints,  indicated  by  decoheskm  length,  are  found  to  be  related  to  the  interfacial  propenies 
and  size  of  the  reinforcemenL  Decoheskm  length  increases  from  the  uncoated  to  the  oxide  coated 
laminates  and  increases  with  increasing  size  of  the  reinforcement.  Dependence  of  decohesion 
length  on  size  of  the  reinforcement  is  attributed  to  the  dependence  on  size  of  the  reinforcement  of 
the  length  of  the  necking  affected  region  and  the  lateral  displacement  lUfference  between  the 
matrix  and  reinforcement  at  the  interface.  The  results  indicate  that  both  we.ak  interface  and  large 
size  of  reinforcement  improve  toughness  of  the  composites. 
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The  normalized  work  of  rupture,  E|.  is  found  dependent  on  size  of  the  reinforcement.  E| 
decreases  with  decreasing  size  of  the  reinforcement  and  increases  with  decohesion  length.  This 
result  suggest  that  more  work  needs  to  be  done  before  the  data  of  the  normalized  work  of  rupture 
obtained  from  the  test  on  large  size  of  duettle  reinforcements  can  be  extended  to  small  size  of  the 
the  reinforcements. 

Based  on  the  observation,  the  flow  behavior  of  the  constrained  reinforcement  has  been  simplified 
into  three  stages;  (I)  elastic  deformation;  (2)  plastic  deformation  within  the  decohesion  region; 
(3)  localized  plastic  deformation  within  the  necking  region.  Such  simplifled  deformation 
processes  enable  the  modeling  of  the  stress-displacement  reladon  to  be  implemented. 
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STUDY  OF  THE  FLOW  BEHAVIOR  OF  CONSTRAINED  DUCTILE  PHASES 


—  li.  MODELING 


Unging  Xiao 

Dqurtmeni  of  Materials  Science  and  Engineering,  Univeniiy  of  Florida, 
Gainesville.  FL  3261 1 


Absttact 

Brittle  materials  can  be  toughened  by  incoqtotaiing  ductile  leinfoicements  into  them.  To  evaluate 
the  toughening  by  ductile  rdnfotcements.  it  is  necessary  to  know  the  stress-displacement  relation 
of  the  ductile  phase  constrained  by  the  brittle  matrix.  In  the  present  study,  based  on  the 
observations  from  tensile  tests  on  the  specimens  of  a  single  Nb  lamina  imbued  in  MoSiy 
matrix,  an  analytical  model  is  developed  which  gives  insight  into  the  influence  on  the  stress- 
displaeement  curve  of  yield  strength,  work  hardening,  mattu/reinforeement  interfacial  bonding 
strength  and  size  of  the  reinforcement .  A  characterisoc  decoh^on  length,  which  is  a  function  of 
size  of  the  reinforcemeni.  has  been  Identified  by  the  model  and  related  to  the  measured 
deoohesion  length.  The  results  allow  the  extrapolation  of  the  work  of  rupture  measured  from 
large  size  of  constrained  ductile  phases  to  small  size  of  the  ductile  phases.  As  the  reinforcements 
used  in  composites  are  usually  smaller  in  size  than  those  tested  in  such  tensile  tests,  the 
extrapolation  of  the  work  of  rupture  allows  the  contribution  of  ductile  reinforeements  to  the 
toughness  of  a  brittle  matrix  comjxjsite  to  be  calculated. 
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i(  has  been  established  that  substantial  toughening  of  brittle  matrices  can  be  achieved  by 
incorporating  ductile  reinforcements  (1-9).  The  primary  toughening  mechanism  of  ductile 
reinforcement  has  been  attributed  to  the  bridging  of  ductile  ligaments  (10-14],  although  the 
ductile  reinforcements  may  also  increase  toughness  by  crack  deflection  and  by  trapping 
mechanisms.  The  contribution  to  fncnire  toughness  from  biidging  can  be  estimated  by  extending 
cohesive  force  model  (IS)  to  ligament  bridging  (1 1,12]  and  can  be  Miinen  as 

.U* 

AG»V,  a(U)dU  .  (1) 

*  Jfl 

where  o(U)  is  the  nominal  stress  carried  by  the  constrained  ductile  reinforcement  for  a  given 
crack  opening  U,  Vf  is  volume  fraction  of  the  ductile  reinforcement.  U*  is  the  crack  opening  at 

the  point  when  the  ductile  reinforcement  fails,  and  the  definite  integral,  designated  as  4  in  the 
text,  is  the  work  of  rupture  of  the  constrained  ductile  ligament.  Thus,  the  key  point  to  predict  the 
increased  fracture  toughness  is  to  calculate  o(U)  as  a  function  of  crack  opening.  Due  to  the 
difference  between  o(U)  and  that  measured  in  a  rimple  tensile  test,  several  investigators  have 
attempted  to  relate  o(U)  to  the  uniaxial  stress-strain  ptopenies  of  the  ductile  phase.  The  methods 
used  included  a  slip  line  field  analysis  [11.12).  finiie  dement  methods  (11,13).  spring  models 
(10.14)  and  geometric  models  (1  l,13,lfi].  Their  results  indicated  that  a(U)  was  dependent  on 
the  intrinsic  properties  of  the  ductile  phase  and  the  constraint  conditions.  However,  direct 
compari^  of  stress-displacement  curves  between  the  models  and  experimental  results  is  not 
very  ratisfying  in  magnitude,  although  the  general  trends  are  the  same  for  the  models  and 
expmments.  'Rie  extrapolation  of  the  wotk  of  rupture  measured  from  large  size  of  constrained 
ducdle  phases  to  small  size  of  the  ductile  phases  also  needs  to  be  investigate. 

The  present  study  is  aimed  to  inodel  the  stress-displacement  relation  and  to  examine  the 
feasibility  of  extrapolation  of  the  work  of  rupture  measured  from  large  size  of  constrained  ductile 
phases  to  small  size  of  the  ductile  phases.  Based  on  the  observations  from  tensile  tests  on  the 
spmmens  of  a  ringle  Nb  lairana  imbedded  in  MoSii  matrix,  an  analytical  model  is  developed 
which  pves  insight  into  the  influence  on  the  stress-displacement  curve  of  yield  strength,  work 
hardening,  matrix/reinforcement  interfacial  bonding  strength  and  size  of  the  reinforcement .  A 
characteristic  decohesion  length,  which  is  a  function  of  size  of  the  reinforcement,  has  been 
identified  by  the  model  and  related  to  the  measured  decohcsion  length.  The  results  allow  the 
extrapolation  of  the  work  of  rupture  measured  from  large  size  of  constrained  ductile  phases  to 
small  size  of  the  ductile  phases  and  allows  the  contribution  of  ductile  reinforcements  to  the 
toughness  of  a  brittle  matrix  composite  to  be  calculated. 

The  symbols  used  in  the  text  are  defined  in  Table  1. 

IT.  Modeling 


It  has  been  shown  (17,18)  that  the  failure  of  the  constrained  Nb  laminae  in  MoSi2  matrix 
involves  the  following  scenario.  When  an  advancing  crack  just  impinges  a  Nb  reinforcement,  no 
debonding  at  the  matrix/reinforcement  interface  occurs.  As  external  load  continues  to  increase, 
debonding  at  the  interface  and/or  multiple  fracture  of  the  matrix  near  the  interface  occur  due  to  a 
relatively  large  lateral  deformation  of  the  Nb  reinforcement  compared  to  the  matrix  and  load 
transfer  from  the  matrix  to  the  reinforcement.  Then  come  the  necking  and  fracture  of  the  niobium 
as  the  load  continues  to  increase.  The  observations  ( 17)  lead  to  a  simplified  flow  behavior  of  the 
constrained  Nb  which  can  be  divided  into  three  stages:  (1)  elastic  deformation;  (2)  plastic 
deformation  within  the  decohesion  region;  (3)  localized  plastic  deformation  within  the  necking 
region.  Such  deformation  processes  are  illustrated  in  Fig.  I.  At  the  early  stage  of  crack  opening, 
Nb  only  undergoes  elastic  deformation,  as  shown  in  Fig.  la.  As  crack  opening  increases,  Nb 
enters  the  stage  of  plastic  deformation  (Fig. lb).  At  last,  the  work  hardening  rale  of  the  niobium 
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at  the  central  portion  of  the  decohesion  region  is  lower  than  sness  increase  rate  due  to  decrease  in 
the  cross  section  area  of  the  reinforcement,  the  localized  deformation  begins  (Fig.lc),  which  lead 
to  the  flnal  failure  of  the  Nb  lamina. 

In  the  present  study,  displacement  of  the  stress-displacement  curve  is  assumed  to  only  come 
from  the  deformation  of  Nb  lamina  inside  the  decohesion  region  because  the  Nb  outside  the 
decohesion  region  is  bonded  to  the  matrix  and  only  undergoes  elastic  deformation.  Contour  of 
the  Nb  lamina  in  the  decohesion  region  is  assumed  to  be  part  of  the  outside  surface  of  a  cylinder 
with  a  varied  radius  of  R  for  all  the  stages  of  the  defoimation,  as  shown  in  Fig.  I .  Such 
assumption  is  a  good  approximation  to  the  real  contour  of  the  Nb  observed  in  the  experiments 
(17]  and  makes  the  ^culation  possible.  To  generate  data  of  the  nominal  axial  stress- 
displacement  curve  (C-U),  U  is  measured  as  the  axial  displacement  of  the  matrix  point  at  the 
boundary  of  the  decohesion  region,  while  a  is  computed  from  the  total  force  exerted  on  the 
remaining  cross  section  of  the  midplane  at  the  neck,  normalized  by  the  original  midplane  area. 
Plane  strain  is  assumed  for  the  computation  in  all  the  stages. 


Table  1.  Symbols  and  definidon 


2a  remaining  thickness  of  reinfoccement 

d  decohesion  length 

dc  characteiutic  decoheaon  length 
dm  measured  deoohesioa  length 
E  Young's  modulus 

Et  normalized  woik  of  rupture 

pofUjdU 

i  «o. 

et  true  strain 

^  mean  strain  in  x-direcdon  at  the  midplane 
of  the  neck  during  elastic  defoimation 
dG  increment  in  toughness  caused  by  ducdle 
reinfoicement 

2H  length  of  reinforcement  affected  by  necking 

n  work  hardening  coefTicient 

|X  Poisson's  rado 

R  radius  of  contour  of  the  neck 

a  stress 

o  effective  stress 

Oo  yield  strength 

Omax  maximum  stress  reached  by  constrained 
reinforcement 

Oy  yield  stress  of  constrained  reinforcement 

Oza  stress  in  z-direcdon  at  the  free  surface  of 
neck 

2t  inirial  thickness  of  reinforcement 
U  axial  extension  equal  to  crack-opening 
displacement 

U*  crack  opening  displacement  at  failure  of 
ductile  reinforcement 

Vf  volume  fraction  of  ducdle  reinforcement 

ro(U)dU 

q  work  of  rupture, 
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The  true  stress-strain  relations  of  the  Nb 
laminae  used  in  the  calculadon  ate 

Ot-3S6e(0  >»(MPa)  for  1.0  mm  Nb 
Oi  *  363  (MPa)  for  0.5  mm  Nb 

Ot »  386  e,  (Mp,)  o.25  mm  Nb 

. .  (2) 

The  above  equadons  are  obtained  from  the 
direct  measurement  on  the  unconstrained  hot 
pressed  Nb  which  is  different  from  the  Nb 
prior  to  the  compositing  because  of  change 
of  the  properties  of  the  Nb  during  hot 
compaction.  Use  of  the  above  equadons 
allow  us  to  compare  the  model  to  the 
experiment  directly.  Details  of  the 
measurement  of  the  true  stress-strain 
reladons  for  the  unconstrained  hot  pressed 
Nb  can  be  found  in  Reference  [17].  The 
yield  strengths,  oq.  of  three  different  sizes 
of  Nb  laminae  measured  are  also  different 
due  to  different  grain  sizes  and  solid  solution 
strengthening  [17].  The  yield  strengths  are 
180, 21 1  and  2^  MPa  for  Nb  laminae  with 
a  thickness  of  I.O,  O.S  and  0.25  mm, 
respectively. 

2.2  Stage  of  Elastic  Deformation 

To  compute  O  -U  data  for  elastic 
deformation,  two  more  assumptions  are 
made:  (I)  the  volume-conserving  nature  of 
large  scale  plastic  deformation  is  also 
applicable  to  this  stage;  (2)  the  effective 
stress  across  the  midplane  of  the  neck  is 
constant. 

Assumption  (1)  and  the  assumed  contour 
relate  the  displacement,  U,  to  the  radius  of 
the  cylinder,  R,  as 


Deoohesion 
length,  d 


Necking 

region 


a.  EUsdedefonnation,  b.  PlasdcdefocmaDon,  c.  Localized  defonnaiion. 
Rg.  1  A  schematic  of  three  stages  of  defotmadon  for  constrained  Nb. 

„_(d  +  u)*.4  tu 
•^"■TTTTr  *  . 


Assumpdon  (2)  renders  Bridgman  formula  for  a  necking  plate  [19] 

+  .  W 

computable  even  for  elastic  deformation,  x  and  a  in  the  above  equation  are  defined  in  Fig.  1. 
Although  the  assumed  contour  and  constant  effective  stress  do  not  represent  the  real  situation  of 
the  decohesion  region,  they  introduce  negligible  error  to  the  work  of  rupture  (see  the  Appendix). 

With  the  assumption  (2),  boundary  conttitions  at  the  neck  and  plane  strain  assumption,  the  stress 
conqronent  Oz  at  the  midplane  of  the  neck  can  be  related  to  the  stress  Oza.  which  is  Oz  at  the  free 
surface  of  the  neck,  as  follows 


(1  -p+p*) 


Introduction  of  the  Poisson's  ratio  of  Nb  (|i«0.39)  into  eq.  (5)  yields 


Oz  *  0.968  Oz  +  Oza 


Substituting  eq.  (6)  into  eq.  (4)  and  solving  forOz  yield 


0z-0„(  31.25-  31.25 - - )  .  (7) 

(|  +  i--5-5)0032 

*  2  2a* 

where  Oz.i  is  related  to  the  average  strain,  ^  measured  from  the  neck  with  the  following 


equation 


fe,{a,.Oy.o,)dx 
- - - 


/•* 


•(9.5579  a- 


10.1  (§^) 


0.032 


■  2  2,2 


dxl 


(8) 


where  E  is  Young's  modulus  of  Nb,  and  ^  can  be  measured  from  the  dinnension  of  the  neck 
using  the  relation  of  ^  >  Ln(a/t).  Thus,  by  numerical  integration  of  eq.  (8),  Ou  can  be  found 

for  any  specific  R  and  a.  Using  eqs.  (3),  (6).  (7)  and  (8),  O-U  data  can  be  calculated  for  the 
elastic  deformation. 

2.3  Staae  of  Plastic  Deformarion 

Von  Mites  y^  criterion  is  used  to  monitor  the  initial  yielding.  Thus,  when  the  effective  stress 
reaches  the  yield  strength  of  the  Nb,  plastic  deformation  begins.  Now,  Bridgman  formula  for  a 
necking  plate  [19] 

0,-o„{l-Hji(l-f^^(I-^)))  .  (9) 


can  be  used  directly  to  compute  the  nominal  axial  stress.  By  applying  boundary  conditions  *'  the 
neck,  a  relation  between  Oz,  and  the  effective  stress,  o .  can  be  found,  which  is 


0a -1.1547  5 


(10) 


where  o  is  determined  by  the  effective  strain. 

In  the  computation,  the  effecdve  strain  at  the  initial  yield  is  assigned  as  zero,  while  the  effective 
stress  hu  a  value  of  the  yield  strength  of  the  unconstrained  Nb.  After  the  initial  yield,  the 
niobium  is  assumed  to  be  perfect  isotropy  of  strain  hardening  and  the  power  law,  eq.  (2),  is  used 
to  compute  the  effective  soess. 

State  of  Localized  Plastic  Deformation 

The  localized  plastic  deformation  is  assumed  to  begin  when  the  nominal  axial  stress  is  about  to 
decrease.  The  length  of  the  region  affected  by  necking,  2H,  shown  in  Rg.l,  is  chosen  as  2t. 
After  necking  down  to  a  point  at  the  neck,  tire  region  with  such  dimension  gives  two  triangles 
with  the  height  equal  to  the  base.  The  base  is  assumed  to  have  no  more  deformation  when  the 
localized  deformation  begins.  The  assumptions  give  rise  to  a  contour  as  shown  in  Fig.  Ic.  and 
such  contour  is  an  approximation  for  the  contour  of  Nb  in  the  decohesion  repon  observed  in  the 
experiments  ( 17].  The  displacement  in  the  stage  of  the  localized  deformation  is  assumed  to  come 
only  from  the  defoimation  of  the  necking  affected  region  and  the  computation  of  the  nominal 
axial  stress  is  carried  out  using  eqs.  (9)  ar^  (10). 

111.  Resulis-Of  the  Model 


Effect  of  the  Decohesion  Leneih 


Dependence  of  the  stress-displacement  curve  on  the  dccolwsion  length  is  shown  in  Fig.  2  which 


Table  2.  Decohesion  length  in  the  MoSii/Nb  contposites 
(hot  pressed  at  1400^,  40MPa  for  I  hour) 


length  (tnm)  10  ±  S 


ton 
all  the  way 
to  the 


ncoated  AI2O3  4nj2 
coated  coated 


ueconesion  U.94±u.23 
2.9±0.4  3.3±0.4  all  the  way  0.8610.09  1.3010.61 

to  the 


is  generated  using  the  tnie  stress>strain  data  of  O.S  mm  Nb.  The  results  indicate  that  the 
maximum  stress  reached  by  the  constrained  Nb,  Omax*  increases  with  increasing  constraints  on 
the  ductile  reinforcement;  but  increasing  constraints  decreases  the  work  of  rupture.  Such  results 
suggest  that  a  relatively  vwak  bond  at  the  intorface  enhances  the  work  of  rupture  and  therefore  is 
conducive  to  toughness  of  the  brittle  matrix  composites.  Similar  results  are  obtained  by  other 
investigators  using  different  models  [11,13,16]. 

When  the  dau  measured  in  the  expaiment  [17],  as  shown  in  Table  2,  are  put  into  the  model,  the 
results  show  that  the  maximum  stresses  are  nearly  constant  for  each  size  of  Nb,  although  the 
work  of  rupoire  increases  with  increasing  decohesion  length.  The  work  of  rapture  normalized  by 
the  yield  strength,  oq.  and  half  thickness  of  ductile  phase,  t , 


fu* 

<KU)dU 

J.  ‘ 


called  as  the  normalized  work  of  rapture,  E|,  in  the  text,  also  exhibit  an  increase  with  increasing 
decohesion  length.  The  computed  parameters  for  the  constrained  Nb  lamina  with  a  thickness  of 
O.S  mm  are  summarized  in  Table  3.  The  results  suggest  that  the  present  coated  and  uncoated 
Nb/MoSi2  laminates  are  in  the  range  of  low  constraints  because  in  the  high  constraint  range  (i.e., 
short  decohesion  length),  Omax  very  sensitive  to  the  decohesion  length,  as  shown  in  Fig.  2. 
An  experimental  evidence  indicating  that  the  {sesent  laminates  are  in  the  range  of  low  constraints 
is  that  the  maximum  stress  reach^  by  the  laminate  composites  with  1.0  mm  Nb  lamina  are 
almost  the  same  for  different  decohesion  lengths  ranging  from  -  5  to  -  1 5  mm. 


A  comparison  on  the  size  effect  between  the  model  and  experiments  for  the  uncoaied  Nb/MoSi2 
laminates  is  showed  in  Fig.  3.  The  input  data  for  the  model  are  from  eq.  (2)  and  Table  2  with 
each  size  of  Nb  having  its  own  trteasured  parameters  and  properties.  The  input  of  Young's 


Processing  Omax  Omax/Oo  ^ 


SO)-] - 

A 

Gauge  lengili 

400  It 

A:  0.3  nun 

D:  O.S  nun 

MPl 

C:  3.0  nun 

C 

AI2O3  coated  328.4 
Zr^  coated  328.2 


203,000  3.860 
339,000  6.435 


O  1)37  OSS  0X3  )  O') 

l)is|il.KVMiciii.  inin 

Fig.  2  liffeci  of  dccohcsion  length  on  the  stress 
displacement  curves 
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Table  4.  Summaiy  of  parameters  calculated  from  the  model  and  measured  for  the  uncoated 
Nb/MoSi2  laminates 


^■■rariRTifTOi 

K^easured 

2i 

(mm) 

Ontax 

®max/®o  4 

(J/m2) 

Et 

^max 

(MPi) 

Omax/Oo  4 

(J/m2) 

E| 

E|(cal)/E|(exp) 

m 

4.4 

f  kkllTll 

TT 

0.3 

329 

IJ6  196,000 

3.7 

320 

1.54  239,000 

4.5 

0.814 

0.23 

354 

1.50  88.000 

2.9 

351 

1.49  85.000 

2.8 

1.025 

modulus  is  from  the  slope  of  the  siress-strun  curve  of  the  unconstrained  Nb  in  a  simple  tensile 
test.  As  ^wn  in  ]Rg.  3,  the  model  fits  the  expmmental  data  reasonably  well  except  the  stage  of 
the  localized  plasdc  defonnadon.  The  deviadon  in  this  stage  is  believed  to  be  due  to  the  difference 
between  the  real  and  assumed  contours  of  the  neck.  The  parameters  calculated  from  the  model  are 
summarized  in  Table  4.  For  comparison  the  measured  parameters  ( 17]  ate  also  included  in  the 
uble.  Ratios  of  the  calculated  and  measured  normalized  work  of  rupture,  E|(cii)/Et(exp).  >lso 
included  in  the  table.  It  is  noted  that  the  calculated  maximum  stress,  the  work  of  rupture  and  the 
normalized  work  of  rupture  are  all  close  to  the  measured  counterparts.  It  is  quite  clear  that  the 
maximum  stress,  the  wotk  of  rupture  and  the  normalized  work  of  rupture  can  oe  estimated  from 
the  model 

Reinfocoemena  used  in  composites  are  usually  smaller  in  size  than  those  tested  in  the  present 
study.  To  predict  the  work  of  rupture  for  stiutil  size  of  reinforcements,  it  is  necessary  to  know 
the  decohesion  length  in  advance  for  computation  of  the  model  A  plot  of  Omax  vs  decohesion 
length  computed  from  the  model  for  the  composites  with  0.2S  mm  Nb  lamina  is  shown  in  Fig.  4. 
It  is  noted  that  there  exists  a  characteristic  decohesion  length,  dc,  below  which  a^ax  becomes 
very  seimtive  to  the  deoohesion  length.  Computation  of  the  model  shows  that  the  characteristic 
decahesUxi  length  is  equal  to  twice  of  the  thickness  of  the  niobium  and  the  normalized  work  of 
rupture  with  the  characteristic  decohesion  len^ith,  called  as  the  characteristic  normalized  work  of 
rupture,  is  constant  regardless  of  size  of  the  ranforcement. 

The  measured  decohesion  lengths,  dm,  in  the  present  study  are  all  larger  than  dc-  However,  ratio 
of  dm  to  dc  is  found  to  be  a  Unear  function  of  size  of  the  reinforcement,  as  shown  in  Fig.  5.  The 
relations  found  are 


Displaconem.  mm 


Fig.  3  Effect  of  reinforcement  size  on  the  stress 
displacement  curve.  Al,  B1  and  Cl  are 
exMrimental  curves  of  the  composites  with  0.23. 
0.3  and  1.0  mm  thick  Nb  laminae,  respectively; 
A2.  B2  and  C2  are  results  from  the  m^el  for 
composites  with  0.23, 0.3  and  1.0  mm  thick 
Nb  laminae,  respectively. 


Fig.  4  A  plot  of  Otnas  vs  decohesion  length. 
Arrow  A  shows  characteristic  decohesion 
length,  and  arrows  B,  C  and  D  show  the 
measuicd  decohesion  lengths  of  the  com¬ 
posites  containing  uncoated.  AI2O3  coated 
and  ZrO:  coated  Nb  laminae,  respectively. 
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Fig.  S  A  plot  of  ratio  of  the  measured  to  characteristic  Rg.  6  Nontnalized  work  of  rapture  as  a 
decohesion  length  as  a  function  of  reinfoiGeinent  size.  function  of  reinforcement  size. 


dm/dc  ■■  0.66  10.72 1  ( for  AI2O3  coated  lananates) 

dmfdc  ••  0.66  8.70 1  ( for  uncoated  laminates  )  .  (11) 

It  is  noted  that  dm  becomes  closer  lode  as  size  the  reinforcement  de<.rease$.  sugge^ng  that  the 
notmalized  work  of  rupntre  becomes  smaller  and  closer  to  the  characteristic  normalized  work  of 
rupture.  The  oxide  coating  changes  the  slope  of  the  liite,  indicating  that  the  coating  enhances 
decohesion  and  such  effect  becomes  larger  as  size  of  the  reinforcement  increases.  Witheq.  (11), 
the  decoheskm  length  of  small  size  of  the  reinforcement  can  be  prediaed  and  the  work  of  rapture 
be  calculated  from  the  model  A  plot  generated  in  this  way  is  ^wn  in  Fig.  6  which  shows  that 
Ei  decreases  with  decreasing  size  of  the  reinforcement,  as  f^nd  in  the  experiments  [17].  Thus, 
to  estimate  the  contribution  of  ductile  reinforcemenu  to  the  toughness  of  a  brittle  matrix 
composite,  the  itwdel  can  be  used. 

.3  Effect  of  Yield  Strength  and  Work  Hardening 

Effects  of  yield  strength  and  work  hardening  on  the  work  of  rapture  are  evaluated  by  putting  the 
propenies  of  several  different  materials  into  the  model.  The  properties  are  obtained  from 
Reference  [20]  and  the  true  stress-strain  curves  for  some  materials  are  shown  in  Fig.  7.  It  is 
noted  that  both  4340  steel  and  70/30  brass  have  a  higher  work  hardening  rate  than  the  Nb  used  in 
the  present  study.  The  computed  stress-displacement  curves  are  shown  in  Fig.  8.  and  the  input 
and  output  data  are  summarized  in  Table  3.  It  is  clear  that  work  of  rapture  icreases  w<th 
increasing  work  hardening  rate.  Although  70/30  brass  has  the  lowest  yield  strength,  its  high 
work  hardening  rate  enables  it  to  have  a  much  higher  work  of  rupture  than  both  4^0  steel  and 
Nb  both  of  which  have  a  higher  yield  strength  than  the  brass.  Reason  for  such  phenomenon  is 
that  a  high  work  hi^ening  rate  reinfotcement  have  a  higher  increase  rate  in  the  load-carrying 
ability,  and  instability  (i.e.,  the  localized  plastic  deformation  within  the  necking  region), 
therefore,  comes  relatively  later  than  a  low  work  hardening  rate  reinforcement,  when  the  two 


Table  S.  The  input  and  output  data  for  computing  the  stress-dsiplacement  curves  shown  in  Fig.  8 
(the  thickness  of  all  materials  is  asumed  as  03  mm) 


Material 

input  Data 

Output  Data 

0|»KC," 

06 

E 

It 

Oma* 

i, 

E, 

■lunnll 

(MPa) 

Nb 

3636, 0<»3 

210 

103 

0.39 

329 

196.000 

3.7 

SAE  4340  steel 

642e,0l5 

230 

193 

0.29 

496 

351.000 

6.1 

0.6%  C  steel 

I573C|'>>0 

500 

199 

0.29 

1337 

801.000 

6.4 

70/30  brass 

897c, 

80 

III 

0.30 

483 

662.000 

33.1 
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Fig.  7  The  true  stress-strain  curves  of  the  some  Fig.  8  G>mputed  stress-displacement  curves 
materials  used  for  evaluadng  effects  of  yield  using  the  data  in  Fig.  7  and  Table  S. 

strength  and  work  hardening. 


reinforoetnents  have  the  same  increase  rate  in  stress  due  to  decrease  in  the  cross-sectional  area  of 
the  reinforcements.  Thus,  high  work  hardening  rate  reinforcements  have  a  relatively  longer  suge 
of  plastic  defixmation  in  the  whole  decohesion  repon,  leading  to  more  energy  to  be  dissipat^ 
and  higher  work  of  rapture.  It  is  notewonhy  that  the  brass  has  a  very  high  ntxmalized  work  of 
rapture,  which  suggests  that  the  normalize  work  of  rupture  could  probably  be  used  as  an 
indicator  of  the  efficiency  with  which  the  work  hardening  contributes  to  enhancing  the  work  of 
rupture. 

When  yield  strength  is  very  high,  such  as  0.6  %  C  steel  in  Table  S,  work  of  rapture  would  be 
also  v^  high.  As  shown  in  Table  S,  0.6%  C  steel  has  a  much  higher  work  of  rapture  than 
70/30  brass  although  it  has  a  lower  wtxk  hardening  rate  than  the  brass.  Contribution  of  yield 
strength  to  work  of  rupture  is  mainly  to  increase  the  maximum  stress  reached  by  the  constrained 
reinforcement.  From  the  above  discussion,  it  is  concluded  that  both  high  work  hardening  rate 
and  yield  strength  are  beneficial  to  work  of  rupture.  Work  hardening  is  more  effective  in 
enhancing  the  work  of  rupture  than  yield  strength  because  high  x^-ork  hardening  rate  delays  the 
instability  of  deformation  for  constrained  ductile  reinforcements,  therefore  more  material  of  the 
reinforcements  participates  in  plastic  deformation  and  more  energy  has  to  be  consumed. 


IV.  Concluding  Remarks 

Based  on  the  observation,  the  flow  behavior  of  the  constrained  reinforcement  has  been  divided 
into  three  stages:  (1)  elastic  defotmaiion;  (2)  plastic  deformation  within  the  decohesion  region; 
(3)  localized  plastic  deformation  within  the  necking  region.  An  analytical  model  has  been 
developed  to  describe  these  three  stages.  The  mcdel  gives  insight  into  the  influence  of 
decohesion,  yield  strength,  work  hardening  and  size  of  the  reinforcement  on  the  stress- 
displacement  curve.  The  overall  shape  of  the  <J-U  curves  generated  by  the  model  fits  the 
measured  curves  reasonably  well. 

Computation  of  the  model  indicates  that  work  of  rapture  is  enhanced  by  a  relatively  weak  bond  at 
the  mairix/reinforcemeni  interface,  by  large  size  of  reinforcement,  and  by  a  high  yield  strength 
and  high  work  hardening  rate.  High  work  hardening  rate  is  more  effective  in  enhancing  work  of 
rupture  than  high  yield  strength. 

Computation  of  the  model  suggests  that  there  is  a  characteristic  decohesion  length,  dc,  with 
which  the  normalized  work  of  rupture,  Ei,  is  constant  regardless  of  size  of  the  reinforcement.  It 
is  found  that  the  deviation  of  the  measured  decohesion  length  from  dc  increases  with  increasing 
size  of  the  reinforcement,  which  leads  to  E(  increases  with  increasing  size  of  the  reinforcement.  A 
relation  between  dm  and  dc  is  found  which  allows  the  prediction  of  the  real  decohesion  length 
for  small  size  of  the  reinforcement  and  therefore  the  calculation  of  the  work  of  rupture  for 
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specific  size  of  the  reinforcement 
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Appcndis 

Finite  element  analysis  (FEA)  of  the  stress  distribution  across  the  neck  and  the  contour  of  the 
decohesion  region  during  the  elastic  deformation  was  implemented  using  the  ftnite  element 
software  package  ANSYS.  Due  to  the  symmetry,  only  one  quaner  of  the  specimen  was  analyzed 
using  two-dimensional  4-node  isoparametric  eletnents  with  an  assumption  of  plane  strain 
deformation.  A  typical  finite  element  model  for  the  constrained  Nb  is  shown  in  Fig.  9.  The 
displacenKnt  at  the  midplane  of  the  neck  was  allowed  only  in  the  x-direction,  and  the  bonded 
boundary  of  Nb  to  the  matrix  and  the  axial  central  plane  were  allowed  to  displace  only  in  z- 
direction,  as  shown  in  Fig.  9. 

Results  from  the  FEA  for  the  case  of  constrained  1.0  mm  Nb  lamina  with  2.28  mm  decohesion 
length  under  a  nominal  axial  sress  of  150  MPa  are  presented  in  Figures  10-12.  Fig.  10  compares 
the  assumed  contour  of  the  decohesion  region  with  the  FEA  result.  The  data  show  that  the 
assumed  contour  deviates  from  the  FEA  result,  leading  to  a  smaller  crack  opening  displacement 
compared  to  the  finite  element  analysis.  However,  the  difference  is  so  sm.nll  that  ii  introduces 
negligible  errors  to  the  computation  of  the  work  of  rupture. 


Ev,iltiation  of  effective  stress  distribution  across  the  midpl.ine  of  the  neck  is  shown  in  Fig.  1 1 . 
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Rg.  9  Mesh  and  bounduy  oondiiions  used  Hg.  10  A  comparison  between  the  assumed  contour 
for  analysis  of  constrained  Nb.  and  finite  element  analy^  of  decobsion  region 

during  the  stage  of  elastic  defoimaiwn.  X  and  Z 
are  defined  in  Fig.  17. 


X,  mm  X.  mm 

Fig.  1 1  Effective  stress  distribution  at  the  Rg.  12  A  comparison  of  the  axial  stresses  at 
midplane  of  neck.  the  midplane  of  neck  between  the  model 

and  FEA.  Note  that  mean  axial  stresses, 

Omean>  w  almost  the  same. 


Clearly,  the  effective  stress  is  not  constant  across  the  midplane,  but  increases  from  the  free 
surface  to  the  center  of  the  neck.  Although  the  assumed  constant  effective  stress  does  not 
represent  the  real  stress  distribution,  the  mean  axial  stresses  across  the  midplane  are  almost  the 
same  for  the  model  and  FEA,  as  shown  in  Fig.  12.  The  axial  stress  calculated  from  the  model 
increases  monotonously  from  the  free  surface  to  the  center,  which  is  hard  to  tell  from  Fig.  12 
because  of  the  scale  used.  Similar  results  were  also  o^ned  from  calculation  of  constrained  0.2S 
and  O.S  mm  Nb  laminae.  Thus,  it  is  concluded  that  the  assumed  constant  effective  stress  and 
contour  of  the  dccohesion  region  impose  negligible  errors  on  the  calculation  of  O-U  curve  and 
the  work  of  rupture. 
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Role  of  Matrix/ Reinforcement 

Interfaces  in  the  Fracture  Toughness  of  Brittle 

Materials  Toughened  by  Ductile  Reinforcements 


L.  XIAO  and  R.  ABBASCSilAN 

Cnck  interactioas  with  ductile  rdnforcemeatt,  especially  behavior  of  a  crack  tip  at  the  interface, 
have  been  studied  using  MoSij  composites  reinforced  with  Nb  foils.  Effects  of  fracture  energy 
of  interfaces  on  toughness  of  the  composites  have  also  been  investigated.  Variation  of  interfacial 
bonding  was  achieved  by  depositing  an  oxide  coating  or  by  the  development  of  a  reaction  prod¬ 
uct  layer  between  the  rdnforcement  and  matrix.  Toughness  was  measured  using  bend  tests  on 
ehevron-notched  specimens.  It  has  been  established  that  as  a  crack  interacts  with  a  ductile  re¬ 
inforcement,  three  compete:  interfacial  debonding,  multiple  matrix  fracture,  and 

direct  crack  propagation  throu^  the  rrinforcemeot.  Decohesioa  length  at  the  matrix/reinfoicement 
interface  depends  on  the  predominant  mechanism.  Furthermore,  the  results  add  to  the  evidence 
that  the  extent  to  which  interfacial  bonding  is  conducive  to  toughness  of  the  composites  dqtends 
on  the  criterion  used  to  describe  the  tou^mess  and  that  ductility  of  the  ductile  reinforcement  is 
an  important  factor  in  oootrtdling  toughness  of  the  composites.  Loss  of  ductility  of  the 
reinfmeement  due  to  inappropriate  processing  could  result  in  little'imptovement  in  tough- 
neu  of  the  composites. 


L  INTRODUCTION 

The  interface  between  matrix  and  leinCoseemeots  plays 
an  loie  in  the  performance  of  com¬ 

posites.  It  is  commonly  accepted  that  a  relatively  weak 
is  desirable  for  improving  ftacture  toughness  of 
btittle^materials  reinforced  by  ceramic  fibers.^*'*!  The 
reason  for  tiut  is  that  such  an  interface  when  present  in 
the  path  of  an  advancing  crack  would  fail  locally  and 
blunt  the  crack.  Otherwise,  if  the  interface  is  strong,  tire 
propagating  cnck  is  unlikely  to  ‘see*  the  fiber  and  little 
improvement  in  toughness  will  be  realized.  This  tough¬ 
ening  concept  has  become  a  dogma  in  design  of  brittle 
fTunwrinU  to  be  reinforced  by  ceramic  fibers.  However, 
when  the  reinforcement  is  a  ductile  fiber  with  a  high 
strain  to  failure,  the  requirement  for  the  interfacial  bond¬ 
ing  may  be  difierent.  This  is  because  occurrence  of  fiac- 
ture  for  the  two  different  fibers  is  based  on  different 
oitetia.  For  a  brittle  fiber,  the  occurrence  of  fiacture  is 
simply  based  on  the  magnitudes  of  the  maximum  tensile 
stresses  which  are  enhanced  by  the  presence  of  stress 
concentration.  In  contrast,  since  ductOe  fibers  can  yield 
locally  by  dislocation  slip  and  thus  blunt  the  crack,  the 
fracture  occurs  only  after  exhaustion  of  ductility  of  the 
fiber  in  the  presence  of  triaxial  stresses  at  the  crack  tip 
(particularly  in  plane  strain).  As  such,  there  may  be  dif¬ 
ferent  requirements  for  the  interfaces  in  ductiie-fiber- 
reinforced  brittle  matrix  composites. 

The  responsibility  for  the  ductile  phnae  toughening  has 
b**a  attributed  to  bridging  of  intact  ligaments  of  the  duc¬ 
tile  phase  behind  the  advancing  crack  tip.'*~'*'  Based  on 
this  mechanism,  the  increased  toughness  of  the  com¬ 
posites  in  the  case  of  small-scale  bridging  can  be  related 
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to  the  work  of  stretching  and  fiacturing  the  ductile  phases, 
AG,  by  the  following  equatioo:^*'*’ 

AG- <r(«)d«i  [1] 

where  u  is  tlie  crack  opening,  or(u)  the  nominal  stress 
on  the  ligament,  u*  the  crack  opening  at  the  end  of  the 
traction  zone,  and  V/  the  area  fraction  of  reinforcements  • 
on  the  crack  plane.  It  is  clear  that  the  increased  tough¬ 
ness  depends  on  the  stress-displacement  function  of  the 
ductile  ligament,  a(u),  which  in  turn  relies  on  the  extent 
of  decohesion  at  the  matrix/reinfoicement  interface  and 
can  be  determined  independently  using  a  simple  tensile 
test  on  a  single  constrained  ductile  reinforcement.^-'^'*' 
These  experiments  indicated  that  a  high  work  of  rupture 
of  ductile  reinforcements  was  encouraged  by  a  partial 
decohesioa  at  the  interface. Deve  et  a/.,*'**  how¬ 
ever,  found  that  whether  or  not  extensive  decoh^on  was 
desirable  for  a  high  work  of  rupture  depended  on  the 
work-hardening  capability  of  the  reinforcements,  sug¬ 
gesting  that  contributions  of  decohesion  were  compli¬ 
cated  and  interdependent  with  other  material  properties. 
Theoretical  analysis  of  stress-displacement  function,  cr(u). 
has  also  been  attempted.  Numerical  models'*-*'  showed 
that  partial  decc^esion  was  beneficial  to  a  high  woik  of 
rupture,  and  therefore,  a  high  toughness.  Similar  con¬ 
clusions  have  also  been  drawn  from  analytical 
models.'*-*-”' 

In  the  present  work,  effects  of  interfacial  coating  and 
decohesion  on  the  toughness  of  ductile-phase-reiaforccd 
brittle  matrix  composites  were  measur^  directly  using 
a  four-pouit  bend  test  on  ctievrun-notched  specimens  rather 
tliuD  measuring  the  stress-displacement  function  and  de¬ 
ducing  the  toughness  increment  via  Eq.  [1].  The  com¬ 
posite  system  selected  for  the  investigation  was  laminated 
MoSi]  matrix  reinforced  witli  coated  or  uncoated  Nb  foils. 
The  composite  system  was  selected,  because  MoSi]  is 


aoMog  the  most  promisiog  candidates  for  high-temperanue 
structural  applications.  In  addition,  the  two  components 
used  have  similar  coefficients  of  thermal  expansion,  thus 
minimizing  the  residual  thermal  stresses  and  simplifying 
the  fracture  toughness  analysis.  The  use  of  Mb  foil  rather 
than  filaments  allowed  for  the  ease  of  producing  the 
composites  with  controlled  properties,  but  it  still  served 
the  main  purpose  of  the  present  study. 


II.  EXPERIMENTAL 

A.  Measurement  of  Fracture  Toughness 

Disc-shaped  laminated  composites  were  produced  by 
hot  pressing  MoSij  powder  (—325  mesh)  with  20  vol  pet 
of  coated  or  uncoated  Nb  foils  at  14(X)  *C  for  1  hour  or 
1700  *C  for  40  minutes  under  a  pressure  of  40  MPa.  In 
order  to  minimiTit  lesidual  thermal  stresses,  the  hot-pressed 
discs  were  held  in  the  hot-pressing  chamber  at  800  *C 
for  1  hour  before  cooling  down  to  room  temperature. 
The  thickness  of  the  Nb  foils  was  0.25  mm.  liie  inter¬ 
face  coatings  were  produced  by  depositing  AljOj  or  ZrOj 
to  the  Nb  surface  prior  to  the  hot  pressing  or  by  the  de¬ 
velopment  of  a  reaction  product  layer  between  the  matrix 
and  reinforcement.  Details  of  the  coating  procedures  can 
be  found  in  Reference  18. 

One  way  to  evaluate  the  ductile  phase  toughening  is 
to  generate  a  resistance  curve  (R-curve)  of  the  compos¬ 
ites.  as  done  by  EUioa  et  n/."*’  and  Venkateswara  Rao 
etal.*^  To  generate  this  curve,  however,  the  dimen- 
sioiu  of  the  specimens  should  be  at  least  as  large  as  the 
bridging  lengtii.  For  the  present  model  composites,  based 
on  the  equilibrium  stress  distribution  across  ^  crack  hice, 
the  bridging  length  has  been  estimated  to  be  at  least 
50  mm.**‘*  To  avoid  using  such  a  large  specimen,  the 
toughness  of  the  present  composites  was  measured  by 
foUr-point  bending  of  chevron-notched  specimens. 

The  samples  had  inner  and  outer  spans  of  10  and  20  nun, 
respectively,  and  were  tested  using  a  hydro-servo- 
controlled  MTS  with  a  crosshead  speed  of  4  x 
10^*  mm/s.  In  order  to  prepare  the  chevron-notched 
bending  specimens,  the  hot-pressed  discs  were  cut  into 
rectangular  bars  with  dimensions  of  3.81  x  5.08  x 
25.4  mm.  The  notch  on  each  sample  was  cut  perpen¬ 
dicular  to  the  foil  plane  using  a  diamond  wafering  blade. 
To  investigate  interactions  between  cracks  and  reinforce¬ 
ments,  some  specimens  were  unloaded  at  various  levels 
of  load  during  the  bending  tests.  A  cross  section  per¬ 
pendicular  to  the  chevron  notch  of  the  unloaded  speci¬ 
mens  was  cut,  polished,  and  examined  using  scanning 
electron  microscopy  (SEM)  to  measure  decohesion  length 
and  the  crack  geometry  and  position. 

The  peak  load  of  the  beading  tests  was  used  to  cal¬ 
culate  fracture  toughness  with  the  aid  of  the  following 
equation:'^' 


where  is  the  maximum  test  load,  B  and  IV  the  width 
and  height  of  the  bending  bar,  respectively,  and  the 
minimum  value  of  the  dimensionless  stress  intensity  fac¬ 
tor  coefficient  as  a  function  of  relative  crack  length  for 


the  particular  specimen  used.  The  present  experiments 
revealed  that  was  reached  when  the  crack  was  in¬ 
side  the  chevron.  However,  because  of  the  rising  crack- 
growth  resistance  for  ductile-phase-toughened  compos¬ 
ites,  P _ and  yiia  do  not  occur  coincidentally  at  the  same 

crack  length,  and  therefore,  P _ does  not  exactly  cor¬ 

respond  to  the  stress-intensity  factor  at  failure  but  is  a 
go^  approximation  to  Thus,  the  value  calcu¬ 

lated  using  Eq.  [2]  is  called  ‘damage  tolerance”  in  this 
article  and  is  designated  as  rather  than  K^. 

B.  Interface  Fracture  Energy  Measurement 

The  measurement  of  the  fracture  energy  of  matrix/ 
reinforcement  interfaces  was  conducted  on  chevron- 
notched  short  bars  using  the  procedures  recommended 
in  Reference  26.  The  technique  involves  determining  the 
critical  stress  intensity  factor  from  the  peak  load  of  the 
notched  bars  and  then  converting  the  critical  stress  in¬ 
tensity  factor  to  the  fracture  energy  of  the  interface  (bond 
toughness  of  the  interface).  In  the  present  study,  how¬ 
ever,  a  modified  specimen  geometry,  as  shown  in 
Figure  1,  was  used.  An  advantage  of  the  present  ge¬ 
ometry  is  that  there  is  no  need  for  compliance  calibration 
due  to  synunetry  of  compliance  of  the  specimen  with 
respect  to  the  interface. 

The  short  bar  specimens  were  produced  by  hot  press¬ 
ing.  The  hot-pressing  temperature  and  coating  proce-^,  • 
dures  were  the  same  as  for  preparing  the  compositej^^ 
laminates  mentioned  in  Section  A.  The  Nb  foiUjiscdJor 
the  short  bar  specimens  were  0.127  mm$*nnd  thenotch 
was  cut  parallel  to  the  foil  using  a  diamond  wafering 
blade  with  a  thickness  of  0.4  mm.  The  thickness  of  the 
notch  was  chosen  to  be  slightly  larger  than  that  of  the 
foil  to  insure  that  the  Initiation  and  propagation  of 
the  crack  were  at  the  weakest  positions  among  various 
interfaces  between  matrix/coating/reinforcement. 

The  fracture  energy  of  the  interface,  was  cal¬ 

culated  using  the  following  equation;'^’ 


where  E  is  the  elastic  modulus  of  MoSij  and  K,c„  is  the 
critical  stress  intensity  factor  determined  from  the  peak 
load  of  the  short  bar  bending  test. 

C.  Tensile  Tests  on  a  Single 
Constrained  Reinforcement 

A  schematic  of  a  tensile  test  specimen  used  to  deter¬ 
mine  the  crack  behavior  near  the  reinforcement  is  shown 
in  Hgure  2.  The  specimens,  consisting  of  a  single  Nb 
foil  sandwiched  between  two  MoSij  layers,  were  pro¬ 
duced  by  hot  pressing  with  the  same  processing  condi¬ 
tions  as  for  the  composite  laminates  and  short  bar 
specimens.  The  straight-through  notches  on  the  MoSi] 
matrix  were  introduced  using  a  diamond  wafering  blade 
with  a  thickness  of  0.15  mm.  The  tensile  specimens  were 
polished  on  both  sides  perpendicular  to  the  Nb  foil  be¬ 
fore  testing.  The  specimens  were  unloaded  at  various 
levels  of  load  during  testing  and  examined  with  SEM  to 
observe  the  interactions  and  behavior  of  ductile  rein¬ 
forcement  at  the  near-tip  region. 
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m.  RESULTS  AND  DISCUSSION 
A.  Fracture  Energy  of  Interfaces 

Microstnictures  of  the  matrix/Feinforcemeot  inter¬ 
faces  for  the  coated  and  uncoated  foils  are  shown  in 
Figure  3.  The  thicknesses  of  AljOj  and  ZiOj  coatings 
produced  are  about  S  and  25  /xm,  respectively.  For  the 
uncoated  foils,  as  shown  in  Figure  3(a),  the  interaction 
between  the  matrix  and  TeinfoTccment  causes  formation 
of  (Mo,  Nb)5Si),  the  thickness  of  which  depends  on  the 
compositing  and  annealing  conditions.""  For  the  coated 
foils,  no  interaction  between  the  composite  constituents 
was  observed.  However,  because  of  the  diffusion  of  Si 
through  the  coatings,  a  Nb]Si3  layer  was  produced  near 
the  surface  of  the  foil.  Therefore,  as  can  be  seen  in  the 
figure,  the  coated  foils  contain  three  interfaces  between 


the  matrix  and  reinforcement:  MoSii/coating/NbjSis/Nb; 
whereas,  the  uncoated  foils  contain  two  interfaces:  MoSij/ 
(Mo.Nb)iSi,/Nb. 

When  the  hot-pressing  temperature  was  1400  "C,  the 
interfaces  between  the  uncoated  Nb  and  MoSi-  became 
MoSii/(Nb,  MolSij/NbjSij/Nb.  Detailed  me.  onisms 
of  the  interphase  formation  for  the  uncoated  Nb/MoSij 
system  at  different  temperamres  are  described  in 
Reference  27.  Despite  the  different  interfacial  micro¬ 
structures,  mechanical  behavior  was  observed  to  be  the 
same  for  the  specimens  hot-pressed  at  1400  *C  and 
1700  *C.  For  the  ZiOi  coated  Nb,  the  same  interfadal 
miciostructure  was  produced  at  both  hot-pressing  tem¬ 
peratures.  However,  for  the  AljOs  coated  Nb,  the  coat¬ 
ing  became  discontinuous  when  the  hot-pressing 
temperature  was  1700  *C.  Such  phenomenon  has  been 
attributed  to  the  Kirkendal  shift  caused  by  the  extensive 
Si  di^sion  across  the  coating."" 

A  typical  load-displacement  curve  of  the  chevron- 
notched  short  bar  for  a  ZrO]  coated  Nb/MoSi]  laminate 
is  shown  in  Figure  4.  Some  stable  crack  propagation  has 
been  achieved,  as  indicated  by.  the  fluctuation  in  the  curve 
near  the  mnytmum  loatf.  Therefore,  the  maximum  load 

was  used  to  calculate  G _ with  the  aid  of  Eq.  [3].  The 

coiresponding  fracture  surface  at  the  chevron  crack  is 
also  presented  in  Figure  4.  By  examining  both  fracture 
surfaces  of  a  broken  sample  with  SEM  and  an  energy- 
dispersive  spectrometer  (EDS),  the  failure  location  at  the 
interface  was  determined.  The  measured  fracture  ener¬ 
gies  of  interfaces  and  failure  locations  for  the  uncoated 
and  coated  Nb/MoSij  composites  are  summarized  in 
Table  I.  In  the  case  of  coat^  Nb  systems,  failure  oc¬ 
curred  along  the  oxide/NbjSij  interface  or  inside  the  oxide 
coating.  For  the  uncoated  system,  on  the  other  hand,  the 
failure  was  observed  to  take  place  inside  MoSij  rather 
than  at  the  interfaces  or  inside  the  interphases  formed, 
indicating  that  the  interfacial  region  has  a  higher  tough¬ 
ness  than  the  matrix.  Indeed,  the  value  of  C7au  of  MoSi, 
measured  in  the  present  study  is  33.7  J/m^,  and  all  the 
measurements  conducted  on  MoSi2/uncoated  Nb  system 
showed  that  fracture  energies  for  failure  of  the  notched 
short  bars  were  about  36.4  J/m^  because  the  crack  in 
MoSij  failed  to  follow  the  chevron-notched  plane  strictly. 
The  data  in  Table  I  also  show  that  the  fracture  energy 
of  the  interface  has  been  reduced  by  the  oxide  coatings. 
Furthermore,  the  zirconia  coating  exhibits  a  lower  frac¬ 
ture  energy  of  the  interface  than  the  alumina.  This  is 
attributed  to  the  existence  of  residual  tensile  stresses  in 
the  zirconia  coadng  caused  by  the  thicker  coating  layer 
and  a  higher  coeffleient  of  thermal  expansion  of  the  zir¬ 
conia  than  that  of  the  matrix  and  reinforcement. 

B.  Behavior  of  Cracks  at  the  Interface 

Details  of  cracks  impinging  on  Nb  foils  for  uncoated 
and  coaled  composite  systems  are  shown  m  Figure  S. 
The  micrographs  were  taken  from  the  cross  sections  of 
laminated  composites  unloaded  at  about  20  pet  of  the 
peak  load  of  the  composites  during  the  four-point  bend¬ 
ing  tests.  It  is  noted  from  the  figures  that  debonding  at 
the  interface  does  not  occur  when  a  crack  approaches  the 
interface  or  just  impinges  on  it  for  both  uncoated  and 
coated  reinforcement  systems.  Similar  observations  were 


Fig.  4 — A  lypicai  load-diipUcemeoi  curve  of  ihe  cbevron  notched  ihoct  her  for  >  ZiO,  coaled  Nb/MoSi,  laminate  and  the  cocreiponding  fracture 
surface  at  the  chevron  crack. 


Table  1.  Fracture  Eaersy  of  Interfaces  in  Coated  and  Uncoated  Nb/MoSij  Systems* 


System 

Processing 

Conditions 

Failure  Location 

Fracture  Energy 
of  Interface 

J/m*) 

MoSii/uncoaied  Nb 

1400  *0  and  1700  *0 

inside  the  MoSii 

>33.7  a:  1.4 

MoSii/AI]0]  coated  Nb 

1400  *0 

AIjOj/NbsSis  interface 

16.1  ±  1.3 

MoSti/ZrOj  coaled  Nb 

1400  ‘C  and  1700  ’C 

ZiOj^^sSl]  interface 
or  inside  the  ZrO] 

12.8  £  1.0 

*Four  speclineas  for  each  coodiiioa  urere  tested. 

made  from  tensile  tests  on  a  single  constrained  Nb  foil. 
This  is  not  surprising,  since  all  the  fracture  energies  of 
the  interfaces  measured  in  the  present  study  are  higher 
than  1/S  of  the  matrix  fracture  energy.  The  observation 
is  consistent  with  an  estimation  made  by  Cook  and 
Gordon.^’*'  They  found  that  for  on  elliptical  crack,  an 
inierfociol  ftaccure  energy  of  1/S  or  less  of  the  matrix 
fracture  energy  would  cause  interfacial  debonding  in  ad¬ 
vance  of  tlie  crack. 


Rgure  6  shows  a  typical  microstructure  of  an  uncoated 
Nb  tensile  test  specimen.  A  notch  tip  can  be  seen  at  the 
left  side  of  Figure  6(a),  which  shows  that  a  crack  ini¬ 
tiates  at  the  notch  tip  and  ends  at  the  Nb  foil.  Figure  6(b) 
is  a  close-up  of  one  of  the  crack  tips  in  Figure  6(a).  As 
seen  in  the  figure,  the  impingement  of  the  crack  on  the 
interface  causes  local  dislocaiion  slip  of  the  reinforce¬ 
ment  instead  of  intcrfacial  failure,  leading  to  the  release 
of  the  stress  concentration.  In  addition,  there  are  also 


4  — ' 


Fig.  S — Optical  mieroslnicnires  of  composite  laminates  showing  that  cracks  end  at  the  front  of  the  reinforcement  without  causing  intcifaciel 
debonding.  (e)  Uncoaied  Nb.  (h)  AljOi  coated  Nb,  and  (c)  ZiO,  coated  Nb  reinforixd  composites. 


multiple  cracks  at  the  interface  which  add  to  relaxation 
of  tip  stress  intensity  and  effectively  enlarge  the  initial 
plastic  zone  in  the  ductile  phase.  The  result  shows  that 
interfacial  failure  is  not  the  only  mechanism  of  blunting 
cracks  in  the  case  of  ductile  rei^orcements.  The  slip  ca¬ 
pability  of  ductile  reinforcement  can  play  an  important 
role,  as  will  be  discussed  further  in  the  following  sections. 

A  general  view  of  the  cross  section  of  a  composite 
laminate  reinforced  with  20  vol  pet  of  ncoated  Nb  lam¬ 
inae  unloaded  at  about  20  pet  of  the  peak  load  is  shown 
in  Figure  7.  As  seen  in  the  figure,  the  crack  propagation 
is  discontinuous  in  nature,  f.e..  after  a  crack  stops  at  one 
side  of  a  Nb  lamina  in  the  laminated  composites,  its 
propagation  is  accomplished  by  renucleadon  of  another 
cra^  at  the  other  side.  Also,  around  a  load  level  of 
20  pet  of  the  peak  load,  the  crack  has  already  propagated 
throughout  the  entire  thickness  of  the  matrix.  Beyond 
this  level,  the  load  is  carried  exclusively  by  Nb  laminae. 
Owing  to  the  extensive  cracking  of  the  matrix  at  a  load 
level  considerably  below  the  peak  load  of  the  composite, 
the  value  calculated  from  the  peak  load  of  a  bending  test 
on  the  chevron-notched  specimen  using  Eq.  [2]  was  ac¬ 
tually  a  reflection  of  the  bridging  capability  of  the  ductile 
pliases  and  was  interpreted  as  an  indicator  of  the  damage 
tolerance  of  the  composite.'”* 

C.  Debonding,  Multiple  Matrix  Fracture,  and  Direct 
Crack  Propagation  through  the  Reinforcement 

As  load  continues  to  increase  during  the  tensile  tests 
after  the  cracks  have  impinged  on  the  Nb  foil,  debonding 
at  the  interfaces  and/or  multiple  fracture  of  the  matrix 
near  the  interfaces  occur  due  to  a  relatively  large  lateral 
deformation  of  the  Nb  reinforcement  compared  to  the 
matrix  and  load  transfer  from  the  matrix  to  the  reinforce¬ 
ment.  Typical  features  of  debonding  at  the  interface  and 
multiple  fracture  of  the  matrix  near  the  interface  for  the 
coated  and  uncoated  specimens  are  shown  in  Figure  8. 
It  is  noted  that  interfacial  donondiitg  hat  occurred  at  Uta 
oxide  coated  systems  (Figure  8(a))  as  contrasted  with 
multiple  matrix  fracture  near  the  interface  for  the  un- 
coated  systems  (Figure  8(b)).  This  is  in  agreement  with 
the  interface  fracture  energy  measurement,  since  the 
interfaces  in  the  uncoated  composites  have  a  higher  frac¬ 
ture  energy  tlian  the  matrix;  as  such,  the  matrix  is  ex¬ 
pected  to  fail  more  easily  than  tlie  interfaces  in  these 
composites.  On  the  oilier  hand,  for  tlic  oxide  coaled 


composites,  the  fracture  energy  of  the  interfaces  is  lower 
than  the  fracture  energy  of  the  matrix.  Thus,  interfacial 
debonding  prevailed  in  these  composites.  Similar  results 
were  also  observed  in  a  related  study  on  beading  tests 
of  chevron-notched  composite  laminaics,*”'  which  showed 
that  debonding  at  the  interfaces  prevailed  in  the  AljOj 
coated  Nb  composites*  while  multiple  matrix  fracture 
dominated  in  the  uncoated  Nb  composites. 

Both  interfacial  debonding  and  multiple  matrix  frac¬ 
ture  create  a  ‘gage  length*  at  the  matrix/reinforcement 
interface  which  is  a  region  virtually  free  from  constraints 
of  the  matrix  and  is  called  ‘decohesion  length*  in  the 
text.  Measurement  of  t^e  decohesion  length  was  con¬ 
ducted  for  laminated  composites,  and  the  results  are  shown 
in  Table  n.  Since  the  decohesion  length  of  the  laminated 
composites  varies  with  load  and  position  of  the  rein¬ 
forcement,  the  values  reported  in  Table  II  are  measured 
at  the  peak  load  and  for  the  second  foil  from  the  notch 
tip.  Microhardness  of  the  Nb  reinforcements  after  hot 
pressing  is  also  included  in  Table  n  to  show  how  hard¬ 
ness  of  the  Nb  foils  was  effected  by  the  processing  con¬ 
ditions.  Little  change  in  microhardness  across  the  whole 
Nb  foil  was  observed  so  that  the  microhardness  was  taken 
as  a  constant  for  each  specific  condition.  The  results  for 
the  specimens  hot-pressed  at  1400  ”C  show  that  the  lower 
the  Centre  energy  of  the  interface,  the  longer  the  de- 
cohesion  length.  This  is  the  result  we  would  expect,  since 
lower  interfacial  fracture  energy  means  lower  resistance 
to  interfacial  decohesion.  However,  in  the  case  of  ZrOj 
coated  systems,  when  hot-pressing  temperature  is  in¬ 
creased  to  1700  *C,  the  decohesion  length  becomes  neg¬ 
ligible  in  contrast  with  the  general  trend  exhibited  by  the 
composites  processed  at  lower  temperatures.  Figure  9 
shows  two  typical  load-displacement  curves  of  bending 
tests  on  ZrOi  coated  Nb/MoSij  laminated  composites 
hot-pressed  at  1400  “C  and  1700  ”C.  It  is  noted  that  frac¬ 
ture  toughness  of  the  composites  is  reduced  and  the  fail¬ 
ure  becomes  catastrophic  when  hot-pressing  temperature 
ohunges  from  UoO  'C  to  1700  "C.  Obxai  vatioii  of  fnjc- 
tuie  surfaces  also  shows  a  change  of  fracture  modes  from 
quasi-cleavage  to  cleavage,  us  shown  in  Figure  10.  As 
indicated  in  Table  B,  microhardness  of  the  Nb  foils  in¬ 
creases  from  131  to  236  as  the  processing  temperature 
is  increased,  indicating  an  increase  in  the  slip  resistance 
of  llic  Nb  foils.  The  embrittlement  of  Nb  is  probably  due 
to  the  diffusion  of  interstitial  oxygen  into  the  foil.s  at  higher 
ptoccssing  tem|>crjlurcs  from  the  rlccomiKisiiion  nl  /jUj 


Table  II.  Occohctioa  Length  and  Miorohardnesai  Measured  from  the  Laminated 
Conpoiltes  Rcioforoed  with  20  Vol  Pet  of  Nb  PoUs  with  a  Thickness  of  0.2S  mm* 

Composite  System _ Uacoated  Nb _ AljOi  Coated  Nb _ ZiOj  Coated  Nb 

Hot-pressing  temperature  1700  *C  1400  *C  1400  *C  1400  *C  1700  *C 

DecoheatOn  leogUi  (mm)  .  0,73  ±  0.08  0.76  s  0.06  0.80  a:  0.12  1.06  s  0.23  0 

Vickers  hardiness  I  mC  )  _ 131 _ 134 _ 131 _  236 

*POur  •peeimeai  for  each  coadiiiOB  were  tested  except  for  Al>0»  eoated  Nb  tyrtem  for  which  eight  speciincas  were  tened. _ 


Hg.  9 — TVpieal  load-displMeaeat  euivet  of  beadlag  tesu  oa  eher- 
ma  iw*tr'***4  eonipotite  »«»!««■»«  rdafotced  by  ZiOi  coated  Nb  foQa. 


Loss  of  ductility  of  the  foil  leads  to  little  lateral  defor- 
matioo  of  the  Nb  and  resultant  transverse  stresses  and, 
therefore,  results  in  negligible  decohesion  length.  To 
support  tius  inference,  tensile  tests  on  single  constrained 
reii^orcenient  specimens  were  conducted  and  the  results 
showed  that  whenever  Vickeis  hardness  of  uncoated  Nb 
foils  increased  to  about  200  by  controlling  hot-pressing 
conditions,  fracture  mode  was  always  by  cleavage  even 
if  the  notches  were  cut  directly  into  the  Nb  foils.  This 
result  shows  clearly  that  brittle  firacture  of  the  Nb  foils 
is  due  to  embrittlement  of  the  foils. 

From  the  previous  discussion,  it  can  be  summarized 


that  as  a  crack  approaches  the  ductile  reinforcements  in 
these  systems,  there  exist  three  competitive  mechanisms: 
interfacial  debonding,  multiple  matrix  fracture,  and  di¬ 
rect  crack  propagation  through  the  ductile  reinfoice- 
nrent.  Figure  11  shows  schematically  these  interactions. 
In  the  case  of  high  ductility  of  the  reinforcement,  the 
crack  is  blunted  by  local  dislocation  slip  of  the  ductile 
phase.  The  present  experiments  showed  that  extensive 
debonding  did  not  occur  at  the  early  stage  of  the  crack/ 
ductile  phase  interaction,  so  that  the  interaction  could  be 
approximated  as  the  case  of  no  debonding  at  this  stage. 
Tlius,  to  fail  the  ductile  reinforcement,  a  much  higher 
tensile  stress  has  to  bo  applied  .which  increases  shear 
stresses  at  the  interface  due  to  load  transfer  and  trans¬ 
verse  stresses  caused  by  the  difference  between  lateral 
displacements  of  tite  matrix  and  reinforcement.  Botii  shear 
and  transverse  stresses  enhance  interfacial  debonding  and/ 
or  multiple  matrix  fracture.  Thus,  whether  interfacial  de¬ 
bonding  or  multiple  matrix  fracture  predominates  de¬ 
pends  on  the  values  of  the  fracture  energies  of  the  matrix 
and  interface.  On  the  other  hand,  for  the  case  of  low 
ductility  of  the  reinforcements,  the  crack  can  relatively 
easily  propagate  through  the  reinforcement  before  oc¬ 
currence  of  Ae  interfacial  debonding  or  multiple  matrix 
fracture.  The  decohesion  length,  which  results  from  the 
competition  of  the  three  above-mentioned  mechanisms, 
is  controlled  by  a  combination  of  three  material  prop¬ 
erties:  interface  fracture  energy,  toughness  of  the  matrix, 
and  slip  cqiability  of  the  reinforcement. 

D.  Fracture  Toughness  of  the  Laminated  Composites 

Typical  load-displacement  curves  of  bending  tests  on 
chevron-notched  composite  laminates  hot-pressed  at 


Fig.  to  —  Friciure  luificcs  of  (he  Nb  foUs  ia  compoii(e  lamuuces  reioforecd  by  ZK),  coated  Nb:  (a)  hot-prcivcd  lU  leOO  'C  for  I  hour  and 
(l>)  hoi-pressed  at  1700  ’C  for  40  min. 


|»(  IwylMiit  lOliKim  |»|  M»lli>li  Mkii  kMiix  (OkkM  aMt  ptapmitlim 

Fig,  1 1  — ScbsmMic  oflho  ifane  eoo^ieiiUve  mecbaoiinu  it  the  tater- 
faee.  for  ihc  proeest  lo  tenioate  ifaokn  ia  (a)  are  high 

loughacM  iciaforeameat  aad  weak  iatcffaee.  (b)  an  Ugh  loughaeai 
leiafbcceaieal  aad  strong  interface,  (c)  are  low  toughness  teiaforoe- 
meat  and  SBoag  or  weak  iateiface. 


predictions  based  on  the  numerical  and  analytical 
studies.'*"’’*-'’' 

However,  damage  tolerance  determined  from  the  peak 
load  of  the  chevron-notched  specimens  shows  an  op¬ 
posite  trend.  The  damage  tolerance  determined  in  this 
way  is  also  included  in  Table  HI.  The  data  show  that 
uncoated  Nb  reinforced  composites  exhibit  the  highest 
damage  tolerance,  followed  by  AljOs  coated  and  then 
ZrOi  coated  composites.  This  sequence  is  parallel  to  the 
J[^r8**$^hcrMS»-in  the  interfacial  fracture  energy  of  the  com¬ 
posites;  that  is,  the  higher  the  interfacial  fracture  energy, 
the  hitter  the  damage  tolerance  of  the  composites. 

The  data  in  Table  m  also  indicate  that  loss  of  ductility 
of  the  ZiOj-coated  Nb  foils  hot-pressed  at  1700  *C  re¬ 
sults  in  a  large  drop  of  toughness  of  the  laminated  com- 
posites.  Tlieiefoie,  the  damage  tolerance  data  suggest  that 
h....  a  high  degree  of  constraints  is  conducive  to  toughness 

roroe-  as  long  as  the  ductile  reinforcement  has  a  high  slip  ca¬ 

pability.  When  the  reinforcement  does  not  have  the  slip 
capability,  as  in  the  case  of  ZxOi  coated  composites  pro¬ 
cessed  at  1700  *C.  decreasing  the  constraint  (i.e..  in- 


1400  *C  are  shown  in  Figure  12.  There  are  two  promi¬ 
nent  features  in  the  figure:  (1)  uncoated  Nb  reinforced 
composites  exhibit  the  highest  peak  load  and 
(2)  mechanical  behaviors  of  ZtOj  and  AljO,  coated  sys¬ 
tems  are  similar,  both  of  them  showing  an  increase  in 
the  carried  load  ia  the  last  part  of  the  displacdnent  curves. 
The  latter  observation  is  caused  by  the  extensive  delam¬ 
ination  at  the  interface,  and  correspondingly,  more  ni¬ 
obium  participates  in  deformation  and  deforms  under  mudi 
less  coiutrained  condition.  Because  of  this  feature,  the 
total  energy  consumed  to  break  a  specimen  (area  under 
the  curve)  for  the  coated  composites  is  larger  than  that 
to  hrekk  the  uncoated  ones.  The  work  of  fracture,  de¬ 
fined  as  the  total  energy  normalized  with  respect  to  the 
generated  crack  area,'*'’'  for  the  various  composites  is 
presented  in  Table  m.  As  seen  in  the  table,  the  coated 
composites  show  the  higher  work  of  fracture,  indicating 
that  the  low  interfacial  fracture  energy  and,  thus,  long 
decohesion  length  are  benefreial  to  improving  the  tough¬ 
ness  of  the  composite.  This  result  is  consistent  with 


creasing  the  gage  length  by  decreasmg  the  interfacial 
bonding)  is  more  beneficial  to  improving  the  toughness. 

In  summary,  the  results  from  th.e  bend  test  of  chevron- 
notched  specimens  indicate  that  the  role  of  the  interface 
for  ductile  reinforcement  and  debonding  in  the  toughness 
depends  on  the  criterion  used  to  describe  the  toughness 
of  the  composites.  If  the  peak  load  of  the  chevron-notched 
specimen  is  used  as  an  indicator  of  the  toughness,  a  strong 
bonding  and,  therefore,  a  high  degree  of  constraints, 
would  be  desirable.  On  the  other  hand,  if  the  total  en¬ 
ergy  consumed  to  break  a  specimen  is  used  as  indicative 
of  that  specimen’s  toughness,  then  a  relatively  weak 
bonding  is  required. 

The  aforementioned  dual  effects  of  interfacial  prop¬ 
erties  on  the  toughness  of  the  composites  are  further  sup¬ 
ported  using  the  data  obtained  from  the  simple  tensile 
test  on  a  single  constrained  Nb  foil.  Representative  stress- 
displacement  curves  for  0.5-mm-thick  Nb  lamina  are 
shown  in  Figure  13,  and  the  corresponding  decohesion 
lengths  with  different  coating  conditions  for  different  sizes 
of  Nb  laminae  are  summarized  in  Table  IV.  It  is  noted 


displacement,  mm 


that  the  area  under  the  stress-displacement  curve,  called 
“work  of  rupture  of  the  constrained  ductile  phase,"  in¬ 
creases  with  increasing  decohesion  length.  As  given  by 
Eq.  [I],  the  steady  state  toughness  of  the  composites  is 
proportional  to  the  work  of  rupture  of  the  constrained 
ductile  phase.  Thus,  increasing  decohesion  length  is 
conducive  to  improving  steady  state  toughness  of  the 
composites,  a  trend  also  shown  by  the  work  of  fracture 
measured  from  chevron-notched  specimens  (Table  HI}. 
Figure  13,  at  the  same  time,  also  reveals  that  the  max¬ 
imum  stress  reached  by  the  constrained  Nb  decreases  with 
increasing  decohesion  length,  a  trend  similar  to  that  ex¬ 
hibited  by  the  damage  tolerance  measured  from  the 
chevron-notched  specimens.  These  apparently  different 
rules  of  the  interface  can  be  explained  by  relating  the 
maximum  stress  reached  by  the  constrained  ductile  phases 
to  the  crack  propagation  resistance  in  the  case  of  large- 
scale  bridging  (i.e.,  crack  length  is  at  the  same  order  of 


Fig.  12  — Typical  load-diipUccmeni  curvei  of  bending  tests  on  chev-  tnagnitude  as  bridging  length) ,  .\s  observed  in  the  present 
n>a  notched  laminates  reuUoiceil  by  20  vol  pet  of  coated  nnd  uiicoiitcd  composites  (I'igure  7).  A  recent  calculation  based  on  the 

Nb  foils,  bot-pressed  at  1400  "C  for  I  hour,  equilibrium  stress  distributions  across  the  crack  face"" 


Table  ni.  Measured  Taughuess  of  the  Laminated  Composites 
Reinforced  with  20  Vol  Pet  of  Mb  Foils  with  a  Thickness  of  0.25  mm* 


Monolithic 

Uncoated  Nb 

A1]0]  Coated 

ZrOj  Coated 

ZiO]  Coaled 

Material 

MoSii 

Reinforced 

Nb  Reinforced 

Nb  Reinforced 

Nb  Reinforced 

Hot-pressing 

1700  *C 

1700  *C 

1400  *0 

1400  ‘C 

1700  ‘C 

temperacure 

Damage  (olertnee 

and  1400  *C 

(MPa 

3.3  ±  0.3 

15.2  ±  1.3 

14.0  ±  1.5 

12.8  X  1.5 

8.6  X  1.3 

Work  of  fracture 

(f/m*) 

Interfacial 

690  X  30 

21,600  ±  3000 

28,700  ±  1900 

28,700  ±  4600 

2800  ±  300 

fracture  energy** 
DuelUity  of  the 

high 

low 

low 

reinfoicenient** 

— 

high 

high 

high 

low 

'Fbv  tpedraeas  for  each  eoadition  were  tested  except  for  AliOi  coated  Nb  system  for  which  eight  specinieas  were  tesred. 

**For  details,  tee  Tables  1  and  U. 

Pig,  13— Effect  of  the  eoaltags  ea  (be  itrest-displaccmeac  curves, 
liieasured  (hmi  leasOe  lest  oa  the  siagle  coastralned  Nb  lamiaa  (lhick> 
acts  of  the  Nb  laminae  •  0.S  nun). 


indicates  that  the  maximum  crack  propagation  resistance 
of  the  composites  increases  with  increasing  decohesion 
length.  However,  the  maximum  crack  propagation  re* 
sistance  is  achieved  only  after  the  crack  has  propagated 
exteesively.  At  the  small  crack  size,  the  composites  with 
less  decohesion  show  a  higher  crack  propagation  resis¬ 
tance  than  their  counterparts  with  more  decohesion. 
Therefore,  it  seems  that  the  choice  of  weak  or  strong 
interface  in  describing  Gracture  behavior  of  ductile-phase- 
toughened  composites  depends  on  the  criterion  used  to 
describe  the  toughness  of  the  composites. 


VI.  SUMMARY  AND  CONCLUSIONS 

The  present  set  of  experiments  clarifies  the  role  a 
matrix /reinforcement  interface  plays  in  brittle  materials 
toughened  by  ductile  reinforcements.  It  has  been  dis¬ 
closed  that  influence  oCinterface$  on  fracture  toughness 
of  brittle  matrix/ ductile  reinforcement  composites  is  not 
as  crucial  as  in  brittle  matiix/ceramic  fiber  coro^rosites 
due  to  the  local  dislocation  slip  of  ductile  paase  at  the 
crack  tip.  Furthermore,  it  has  teen  established  that  as  a 
crack  impinges  a  reinforcement,  there  exist  three  com¬ 
petitive  mechanisms:  interfacial  debonding,  multiple 
irutrix  frrmture,  and  direct  crack  propagation  through  the 
reinforcement.  The  mechanism  that  prevails  is  decidec 
not  only  by  fracture  energies  of  the  interface  and  tough¬ 
ness  of  the  matrix  but  also  by  the  slip  capability  of  the 
ductile  reinforcement.  Decohesion  length  at  the  matrix/ 
reinforcement  interface  is  a  result  of  the  competition.  In 
the  case  of  high  slip  capability  of  the  remforcements,  the 
higher  the  fracture  energy  of  interfaces,  the  shorter  the 
decohesion  length. 

The  toughness  measurement  has  revealed  that  whether 
or  not  a  strong  interfacial  bonding  is  conducive  to  tough¬ 
ness  depends  on  the  criterion  used  to  describe  the 
toughness  of  the  composites.  If  the  peak  load  of  the 
chevron-notched  specimen  is  used  as  an  indicator  of 
the  toughness,  a  strong  bonding  would  be  desirable.  On 
the  other  hand,  if  the  work  of  fracture  is  used  as  indic¬ 
ative  of  its  toughness,  then  a  relatively  weak  bonding  is 
required.  Ductility  of  the  ductile  rei^orcement  is  also 
an  important  factor  in  controlling  toughness  of  the  com¬ 
posites.  It  has  been  demonstrated  that  loss  of  ductility  of 


Table  rV.  Dcoobesion  Length  Measured  from  Siagle  Constrained 
Nb  Foil  Specimens  (Hot-Pressed  at  1400  *C,  40  MPa  for  1  Hour)* 


Thickness  of 
Nb  Foil  (mm) 

I.O 

0.5 

0.25 

Processing 
eoadition 
Decohesion 
length  (mni) 

uncoated 

10  i  5 

A1,0,  ZiO, 

coated  coated 

decohesion 
all  the  way 

III  the  grips 

uucoaied 

2.9  i  0.4 

AI,0,  ZK)i 

corned  coated 

3.3  ±  0.4  decohesion 

oJl  ihe  way 
to  the  grtpi 

uncoalcd 

0.86  1  0.09 

AJ.O,  ZiO, 

coaled  coated 

0.94  t  0.23  1.30  2  0.61 

•Four  specimeof  for  each  cuadiiioo  were  leslod  except  for  0.5'cnm 

•thick  Nb  foils  lor  which  ct^ht  S|>ecunctu  wcfc  (cslcd. 

the  ductile  reinforeemeot  during  pixicessing  could  result 
in  little  improvement  in  toughness  of  the  composites. 
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ABSTRACT 

This  study  explores  the  relations  between  processing  routes,  microstructures  and 
meclianical  profietties  of  the  matrix/ieinforoemcni  interfaces  in  MoSi]fNb  composites.  It  was 
found  that  the  fracture  energy  of  the  intorfacitd  region  depended  on  the  inierfacial  bond 
strength,  roughness  of  interface  and  the  nature  of  the  interfadal  compounds.  The  fracture 
energy  betw^  the  oxide  coating  and  imemietaUic  interfadal  compounds  was  found  to  be 
lower  than  that  between  two  intermeullics  or  between  Nb  and  an  intetmetallic.  Processing 
routes  were  found  to  affect  the  fracture  energy  of  the  interfadal  region  by  changing  inierpb^ 
formation,  changing  microstructure  of  materials  adjacent  to  the  interface,  or  changing 
roughness  of  intenace. 


INTRODUCTION 

It  is  commonly  accepted  that  a  relatively  weak  interface  is  desirable  for  improving 
fracture  loughness  of  ceramics  and  iniennetallies  teinfotced  by  ceramic  fibers  [M],  The  reason 
for  this  is  mat  sudt  an  interface  when  present  in  the  pmh  of  an  atlvandttg  crack  would  fail 
locally  and  blunt  the  crack.  A  reladydy  weak  interface  is  also  benefidal  to  bacture  touduiess 
of  polymer^ianix  composites.  An  example  is  provided  by  Harris  et  al.  [5],  who  used  different 
fibtf  surface  tteatments  to  change  the  bond  strength  of  the  imerftoe  in  cari^  fiber>teinforoed 
polyester  composites,  and  demonstrated  that  higher  fracture  energy  was  achieved  in  the  case  of 
the  weakest  itiietfaoe,  resuldng  Grom  greater  pullout  tengih  of  the  carbon  fibers.  Similar  results 
are  found  in  carbon  fiber-reinforced  epoxies  (6]  and  a  boron  epoxy  composite  [7].  Metal- 
matrix  composites  also  exhibit  a  strong  dqtendence  of  toughn^  on  the  fiber-matrix 
debonding,  as  exen^lified  by  tungsten  wite-tdnforced  aluminum  composites  [8].  In  this  case, 
the  loughn^  is  propordonal  to  the  energy  to  break  the  debonded  fibers. 

The  abotro  examples  show  that  debonding  at  the  interface  play  an  imponant  role  in  the 
mechanical  performance  of  composites.  A  recent  study  (9)  has  shown  that  debonding  length  in 
the  composites  depends  strongly  on  the  fracture  eaergy  of  the  matrix/reinfotcefflent  interface. 
The  latter  is  expected  to  be  affected  by  various  factors,  such  as  the  extent  of  chemical 
interaction  at  the  interface,  roughness  of  interface,  dissipation  of  strain  energy  by  ductile 
reinforcements,  thermal  expansion  misrtutch,  and  bond  strength  of  the  interface.  Therefore, 
parameters  affecting  interfadal  fracture  ener^  must  be  evaluated  and  undmtood  in  order  to 
control  the  mechanical  behavior  of  interfaces  in  composites.  In  the  present  study,  the  relations 
between  processing  routes,  tnicrostiuctutes  and  fracture  energy  of  the  matrix/teinforcement 
interfaces  in  MoSi2/Nb  composites  were  explored.  The  composites  were  fabricated  by  hot 
prising  MoSi2  po^er  with  AI2O3  coated  or  uncoated  Nb  rnnforcemenL  Deposition  of  the 
oxide  coating  on  Nb  was  achiev^  via  different  processing  routes,  i.  e.,  sol-gel  coating 
technique,  physical  vapor  deposition  and  hot  dipping  Nb  in  a  molten  Al  bath,  followed  by  an 
anodizmg  process  to  rotm  AI203.  Interfadal  fr^ure  energy  was  evaluated  using  chevron- 
notched-short-bar  specimens.  Variation  in  the  fracture  energy  of  (he  interfadal  region  is 
discussed  in  terms  of  the  microstruciures  and  t3rpes  of  the  interfadal  bonding. 


EXPERIMENTAL 

CcntineTechnioues 

The  sol  solution  for  the  sol-gel  coating  was  an  aluminum-alkoxide-derived  sol  (using 
.tliiininum-sec-butoxide  (ASB)),  hydrolyzed  in  excess  water  and  peptized  with  aluminum 


iiitraic,  AI(N03)}.  The  procedures  tor  preparing  the  sol  solution  developed  by  Clark  et  al.  1 10] 
were  used.  The  AI2O3  coating  was  produced  by  electrophoretic  deposition  on  to  the  Nb  foils. 
Once  the  coaling  was  applied,  the  coated  Nb  foils  were  suspended  venically  for  48  hrs  at  the 
ambient  temperature,  and  then  further  dried  in  a  furnace  at  SOCPC  for  I  hr  with  a  heating  rate  of 
.VCVmin  before  the  hot  pressing. 

Physical  vapor  ^position  of  AljOj  on  to  Nb  foils  was  conducted  using  Thermionics 
l(X)-0030  with  a  elearon  beam  heated  source.  The  emission  current  was  200  mA  with  a 
piHeniial  differertce  between  the  cathode  and  the  anode  being  3  KV.  The  resulting  deposition 
rate  was  10  fjsec.  The  thickness  of  the  AI2O3  deposit  in  the  present  study  was  I  pm. 

The  hot  dipping  and  anodizing  technique  for  the  foimation  of  A1203  coating  consisted 
of  the  following  steps.  First,  Nb  foils  were  hot  dipped  into  a  molten  aluminum  bath  for  2 
minutes  which  was  kept  at  a  temperature  of  930*^6.  Second,  the  hot  dipped  Nb  foils  was 
anodized  in  an  electrolyte  containing  S  wl%  of  sulfuric  acid  to  convert  the  aluminum  into 
alumina.  The  anodizing  was  conducted  at  ambient  temperature,  and  a  constant  DC  voltage 
ranging  from  10  to  20  volts  was  applied  to  produce  current  densities  ranging  from  5  to  2S 
inA/cm^.  Anodizing  time  was  30  minutes.  Mote  detailed  description  of  the  coating  techniques 
ran  be  found  elsewhere  (1 1]. 

Fabrication  of  Laminate  Composites 

The  test  specimens  were  three  layer  composites  with  the  coated  or  uncoated  Nb  foil 
sandwiched  in  between  two  layers  of  MoSig.  The  thickness  of  the  Nb  foils  used  was  0.127 
mm.  The  spedmens  were  prepved  by  siaddng  the  coated  or  uncoated  Nb  foil  with  two  layers 
of  commerctally  pure  MoSi2  powder  of  *323  mesh  and  then  vacuum  hot  pressing  at  14009C 
for  1  hr  with  a  pressure  of  40  MPa.  In  order  to  minimize  residual  thermal  stresses,  the  hot 
ptessed  discs  were  held  in  the  hot  pressing  chamber  at  SOO^C  for  1  hour  before  cooling  down 
to  room  temperature.  The  discs  were  then  cut  into  rectangular  shon  bar  with  dimensions  of 
8.28x9.23x14.29  mm  to  prepare  the  specimens  for  the  measurement  of  interfacial  fracture 
energy. 

Measurement  of  Interfacial  Fracture  Energy 

The  measurement  of  the  iiucrfacial  fiaaure  energy  was  conducted  on  chevron  notched 
shon  bars  using  the  procedures  recommended  in  reference  [12].  The  technique  involves 
determining  the  critical  stress  intensity  factor  from  the  peak  load  of  the  notched  bars  and  then 
convening  the  critical  stress  intensity  factor  to  the  fracture  energy  of  the  interface.  The  equation 
used  to  calculate  tlie  fracture  energy  of  the  interface,  Cjc.  is  [12] 


where  E  is  the  elasdc  modulus  of  MoSi2 
and  Kicsr  is  the  critical  stress  intensity 
factor  determined  from  the  peak  load  of 
the  shon  bar  test. 

In  the  present  study,  however,  a 
modified  speeWn  geometry,  as  shown 
in  Fig.  I.  was  used.  An  advantage  of  the 
present  geometry  is  that  there  is  no  need 
for  compliance  calibration  due  to 
symmetry  of  compliance  of  the  specimen 
with  respect  to  the  interface.  The  notch  in 
the  shon  bar  wa^  c'ji  parallel  to  the  foil 
using  a  diamon  'fering  blade  with  a 
thickness  of  0.4  The  thickness  oi 
the  notch  was  ch  r  1  be  slightly  larger 
than  that  of  the  1  10  insure  that  the 


Fic.  I  Short  bar  specimen  geometry 
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Fi;.  2  InieriKiil  Micrasruciures  of  MoSi^Nb  timiiuie  componiex  with  difrereni  pnxeuing  conditions. 

(a)  uncotted  Nb,  (b)  PVD  coaled  Nb.  (c)  tot-get  coaled  Mb,  and  (d)  ho(-dipping-tnd-anodizing  coated  Mb. 

inittaiion  and  propagau'on  of  the  crack  is  at  the  wetkest  position  among  various  interfaces 
between  matrix/coating/reinforcement.  The  specimen  was  loaded  at  a  constant  test  machine 
crosshead  speed  of  O.OOS  in/min  using  a  hydr^servo  controlled  MTS.  The  load  was  recorded 
as  a  function  of  the  crosshead  displacemenL 


RESULTS 

Interfacial  microstructures  of  MoSig/Nb  laminate  composites  with  different  processing 
conditions  are  shown  in  Ftg.  2.  The  detailed  mechanism  for  the  formation  of  the  interfacial 
compounds  (interphases)  between  MoSi2  and  Nb  and  the  effect  of  the  coalings  on  the 
interphase  formation  can  be  found  elsewhere  [11.13,14],  Extensive  inierphase  formation  was 
observed  in  MoSij/uncoated  Nb  composites,  resulting  in  the  formation  of  iniermetallics  of 
tNb.Mo)Si2  and  Nb5Si3.  When  the  AI2O3  coating  was  applied,  either  the  thickness  of  the 
inierphases  was  reduced  or  the  composition  of  the  interphase  was  changed  (Fig.  2d).  Such 
changes  have  been  attributed  to  the  the  reiarxlaiion  of  Si  diffusion  and  the  suppression  of  Mo 
and  Nb  inierdiffusion  across  the  coatings  (I4|. 

A  typical  load  displacement  curve  of  the  hoi-dipping-and-anodizing  coated  Nb/MoSi2 
laminate  and  the  correspondirg  fracture  surface  at  the  chevron  crack  are  shown  in  Fig.  3.  A 
stable  crack  propagation  has  been  achieved,  as  indicated  by  the  fluctuation  in  the  curve  near  the 
m.vtimum  load.  Therefore,  the  maximum  load  was  used  to  calculate  Gic  with  the  aid  of 
cq.  (1).  By  examining  the  two  fracture  surfaces  of  a  broken  short  bar  with  SEN!  and  EMP,  the 
f.iilure  location  at  the  interface  could  be  determined.  Depending  on  the  processing  conditions, 
the  crack  propagates  along  an  interface  in  some  cases,  or  by  kinking  between  two  interfaces,  or 
only  inside  MoSi2  matrix  in  other  cases.  Owing  to  this  feature,  the  measured  fracture  energy  of 
interface  using  the  notched  short  bar  has  been  referred  to  as  fracture  energy  of  the  interfacial 
recion  of  the  laminates  The  measured  fracture  energies  of  the  interfacial  region  and  failure 
iiv.iiions  for  laminate  com()Ositcs  with  different  processing  condiiioiis  arc  iuniniarizcd  in 


Oispiacement.  mm 


Hf.3  Atypicilioaddi^plaotmeMearwafihelioi-dippiBt-aid-aaodizinceaMedNWMaSqliniiaMeiiidlhe 
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Table  1.  For  comparison,  fracture  energy  for  MoSi2  alone  is  also  included  in  the  table. 

In  the  case  of  die  hoc-dipping-and-anodizing,  the  failure  of  the  laminate  occuned  mainly 
along  the  Al203/NbSi2  interface.  A  snull  portion  of  the  failure  also  occuned  in  the  NbsSi3 
phase,  as  shown  in  Fig.  3,  which  was  probably  due  to  the  discontinuity  of  the  oxide  coating 
geneated  during  the  anodizing  process  and/or  the  roughness  of  the  int^ace.  Similar  fiacture 
surface  was  observed  for  the  sol-gel  coated  Nh/MoSi2  laminate.  Correspondingly,  the 
specimens  using  the  two  coating  techniques  mentioned  above  exhibited  a  similar  fracture 
energy  of  the  interfacial  region.  By  chan^ng  the  sol-gel  processing  control  parameters,  the 
intetphase  formed  can  be  limited  to  be  only  one  phase,  i.  e.,  Nb5Si3,  instead  of  (Nb.Mo)Si2 
and  Nb5Si3  (11,13).  However,  the  mcasur^  fiacture  energy  of  the  interfacial  region  in  this 
case  is  the  same  as  Al203/(Nb,Mo)Si2  interface,  as  shown  in  Table  I. 

Quite  different  fiaaure  surface  was  observed  for  the  PVD  coated  specimens.  As  shown 
in  Ftg.  4,  failure  location  in  this  case  was  partially  in  MoSi2  and  partially  at  the  interface  of 

Table  1.  Fractuie  energy  and  failure  location  of  the  interfacial  region  in  the  coated  and 
uncoated  Nb/MoSi2  systems 


{  System 

Toughness,  Gic 

33.7  ±  1.4 

>33.7 

16.11  1.3 

15.51 1.6 

MoSi^VD  coated  Nb 

partially  inside  the  MoSi2  and 
partially  at  Al203/(Nb,Mo)Si2 
interface 

31.713.4 

Fig.  4  Fracture  surface  at  the  chevron  crack  of  a 
PVO  coaled  Nh/MoSi]  specimen 


Fig.  S  An  enlarged  fracture  surface  of  ihe  lip  area  in 
Fig.  4. 

Al203/(Nb,Mo)Si2.  This  is  believed  to  be  due  to  the  small  and  frequent  discontinuity  of  the 
o.'cide  coating  (Fig.  2b)  caused  by  the  presence  of  the  Si02  ^d  free  Si  in  the  commercially  pure 
MoSi2  powder,  as  shown  in  Fig.  2(a)  and  reported  in  elsewhere  [15,16].  Because  of  such 
small  and  frequent  discontinuity  of  the  coating,  the  fracture  resistance  along  the 
At203/(Nb,Mo)Si2  interface  has  beM  increased.  Combining  the  effect  of  the  roughness  of  the 
interface  (Fig.  2b),  crack  is  unable  to  propagate  along  the  Al203/(Nb,Mo)Si2  interface,  but 
have  to  kink  between  the  interface  and  MoSi2  matrix  to  obtain  crack  propagation  with  minimum 
energy  consumption. 

For  the  uncoated  Nb/MoSi2  laminates,  the  failure  was  observed  to  take  place  inside 
MoSi2  rather  than  at  the  interfaces,  indicating  that  the  inteifacial  region  has  a  higher  fracture 
energy  than  the  matrix.  The  fracture  energy  of  MoSi2  measured  in  the  present  snidy  is 
33.7  J/m^.  Thus,  the  fracture  energy  of  the  interfacial  region  in  uncoated  Nb/MoSi2  laminates 
must  be  higher  than  this  value.  Ind^,  all  the  measurements  conducted  on  uncoaied  Nb/MoSi2 
laminates  were  about  36.4  J/m^  because  the  crack  in  MoSi2  failed  to  follow  the  chevron 
notched  plane  sirialy. 


DISCUSSION 

Various  interphases  were  formed  in  the  present  study  due  to  the  diffusion  of  Si.  Mo 
and/or  Nb  through  the  coating.  The  thickness  and  the  nature  of  the  inteiphases  were  found  to 
depend  on  the  processing  temperature  and  time  [13,14].  Because  of  the  presence  of  the  various 
inierphases,  the  interfaces  at  the  interfacial  region  have  been  divided  into  three  categories,  as 
shown  in  Table  2.  Category  I  consists  of  an  interface  (bonding)  between  the  oxide  coating  and 
intermetallics.  Category  II  is  composed  of  a  bond  between  two  intermetallics.  (Category  III  is 
the  interfaces  which  have  a  bond  between  a  metal  and  an  intermetallic.  Because  of  the 
interaction,  no  direct  bonding  between  oxide  and  metal  was  observed.  By  examining  the  failure 
locations  and  fracture  energy  of  the  intetfacial  region  measured,  the  fracture  energy  for  the 
interfaces  present  in  this  study  can  be  estimated  and  summarized  in  Table  2. 

It  is  noted  that  fracture  energy  for  the  oxide  bond,  category  I.  is  lower  than  the  bonds 
between  intermetallics  or  between  a  metal  and  an  intermetallic  (categories  II  and  III).  It  is  at  a 
level  of  16  J/m^  in  the  present  instance,  which  is  even  lower  than  the  ftaciure  energy  of  the 
aliintina  itself  (-  20-40  J/m^).  The  low  fracture  energy  of  the  oxide  bond  is  attributed  to  the 
low-  bond  strength  between  alumina  and  silicides  involved.  As  concluded  by  Sutton  and 
Fcingold  [I7|.  the  bond  strength  between  oxide  and  other  materials  is  directly  related  to  the 
amount  of  interaction  between  the  two  materials,  and  the  free  energy  of  formaiion  of  the  other 
materials'  oxide  is  an  imponant  criterion  in  determining  the  interaction.  Weak  bonding  will 
fomi  when  the  conditions  are  unfavorable  for  the  formation  of  other  oxides.  In  the  present 
case,  elemental  Mo.  Nb  and  Si  have  a  lower  free  energy  of  formaiion  of  their  oxides  in 
compitrison  with  AI2O3  ( 18].  As  such,  fonnauon  of  silica,  niobium  and  molybdenum  oxides. 
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directly  or  by  dccoin|)osiiioii  of  MoSi2.  is 
unfavorable  in  terms  of  free  energy  change. 
Therefore,  it  is  expected  that  the  reactivity  of 
the  silicides  with  alumina  would  be  very  low, 
resulting  in  a  low  bond  strength.  On  the 
otherhand,  if  the  free  energy  of  formation  is 
more  favorable  for  forming  other  oxides 
instead  of  alumina,  strong  bond  may  form.  An 
example  is  given  by  the  work  of  Dalgleish  et  al. 
[19].  They  found  that  crack  always  initiated  in 
the  alumina  adjacent  to  the  interface  of  a  Al-Mg 
alloy  bonded  to  an  alumina.  High  bond 
strength  in  this  case  can  be  attributed  to  a  much 
more  negative  free  energy  of  formation  for 
MgO  than  that  of  AI2O3. 

Moreover,  the  fracture  energy  of  category  I  interface  was  found  to  be  insensitive  to  the 
change  in  the  composition  of  the  silicides.  as  shown  in  Table  2.  This  is  probably  due  to  the 
similarity  of  Nb  and  Mo  in  their  atomic  structures.  If  this  is  true,  Al203/MoSi2  interface  should 
show  similar  fracture  energy.  However,  no  failure  at  Al203/MoSi2  interface  was  observed  in 
the  present  study.  As  shown  in  Fig.  2(c)  and  (d),  one  major  difference  of  Al203/MoSi2 
interface  from  the  Al203/NbSt2  and  Al20)/(Nb.Mo)Si2  interfaces  is  that  the  former  is  rougher 
than  the  latter.  Such  roughness  of  the  interface  can  increase  fracture  resistance  by  the 
mechanism  of  interlocking  and  crack  deflection.  Thus.  Al203/MoSi2  interface  shows  a  higher 
fractuie  resistance  than  AhOs/NbSia  and  Al2C>3/(Nb.Mo)Si2  interfaces,  although  their  bond 
strengths  may  be  similar. 

Category  II  and  III  interfaces  all  exhibit  higher  fracture  resistance  than  MoSi2  matrix, 
indicadng  the  bond  strength  between  two  intetmetallics  or  between  a  metal  and  an  inteimetallic 
is  high.  In  this  case,  crack  was  observed  to  propagate  inside  the  MoSi2  matrix  instead  of  inside 
the  interphases  formed.  However,  this  th^  not  necessarily  mean  that  MoSi2  has  a  lower 
inherent  fracture  reastance  than  that  of  the  inteiphases,  (Nb,Mo)Si2  and  NbsSi3.  It  is  believed 
that  the  low  apparent  fracture  resistance  of  MoSi2  in  the  present  instaitce  is  partially  related  to 
the  high  poroaty  and  Si02  in  MoSi2  adjacent  to  the  interface,  as  shown  in  Fig.  2(a).  High 
porosity  is  due  to  the  fast  diffusion  of  Si  into  Nb  and  segregation  of  vacancy  onto  the  opening 
channel  of  MoSh  powder  compact.  In  contrast,  the  interphases  formed  are  very  dense,  as 
shown  in  Fig.  2.  Because  the  pores  distribute  along  the  grain  boundary  of  MoSi2,  it  is 
expected  that  ctack  would  propagate  along  the  grain  boundary  and  an  intergranular  fracture 
results.  Indeed,  this  is  confirmed  by  SEM  observation.  Fig.  5  shows  an  enlarged  fracture 
surface  of  the  tip  area  in  Fig.  4.  Similar  intergranular  fracture  was  observ^  in  MoSi2 
specimens,  consistent  with  the  report  by  Kaufman  et  al.  [IS].  Therefore,  low  apparent  fractuie 
resistance  of  MoSi2  is  panially  caused  by  the  presence  of  porosity  and  Si02. 

Different  processing  routes  have  shown  little  effect  on  the  fracture  energy  of  the 
interfacial  region  as  long  as  the  oxide  coating  is  thick  enough  to  prevent  the  breakdown  of  the 
coating  by  the  attack  of  Si02  and  free  Si.  Fracture  energies  for  the  interfacial  region  generated 
by  sol-gel  technique  and  the  hot-dipping-and-anodiaing  techiiique  are  similar  b^use  a  thick 
and  continuous  coating  has  been  formed  in  general  by  these  two  techniques.  The  results 
indicate  that  bond  strength  merely  depends  on  chemical  bonding  rather  than  on  a  long  range 
interaction  force.  For  the  PVD  coated  bminates,  a  frequent  discontinuity  in  the  coating  results 
in  a  partial  oxide  bond  and  a  panial  inteimetallic  bond  interface,  leading  to  an  increase  in 
fracture  resistance  of  the  interfacial  region. 


1'uble  2.  Fracture  energy  of  the  interfaces 


System  (categoiy) 

Gic.  J/m2 

MoSi2 

s.r 

nn 

-  16 

(1) 

-li 

KUH 

-16 

■UH 

“>  1^“ 

KIUI 

(11) 

233.7 

I  Nb5Si3/Nb 

HIT)” 

2  33.7 

CONCLUDING  REMARKS 

The  present  set  of  e.xperiments  have  demonstrated  that  fracture  energy  of  an  interfacial 
region  depends  on  the  interfacial  bond  strength,  roughness  of  interface  and  microstruciure  of 
the  two  component  materials  at  the  interface.  Weak  bond  strength  leads  to  a  low  interfacial 
fracture  energy.  Roughness  of  the  interface  increases  the  interfacial  fracture  energy.  Porosity  in 
one  of  the  two  component  materials  at  the  interface  could  lead  to  a  low  fracture  energy  of  the 
interfacial  region  due  to  the  crack  propagation  along  tl.a  weak  path  in  one  of  the  component 
materials  instead  of  along  the  interface.  Processing  routes  can  affect  fracture  energy  of  the 
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iiiicrfacial  region  by  changing  interphiM  foniuiion.  changing  roughness  of  interface,  or  by 
changing  microsinicture  of  materials  adjacent  to  the  interface.  However,  if  such  changes  have 
not  lieen  brought  out  during  processing,  there  will  be  little  effect  of  processing  routes  on 
foKtuie  energy  of  the  inieifacial  region. 
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ABSTRACT 

It  has  been  established  that  substantial  toughening 
of  brittle  matrices  can  be  achieved  by  incorporating 
ductile  reinforcements.  However,  in  most  cases  the 
ductile  reinforcements  have  lower  elastic  moduli 
than  matrices,  which  would  affect  the  stiffness  and 
strength  of  the  composites.  In  the  present  study, 
laminated  composites  of  MoSi2  reinforced  by  Nb 
foils  were  used  to  explore  the  effects  of  ductile 
reinforcement  on  the  stiffness  and  strength  of  the 
composites.  The  effects  of  reinforcement  size  were 
also  studied  by  changing  thickness  of  the  Nb 
laminae  from  0.127  mm  to  1.0  mm.  Four  point 
bending  tests  were  conducted  to  measure  the 
flexural  strengths  of  the  laminates.  The  results 
were  analyzed  in  terms  of  the  theory  of  laminated 
composites.  It  was  found  that  residual  thermal 
stresses  had  influence  on  the  stiffness  of  the 
composites,  and  the  strength  of  the  composites 
relied  heavily  on  the  microstructure  of  the  MoSiz 
matrix.  Furthermore,  it  was  found  that  both  of 
stiffness  and  strength  of  the  composites  could  be 
predicted  from  the  theory  of  laminated  composites 
provided  that  the  residual  thermal  stresses  and  the 
microsiruclure  of  the  MoSi2  matrix  were  taken  into 
account. 

I.  INTRODUCTION 

Most  ceramics  and  inlermctallics  have  high  clastic 


moduli,  low  densities,  and  can  withstand  high 
temperatures  and  hostile  environments.  These 
properties  make  them  attractive  candidates  for 
high  temperature  structural  applications. 
Nevertheless,  intrinsic  brittleness  of  these 
materials  impedes  their  applications  as  structural 
materials.  Recent  progresses  in  composite 
technology  have  significantly  improved  toughness 
of  ceramics  and  intermetaliics.  Among  various 
toughening  approaches,  ductile  phase  toughening 
has  been  shown  to  be  an  effective  way  to  Improve 
toughness  of  ceramics  and  intermetaliics  [1-8]. 
Ductile  reinforcements  used  usually  have  lower 
elastic  moduli  than  ceramic  and  intermetaliic 
matrices,  such  as  TiAl/Nb  (ll,  Zr02/Zr  (2), 
MoSl2/Nb  [7]  and  WC/Co  {8J.  With  the 
incorporation  of  a  ductile  phase  into  a  matrix, 
stiffness  of  the  composite  would  be  lower  than  that 
of  4he  matrix  due  to  the  lower  elastic  modulus  of 
the  ductile  phase  used.  Similarly,  strength  of  the 
composite  would  be  lower  than  that  of  the  matrix 
because  of  load  transfer  from  the  ductile  phase  to 
the  matrix.  Small  decreases  in  these  two  properties 
are  desirable  because  both  stiffness  and  strength  are 
crucial  properties  for  structural  materials. 

In  the  present  study,  how  strength  and 
stiffness  are  affected  by  the  addition  of  ductile 
reinforcements  to  brittle  matrix  has  been 
investigated.  Comparison  between  tlie 
experimental  results  and  the  laminate  plate  theory 
h.as  been  emphasized  to  examine  any  special 
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cluracteristics  of  ductile-phase-reinforced  brittle 
matrix  composites.  The  system  selected  for 
investigation  was  MoSi2  matrix  reinforced  by  Nb 
foils  because  a  significant  improvement  in  fracture 
toughness  of  the  composites  has  been  achieved  in  a 
related  study  [9].  Also,  Nb  metal  has  a  lower  elastic 
modulus  (105  GPa)  than  MoSi2  matrix  (379  GPa). 
Due  to  such  a  combination,  lower  strength  and 
stiffness  of  the  composites  are  anticipated 
compared  to  the  basic  matrix.  Another  objective  of 
the  study  is  to  explore  the  effects  of  reinforcement 
size  on  the  stiffness  and  strength  of  the  composites, 
which  has  been  achieved  by  changing  thickness  of 
the  Nb  laminae  from  0.127  to  1.00  mm. 

II.  REVIEW  OF  LAMINATED  PLATE 
EQUATIONS 

In  order  to  quantitatively  analyze  the  experimental 
results  and  illustrate  some  consequence,  the 
laminated  plate  equations  used  in  the  present  study 
are  reviewed  briefly.  For  laminated  beams  having 
ratios  of  inplane  dimensions  to  thickness  less  than 
ten  as  in  the  present  study,  beam  deflection  is 
considerably  larger  than  predicted  by  classical 
laminated  plate  theory  owing  to  the  effects  of 
transverse  shear  deformation  and  rotatory  inertia 
110,11].  Therefore,  the  effects  of  transverse  shear 
deformation  and  rotatory  inertia  on  beam 
deflection  have  been  taken  into  account  in  the 
present  study. 

2.1  ELASTIC  MODULI  OF  LAMINATES  -  For  four 
point  bending  of  a  symmetric  laminate  beam. 
Fig.  1,  the  relation  between  deflection  of  the 
laminated  beam,  W,  and  load  is  given  by  [12] 

-  (1.48(— )  +  48(4-)^-8S] 

768  E^I  ^  ^ 

for  L/4  S  X  5  L/2  .  (1) 


P/2  P/2 

Fig.  I  Schematic  of  a  laminated  bend  bar  and  the 
arrangement  of  a  bend  test. 


laminate,  h  is  thickness  of  the  beam  and  Eb  has  the 
same  meaning  as  in  eq  (1),  which  in  the  case  of 
laminates  coirsisting  of  isotropic  laminae  has  been 
shown  by  Pagano  [14]  to  be  equal  to 

^  k  k 
E  E*^r 

Eb - .  . 

where  E*‘  is  the  modulus  of  the  kth  layer  relative  to 
the  beam  axis,  I*'  is  the  moment  of  inertia  of  the 
kth  layer  relative  to  the  midplane,  and  N  the 
number  of  layers  in  the  laminate. 

By  solving  equations  (1)  and  (2) 
simultaneously,  the  effective  bending  modulus  in 
terms  of  the  quarter  point  deflection  can  be 
obtained  as 


where  Wq  is  the  deflection  at  the  quarter  point  and 
b  the  width  of  the  beam.  By  using  eq.  (4),  the 
effective  bending  modulus  can  be  calculated  from 
load-displacement  data  in  4-point  bending  tests. 


where  P  and  L  are  defined  in  Fig.  1, 1  is  the  moment 
of  inertia  of  the  cross  section  of  the  beam,  Eb  the 
effective  bending  modulus  of  the  laminated  beam, 
S  is  a  shear  correction  factor  given  by 


(2) 


where  K  equals  5/6,  a  parameter  introduced  by 
Reissner  [13]  in  the  constitvuivc  relation  for 
transverse  shear,  Gxz  is  shear  modulus  of  the 


2.2  STRESS  DISTRIBUTION  IN  LAMINATES  - 
Following  Yang,  Norris  and  Stavsky  [10]  and 
Whitney  and  Pagano  (11),  the  constitutive  equation 
for  a  layer  in  a  laminate  is  given  by 

[On’  Qi2-  Qib'l 

Qi2’  Q22’  ^26  I  I  ey°^^''y  I 

^16  ^26 

.  (5) 
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where  IQjj'J  are  the  transformed  reduced  stiffness 
matrix  for  the  layer  in  the  laminate,  Oy,  Oy,  and  Oyy 
are  str^ses  in  the  layer  of  the  laminate  at  any 
position  through  the  thickness  z,  ex°,  £y°  and  exy° 
are  the  midplane  strains,  and  Kx,  Ky  and  <xy  are 
derivatives  deHned  as  follows. 

3Vy  a<Px  a<Py 

.  ’'y -3*7  •  ‘'xy  -a*y"  +  yx 

where  <px  and  tpy  are  the  rotations  about  y-axis  and 
x-axis,  respectively.  For  bending  of  a  symmetric 
laminate  beam,  derivative  k's  are  expressed  as 


(6) 


where  Mx,  My  and  Mxy  are  the  moment  resultants 
at  the  midplane,  and  Dij*  are  elements  of  the 
inverse  of  stiffness  matrix  D  of  the  laminate.  For 
bending  of  a  laminated  beam.  Fig.  1, 


ex°  =  eyO  *  €xyO  =  0  . (7) 

My  =■  Mxy  =  0  .  (8) 


Solving  equations  (5)  -  (8)  simultaneously, 
the  stresses  in  each  layer  of  the  beam  at  any 
position  through  the  thickness  z  during  four-point 
bending  tests  can  be  calculated  and  the  resultant 
equation  is 

Ox  » -  Z  ( Qii’Du*  +  Qi2'Di2*  +  Qi6'Di6*  1  { PL/8b  1 
for  L/4Sx^L/2  .  (9) 

The  outer  layer  stresses  during  the  bending 
test  can  be  found  from  eq.  (9)  by  setting  z  -  -  (h/2). 

2.3  RESIDUAL  THERMAL  STRESSES  IN 
LAMINATES  -  Equation  (5)  can  be  utilized  to 
calculate  residual  thermal  stresses  in  laminates. 
Following  Tsai  and  Hahn  [15],  the  residual  thermal 
stresses,  [o^lyy,  and  strains,  (el^lxy,  in  a  layer  of  the 
laminate  at  any  position  througn  the  thickness  z 
are  expressed  as 


where  IQ’J  is  defined  in  equation  (5),  and  the 
notations 

[oRJxy'’’  =  I  Ox*^,  OyR,  Oxy*^  ] 

and  [eRlxy"^  =  I  ex^,  CyR,  Cxy*^] 

The  subscript  xy  denotes  the  X,  Y,  Z 
coordinate  system  used.  We  will  use  this  notation 
in  the  following  text  unless  otherwise  mentioned. 
The  residual  thermal  strains  are  given  by 

[e**lxy  » (e^'Hxy  +  2  [KrTJxy  -  [eTJxy  .  (11) 

where  [eTJxy  are  the  unconstrained  thermal  strains, 
fz°^lxy  the  final  midplane  strains  and  [  xTJxy  the 
final  derivatives  in  the  X,  Y,  Z  coordinate  system  as 
temperature  changes  from  Ti  to  T2.  The 
unconstrained  thermal  strains  [eT]xy  are  related  to 
the  unconstrained  thermal  strains  along  the 
lamina  principal  axes,  leT]i2,  and  coefficients  of  the 
thermal  expansion  of  the  lamina  with  the 
following  equations 


[eT)xy  =  (T£]-l[eT)i2  .  (12) 

and 

eiT  =  ai  AT,  62^  =*  02  AT,  ei2^  =  0  .  (13) 


where  Oj  are  the  coefficients  of  the  thermal 
expansion  of  the  lamina  in  the  lamina  principal 
directions,  (  Te  )■'  is  the  inverse  of  the  strain 
transformation  matrix,  and  the  subscript  12  denotes 
the  lamina  principal  axis  coordinate.  The  final 
strains,  which  are  [e®l^]xy  +  z  [xTJxy,  are  determined 
from 

[?]■[::][£]  "• 

where  A,  B  and  D  are  the  stiffness  matrices  of  the 
laminate,  and  NT  and  MT  are  the  thermal  stress 
and  moment  resultants  which  are  defined  as 

(  N  xl  NyT,  N  x/)  =  iol  O^.  Oxy  )  dz 

(  Mx^,  My\  M  xy  )  =  I  Oy^/  Oxy  )  Z  dz 

-h/2 

.  (15) 

with  (oT)  given  by 


[oRixy  =  (Q1  (eRlxy 


(10) 


[oTlxy=(Q’l[e'nxy  .  (16) 

Solving  equations  (10)  -  (16)  simultaneously, 
residual  thermal  stresses  in  the  laminate  can  be 
calculated. 

in.  EXPERIMENTS 

N(oSi2  composite  laminates  with  20  vol.%  of  Nb 
foils  were  produced  by  vacuum  hot  pressing  at  1400 
±  5°C  under  a  pressure  of  40  MPa  for  1  hour.  All 
hot  pressed  discs  were  held  at  SOO^C  for  1  hour 
before  taking  out  the  hot  pressing  chamber  to 
reduce  residual  thermal  stresses,  and  then  furnace 
cooled  to  room  temperature.  Thickness  of  the  Nb 
foils  used  ranged  from  0.127  to  1.00  mm.  The 
laminates  produced  were  all  symmetric  relative  to 
the  midplane  and  the  outside  layers  of  the 
laminates  were  always  MoSi2  regardless  of  the 
thickness  of  the  Nb  foils  vised.  For  comparison, 
monolithic  MoSi2  specimens  were  also  fabricated 
by  hot  pressing  with  the  same  condition  as  the 
composite  laminates. 

Flexural  strengths  of  the  monolithic  MoSi2 
and  composite  laminates  were  measured  using  a  4* 
point  bending  fixture  mounted  on  a  hydro-servo 
controlled  MTS.  The  inner  and  outer  span  of  the 
bend  fixture  are  10  and  20  mm,  respectively.  The 
bend  bars  had  a  rectangular  cross-section  with 
nominal  dimensions  of  5.08  mm  thick  by  4.00  mm 
wide.  These  dimensions  were  limited  essentially  by 
the  available  size  of  the  hot  pressed  specimens.  The 
orientation  of  the  specimens  was  such  that  the 
tensile  and  compressive  faces  of  the  bend  bars  lay 
perpendicular  to  the  hot  pressing  direction  and 
parallel  to  the  lamina  plane.  The  surfaces  of  the 
bend  bars  were  ground  using  SiC  abrasive  paper  up 
to  320  grit  with  the  final  grinding  direction  parallel 
to  the  bar  axis.  The  testing  was  done  at  a  cross¬ 
head  speed  of  0.005  in/min,  and  the  load  was 
recorded  as  a  function  of  aoss  head  displacement. 
Since  objective  of  the  study  was  to  compare  the 
stiffness  and  flexural  strength  of  specimens  with 
different  sizes  of  Nb  reinforcement  and  no  Nb 
reinforcement,  no  effort  was  made  to  strain  gage 
the  specimens  in  as  much  as  the  testing  condition 
was  held  constant. 

To  find  out  residual  thermal  stresses  in  the 
laminates,  coefficients  of  the  thermal  expansion  of 
the  Nb  foils  used  and  hot  pressed  monolithic 
MoSi2  were  measured  using  a  dilatometer  with  a 


heating  rate  of  40C/min  and  Ar  atmosphere  from 
room  temperature  to  12000C.  Microstructure 
examination  of  the  laminates  was  conducted  using 
an  optical  microscope.  The  volume  fraction  and 
size  of  the  porosity  and  the  grain  size  in  the  MoSi2 
matrix  were  determined  using  an  image  analyzer. 

IV.  RESULTS  AND  DISCUSSION 

4.1  STIFFNESS  OF  THE  LAMINATES  -  Fig.  2  shows 
three  typical  load-displacement  curves  of  4-point 
bend  test  on  MoSi2  laminates  reinforced  by  20 
vol.%  of  Nb  laminae  with  a  thickness  of  0.5  mm. 
The  first  load  drop  in  the  curves  of  Fig.  2 
corresponds  to  the  initiation  and  rapid  propagation 
of  a  crack  through  the  outside  layer  of  MoSi2  and 
the  ending  of  the  crack  propagation  at  the  front  of 
the  Hrst  Nb  lamina  encountered.  The  rest  of  the 
curves  reveal  the  characteristics  of  ductile  phase 
bridging  ?nd  crack  propagation  through  the  rest  of 
the  MoSiz  matrix.  Due  to  this  feature,  the  initial 
linear  portion  of  the  load-displacement  curve  is 
used  to  calculate  a  quantity,  (P/bh5)(l/(Wq- 
PL/8KbhGxz)),  in  equation  (4),  which  is  linearly 
proportional  to  the  effective  bending  modulus  of 
the  laminate.  Since  the  displacements  in  the 
present  study  were  based  on  measurement  of  only 
cross-head  displacements,  eq.  (4)  cannot  be  utilized 
directly.  Thus,  the  quantity  (P/bh3)(l /(Wq- 
PL/8KbhGxz))  is  normalized  by  a  quantity 
C(P/bh3)/Wq  which  is  obtained  from,  the  bend  test 
of  the  monolithic  MoSi2  specimens  and  is  also 


Fig.  2  Typical  load-displacement  curves  of  4-point  bend  test 
on  MoSii  laminates  reinforced  by  20  vol.%  of  Nb 
laminae  with  a  thickness  of  0.5  mm. 
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linearly  proportional  to  the  bending  modulus  of 
the  specimens.  The  C  in  the  aforementioned 
quantity  is  a  constant  taking  into  account  the 
deflection  due  to  the  shear  deformation  of  the 
beam  and  is  derived  from  the  stress  function 
proposed  by  TJgural  and  Fenster  116).  The 
expression  of  C  is 

C  =  l+2(l+v)(h/L)2/0.84 

where  v  is  the  Poisson's  ratio  of  the  beam,  and  L 
and  h  are  defined  in  Fig.  1.  The  normalized 
quantity  is  called  as  normalized  slope  throughout 
the  text  for  convenience.  The  normalized  slopes 
measured  are  listed  in  table  1.  For  comparison, 
effective  bending  moduli  calculated  from  eq.  (3)  are 
also  normalized  by  elastic  modulus  <  i  MoSi2  and 
the  results  denoted  as  normalized  modulus  1  are 
also  included  in  table  1.  The  data  of  the  normalized 
slope  and  modulus  1  versus  thickness  of  the  Mb 

Table  1 .  Summary  of  the  normalized  stiffness  of  the 
laminates 


Material 

1.0  mm 
Nb  reinf. 

0.5  mm 
Nb  reinf. 

0.2Smm 
Nb  reinf. 

0.127  mm 
Nb  reinf. 

Norm. 

slope 

0.990 

0.925 

0.885 

0.845 

Norm, 
modulus  1 

0.995 

0.941 

0.913 

0.884 

Norm, 
modulus  2 

0.994 

0.930 

0.895 

0.865 

Thickness  of  Nb  laminae,  mm 

Fig.  3  Comparison  between  measured  normalized  slopes 
and  calculated  moduli  as  a  function  of  the  ihicimess 
of  Nb  laminae. 


laminae  are  plotted  in  Fig.  3.  As  anticipated.  Fig.  3 
shows  that  the  addition  of  Nb  reinforcement 
decreases  moduli  of  the  laminates  and  the  moduli 
of  the  laminates  decrease  with  decreasing  the 
thickness  of  the  Nb  laminae.  The  results  are  in 
good  agreement  with  the  fact  that  the  moment  of 
inertia  of  the  cross  section  stemmed  form  MoSi2 
becomes  smaller  and  smaller  with  decreasing  Nb 
thickness  while  the  volume  fraction  of  Nb  laminae 
is  kept  constant.  It  is  noted  that  the  normalized 
slopes  and  moduli  show  the  same  trend  of  stiffness 
variation  with  the  thickness  of  the  Nb  laminae, 
indicating  eq.  (3)  is  an  adequate  equation  to  describe 


(a) 


(b) 

Fig.  4  A  schematic  showing  how  residual  thermal  stresses 
affect  clastic  modulus  of  the  laminate,  (a)  Stress 
distribution  in  the  laminate  during  a  tensile  loading, 
(b)  the  corresponding  stres.s-su'ain  curve  of  the 
laminate. 
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the  effective  bending  moduli  of  the  laminates. 

By  definition,  the  normalized  slope  should 
be  exactly  equal  to  the  normalized  modulus  1. 
However,  Fig.  3  shows  that  the  normalized  moduli 
are  always  higher  than  the  normalized  slopes.  The 
discrepancies  are  believed  to  be  due  to  residual 
thermal  stresses  in  the  laminates.  The  effect  of 
residual  thermal  stresses  on  the  elastic  modulus  of 
laminates  can  be  illustrated  .thematically  in  Fig.  4. 
Suppose  the  laminate  shown  in  Fig.  4  has  such 
residual  stresses  that  material  1  is  in  compression 
and  material  2  is  in  tension.  When  a  tensile  stress, 
oi,  is  applied  to  the  laminate  in  a  direction  parallel 
to  the  lamina  plane,  the  modulus  of  the  laminate 
stems  only  from  material  2  because  material  1  does 
not  carry  any  load  at  this  stage,  but  simply  change  to 
less  strained  state.  Only  after  the  tensile  stress  is 
above  03  which  make  material  1  restore  to  totally 
unstrained  state,  does  material  1  begin  to  contribute 
modulus  to  the  laminate.  To  verify  this  is  the  case 
in  the  present  study,  calculation  of  residual  thermal 
stresses  in  the  laminates  were  carried  out  using 
equations  (10)  •  (16)  with  an  assumption  that  no 
strain  relaxation  occurs  during  the  cooling  of  the 
specimens  form  800°C  to  room  temperature.  The 
coefficients  of  thermal  expansion  of  the  Nb  and 
MoSi2  used  in  the  calculation  for  this  temperature 
range  were  7.599  x  lO'^/oC  and  8.227  x  10-^/oC, 
respectively,  which  were  measured  in  the  present 
study.  The  calculated  results  are  listed  in  table  2.  As 
seen  from  the  table,  Nb  laminae  are  in  compression 
while  MoSi2  matrix  is  in  tension  in  the  as-hot 
pressed  laminates.  Therefore,  according  to  the 
hypothesis  proposed  earlier,  the  bending  modulus 
of  the  tensile  part  of  the  beam  comes  only  from 
MoSi2  ,  and  that  of  the  compressive  part  of  the 
beam  comes  only  from  Nb  at  least  at  early  stage  of 
the  loading.  More  and  more  MoSi2  and  Nb 


Table  2.  Summary  of  the  residual  thermal  stresses 
and  strains  in  the  as-hot  pressed  laminates 


Lamina 

Nb 

MOSi2 

Unconstrained 

strain, 

-6.079x10-3 

-6.582x10-3 

Final  thermal 
strain, 

-6.539x10-3 

-6.539x10-3 

Residual  thermal 
strain,  o'* 

-4.599xl0-< 

4.249x10-5 

Residual  thermal 
stress,  s^ 

-  79.16  MPa 

19,40  MPa 

contribute  to  the  bending  modulus  of  the  laminate 
as  the  bending  load  is  increased.  The  final  bending 
modulus  of  the  laminate  depends  on  how  much 
MoSi2  and  Nb  make  contributions.  To  find  out 
this,  the  stress  distribution  in  the  laminates 
reinforced  by  different  thicknesses  of  Nb  laminae 
were  calculated  using  equations  (5)  -  (9).  The 
maximum  bending  load  in  the  calculation  was 
determined  with  an  assumption  that  the  outer 
layer  of  MoSi2  can  only  sustain  a  tensile  stress  of 
319  MPa  which  is  the  mean  strength  of  MoSia 
measured  in  the  present  study.  The  residual 
thermal  stresses  were  taken  into  account  by 
superimposing  them  to  the  stress  field  induced  by 
the  bending  moment.  The  results  are  plotted  in 
Fig.  5.  Note  that  all  the  laminates  used  did  not  have 


stress,  MPa  stress,  MPa 

(a)  (b) 


stress,  MPa 


stress,  MPa 


(0  (d) 

Fig.  5  Calculated  stress  distribution  in  the  MoSi2  laminates 
reinforced  by  20  vol.%  of  Nb  laminae  with  a 
thickness  of  (a)  1.0  n,:’-.,  (b)  0.5  mm,  (c)  0.25  mm 
and  (d)  0.127  mm 
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contributions  from  Nb  foils  in  the  tensile  part  of 
the  beam  because  the  Nb  laminae  still  have  not 
changed  from  compression  to  tension.  In  light  of 
this  reasoning,  eq.  (3)  was  used  to  calculate  the 
moduli  of  the  laminates  without  taking 
contributions  of  half  Nb  laminae  into  account.  The 
moduli  obtained  were  again  normalized  by  the 
modulus  of  MoSia  and  referred  to  as  normalized 
modulus  2  as  shown  in  table  1.  Fig.  6  shows  the 
comparison  among  the  normalized  slope,  modulus 
1  and  modulus  2.  It  is  obvious  that  the  normalized 
modulus  2  fits  the  experimental  data  better  than 
the  normalized  modulus  1,  indicating  that  residual 
stresses  indeed  affect  the  moduli  of  the  laminates. 
According  to  the  hypothesis  proposed,  the  bending 
moduli  of  the  laminates  should  change  gradually 
during  the  bending  test,  i.  e.  the  slopes  of  the  load- 
displacement  curves  should  change  gradually.  This 
is  very  hard  to  ascertain  in  the  present  study 
because  the  change  is  very  small  and  no  strain  gage 
is  used. 

4.2  FLEXURAL  STRENGTH  OF  THE  LAMINATES 
-  The  measured  mean  strengths  of  all  the  laminates 
as  a  function  of  thickness  of  the  Nb  lamina  are 
plotted  in  Fig.  7.  For  comparison,  the  predicted 
flexural  strengths  of  the  laminates  calculated  using 
eqs.  (5)  -  (9)  are  also  included  in  Fig.  7.  In  the 
calculation  the  residual  thermal  stresses  are 
superimposed  to  the  stresses  field  induced  by  the 
bending  moment  and  an  assumption  is  made  that 
the  outer  layer  of  MoSia  can  only  sustain  a  tensile 


Thickness  of  Nb  laminae,  mm 

Fig.  6  Comparison  among  measured  normalized  slopes  and 
calculated  normalized  moduli  with  contribution  of  all 
Nb  laminae  and  of  only  half  Nb  laminae. 


stress  of  319  MPa  which  is  the  mean  strength  of 
MoSi2  measured  in  the  present  study.  Note  that  the 
laminate  plate  theory  predicts  a  decrease  in  the 
strength  with  decreasing  thickness  of  Nb  lamina. 
However,  the  experimental  results  do  not  exhibit 
such  behavior.  Also  note  that  there  exist  a  large 
scatter  in  the  data  of  the  strengths.  Each 
experimental  datum  point  in  Fig.  7  is  the  results  of 
12  specimens  which  come  from  3.  batches  of  hot 
pressing.  If  the  strengths  are  examined  in  terms  of 
each  batch  of  the  hot  pressing,  the  scatter  of  the  data 
becomes  much  smaller,  suggesting  processing 
factors  play  a  role  in  the  strength  of  the  laminates. 

lamination  of  microstructures  of  the  MoSi2 
matrices  in  different  laminates  revealed  that  size 
and  volume  fraction  of  porosity  and  grain  size 
varied  from  batch  to  batch.  Fig.  8  (a)  -  (c)  show  some 
typical  microstructures  of  MoSi2  matrices  from 
different  laminates,  and  the  quantitative 
measurement  of  the  microstructure  and  the 
corresponding  strength  measured  are  summarized 
in  table  3.  The  mean  lineal  intercept,  Lj,  used  in 
table  3  is  not  a  diameter,  but  is  frequently  used  to 
estimate  diameters  [17,18].  It  is  noted  that  the 
smallest  grain  size  measured  is  close  to  the  starting 
size  of  MoSi2  powder  used  which  is  -5  pm  in 
diameter.  Change  of  the  grain  size  within 
controlled  variation  of  hot  pressing  temperature  of 
only  ±  5®C  indicates  that  the  hot  pressing 
temperature  used  in  the  present  study  is  the  critical 
temperature  at  which  grain  growth  is  about  to 
occur.  It  is  also  noted  that  strength  scatter  becomes 
smaller  when  strength  is  reported  based  on  the  data 
from  the  subgroups.  Such  change  of  the  strength  is 


Fig.  7  A  plot  showing  measured  and  calculated  mean 

flexural  strengths  of  MoSi2  laminates  reinforced  by 
20  vol.%  of  Nb  laminae  as  a  fi-nction  of  the  thickness 
of  the  Nb  laminae. 
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Fig.  8  Optical  microstructures  of  MoSi2.  Top  micrographs  arc  as-polished  surfaces  showing  porosity  features; 
bottom  micrographs  are  the  corresponding  polarized  light  images  showing  grain  features,  (a)  The 
monolithic  MoSi2,  (b)  the  MoSi2  matrix  in  the  laminates  reinforced  by  1.0  mm  thick  Nb  laminae,  and 
(c)  the  MoSi2  matrix  in  the  laminates  reinforced  by  0.5  mm  thick  Nb  laminae. 


believed  due  to  the  change  of  the  microstructures  porosity  is  much  smaller  than  that  of  the 

as  shown  in  Fig.  8  and  table  3.  machining  flaw,  -30  pm,  produced  by  grinding 

It  is  well  known  that  the  strength  of  brittle  with  320  grit  SiC  abrasive  paper  [21,22J.  Change  of 

materials,  especially  ceramics,  are  controlled  by  two  the  volume  fraction  of  porosity  did  not  show 

main  sets  of  parameters,  i.  e.  material  parameters  systematic  effects  on  the  strength  as  seen  in  table  3. 

(such  as  composition,  crystal  structure,  size  and  Thus,  the  change  of  the  strength  is  attributed  to 

volume  fraction  of  porosity,  grain  size,  surface  change  of  the  grain  size.  Table  3  shows  that  the 

condition,  cracks  and  internal  stresses  from  strength  decreases  with  increasing  grain  size  within 

thermal  expansion  anisotropy  or  phase  each  group.  Similar  grain  size  dependence  of 

transformation,  etc.  )  and  environmental  strength  were  observed  in  other  ceramics  (20,  22-251. 

parameters  (such  as  temperature,  atmosphere.  Such  grain  size  dependence  of  strength  is  believed 

strain  rate  and  loading  methods,  etc.  ).  The  relevant  due  to  internal  stresses  from  thermal  expansion 

variables  in  the  present  study  arc  size  and  volume  anisotropy  of  the  noncubic  MoSi:  and  the  change 

fraction  of  porosity,  grain  size,  surface  condition  of  resi.stance  to  crack  propagation  for  such  specific 

and  internal  stresses,  because  other  parameters  size  of  the  machining  flaw  because  the  ratio  of 

have  been  kept  constant,  Pores  play  a  two-fold  machining  flaw  to  grain  size  is  about  1  -  3  in  the 

function  in  (he  strengih  of  brillle  materials;  one  is  present  casi>  depending  on  whether  the  maximum 

as  fracture  origin  1 19),  the  other  is  rediictioit  of  the  or  averag.>  gram  si/e  is  used  12.3,26). 

effective  solid  area  which  resists  fr.  -’ture  1201  In  the  To  avoid  the  i-liei  i  ol  miorostructure  on  the 

present  caso,  ilie  pores  l  an  not  be  iotilrolling  laitor  slren);lh.  iho  •'itfnjpbs  medsunxi  Iriun  laminate'- 

in  ihi’  Irai  tnii'  tiiie,m  bi'i.uise  I'lc  si/e  ol  ilio  with  '>imil.ii  pi  nn  MoSi.'  matrix  aie  p)olte».l 


Table  3.  Microscructural  propenics  of  the  matrices  and  the  corresponding  flexural  strengths  of  the 
laminated  composites 


Group  Monolithic  MoSii  1 .0  mm  Nb  rcinf.  0.5  mm  Nb  reinf. 


Subgroup 

HPl 

HP2 

HP3 

HP4 

HP5 

HP6 

Strength,  MPa 

Volume  fraction 

393±60 

251117 

363130 

288167 

284138 

253126 

of  porosity  (%) 

Mean  lineal  intercept 

6.04Z0.93 

6.7811.11 

9.2810.99 

5.8210.47 

6.1810.66 

6.8711.70 

of  porosity,  L3,  (nun) 
Mean  line^  intercept 

0.81±0.07 

1.0010.05 

1.1510.10 

0.9310.05 

0.8110.04 

1.2310.15 

of  grain,  L3,  (mm) 
Latest  grain 

4.88±0.23 

9.7512.88 

4.9410.53 

7.3212.46 

6.0911.47 

10.9712.74 

diameter  (mm) 

24.39 

48.78 

12.19 

46.34 

24.39 

48.78 

ir\  Fig.  9.  Calculated  strengths  from  laminate  plate 
theory  are  also  included  in  the  figure  with  an 
assunr  ion  that  the  outer  layer  of  MoSia  can  only 
carry  a  tensile  stress  of  393  MPa  which  is  the  mean 
strength  of  the  monolithic  MoSi2  specimens  with 
average  grain  size  of  4.88  iim.  Note  that  the 
experimental  data  of  subgroup  C  is  well  below  the 
prediction,  whidt  is  attributed  to  a  relatively  large 
''rain  size  of  subgroup  C  specimeixs.  Therefore,  all 
.1  all  the  calculated  data  in  Fig.  9  fit  the 
experimental  data  better  than  in  Fig.  7  which  does 
not  exclude  the  effect  of  grain  size.  Thus,  it  is 
concluded  that  when  microstructure  of  the  brittle 
matrix  is  kept  constant,  the  laminate  plate  theory 
could  be  used  to  describe  the  strength  of  brittle 
matrix  laminates  reinforced  by  ductile  phase. 
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Fig.  9  A  plot  of  mean  flexural  strengths  measured  and 

calculated  from  the  laminates  with  similar  grain  size  of 
MoSi2  matrix.  The  grain  size  of  the  MoSi2  matrices 
and  the  laminated  composites  are 
A:  4.88  mm,  monolithic  MoSi^: 

B:  4.94  mm,  1.0  mm  Nb  reinforced; 

C;  6.09  mm,  0.5  mm  Nb  reinforced; 

D:  4.86  mm,  0.25  mm  Nb  reinforced; 

E:  5.74  mm,  0.127  mm  Nb  reinforced 


However,  effect  of  the  microstructure  of  the  brittle 
matrix  could  be  very  strong  and  overshadows  the 
effect  of  the  addition  of  ductile  phase. 

V.  SUMMARY  AND  CONCLUSIONS 

The  present  set  of  experiments  show  that 
toughening  brittle  matrix  by  incorporating  a  ductile 
phase  with  a  low  elastic  modulus  is  accompanied 
by  a  reduction  in  the  stiffness  of  the  composites.  As 
much  as  15%  reduction  in  flexural  stiffness  is 
observed  in  the  MoSi2  laminates  toughened  by  20 
vol.%  of  Nb  laminae  with  a  thickness  of  0.127  mm. 
The  magnitude  of  the  reduction  in  flexural 
stiffness  is  a  function  of  the  thickness  of  the  Nb 
laminae,  as  predicted  by  the  laminate  plate  theory 
and  confirmed  in  the  present  investigation.  At  a 
constant  volume  fraction  of  the  reinforcement,  the 
thicker  the  Nb  laminae,  the  higher  the  stiffness  of 
the  laminates.  Residual  thermal  stresses  in  the 
laminates  is  found  to  have  influence  on  the 
stiffness  of  the  laminates.  Such  effect  always 
decreases  the  stiffness  of  the  composites  regardless 
of  the  loading  methods.  The  use  of  the  laminate 
plate  theory  is  found  to  predict  the  stiffness  of  the 
MoSia/Nb  laminates  quite  well  as  long  as  the 
residual  thermal  stresses  is  taken  into  account. 

The  measurement  of  the  flexural  strengths 
indicates  that  flexural  strength  is  also  decreased 
with  the  incorporation  of  a  ductile  phase  with  a 
low  elastic  modulus.  Such  decrease  becomes  larger 
as  the  Nb  laminae  become  thinner  at  a  constant 
volume  fraction  of  the  Nb  reinforcement.  The 
observed  decrease  in  the  strength  can  be  estimated 
using  the  laminate  plate  theory  so  long  as  the 
microstructure  of  the  matrix  is  kept  constant  In 
the  present  instance,  the  microstructure  of  the 
matrix  shows  a  strong  influence  on  the  flexural 
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strength  of  the  laminated  composites  and  in  fact 
overshadows  the  effect  of  the  incorporation  of  the 
ductile  phase.  These  results  suggest  that  the 
controlling  factor  in  the  strength  of  ductile-phase- 
reinforced  brittle  matrix  composites  is  the 
microstructure  of  the  matrix.  Therefore,  a  good 
control  of  the  microstructure  of  the  brittle  matrix  is 
crucial  to  obtaining  high  strength  composites 
containing  a  ductile  phase  with  a  lower  elastic 
modulus. 
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Abstract 

Niobium-reinforced  MoSi;  composites  have  shown  a  large  improvement  in  fracture  toughness  over  the  MoSij  matrix. 
However,  the  chemical  incompatibility  of  niobium  with  MoSi}  has  to  be  solved  for  high-temperature  structural  applica¬ 
tions  of  the  composite.  In  addition,  the  effects  of  interfacial  coatings  on  the  fracture  toughness  of  ductile-phase-reinforced 
composites  need  to  be  investigated  to  find  the  optimum  toughening  effect  of  niobium  reinforcement.  In  the  present  study 
different  oxide  coatings,  AIjO,  and  ZrOj,  were  applied  to  niobium  reinforcement  and  effectiveness  of  the  coatings  as 
diffusion  barriers  was  evaluated.  The  mechanical  behavior  and  the  fractographic  characteristics  of  constrained  niobium 
were  also  examined.  Finally,  the  effect  of  the  coatings  on  fracture  toughness  of  the  composites  was  studied  and  compared 
with  predictions  based  upon  tensile  tests  on  a  single  constrained  niobium  reinforcement.  The  results  are  discussed  in 
terms  of  the  interfacial  fracture  energy  and  microtnechanical  models  of  ductile-phase-reinforced  composites. 


1.  Introduction 

Molybdenum  disilictde  is  an  attractive  candidate 
material  for  elevated-temperature  structure  applica¬ 
tions  because  of  its  high  melting  temperature 
(2030  *C),  and  excellent  oxidation  resistance  at 
elevat  yl  temperatures.  However,  it  has  a  low  fracture 
toughness  at  ambient  temperatures  hnd  a  high  creep 
rate  at  high  temperatures.  Toughening  of  the  material 
can  be  achieved  by  the  incorporation  of  a  ductile 
second  phase  [1-6].  Previous  studies  [7, 8]  have  shown 
that  incorporating  niobium  Tilaments  or  foils  into  the 
MoSij  matrix  is  a  feasible  approach  to  improving  the 
toughness.  For  example,  it  has  been  shown  [8]  that  the 
fracture  toughness  of  MoSij  can  be  increased  to 
around  12  MPa  m'^*  by  the  incorporation  of  20  vol.% 
of  niobium  filaments.  However,  the  resulting  com¬ 
posites  are  unstable  at  elevated  temperatures  because 
niobium  reacts  with  MoSij,  forming  other  brittle  inter- 
metallic  compounds  such  as  (Mo,Nb),Si3  at  the  inter¬ 
face.  The  formation  of  the  interfacial  compounds  at  the 
expense  of  the  ductile  reinforcement  not  only  degrades 
the  toughening  effect  of  the  ductile  phase,  but  also 
causes  a  notch  effect  on  the  ductile  phase  |9|.  There¬ 
fore,  the  use  of  an  inert  diffusion  barrier  coating  on  the 
reinforcement  is  es.sential  to  decrease  the  interface 
interactions  during  proce.ssing.  and  also  to  maintain  the 
integrity  of  (he  ductile  phase  at  elevated  service 
temperatures. 

In  the  present  study,  oxide  coatings  (AI^O,  and 
ZrO,)  were  applied  to  the  surface  of  the  niobium 
reinforcement  prior  to  compositing  Tlie  effectiveness 


of  the  coatings  as  a  diffusion  barrier  was  .evaluated. 
Effects  of  the  coatings  on  the  diffusion  path  of  the  com¬ 
posites  and  the  fractographic  characteristics  of  the 
ductile  reinforcement  were  also  examined.  Further¬ 
more,  effects  of  the  coatings  on  the  toughness  of  the 
composites  were  studied  and  compared  with  predic¬ 
tions  based  upon  tensile  tests  on  a  single  constrained 
niobium  reinforcement. 


2.  Experimental  details 

Ai203  coating  on  niobium  foils  was  produced  by  a 
sol-gel  technique  and  ZrOi  coating  was  obtained  by 
dipping  the  foils  into  a  Zr02  coating  solution.  Details 
of  the  coating  procedures  can  be  found  elsewhere  [7j. 
Model  composites  of  MoSi2  reinforced  by  20  vol.%  of 
uncoated  or  coated  niobium  foils  were  produced  by 
hot  pressing  at  1400  "C  for  1  h  under  a  pressure  of  40 
MPa.  The  thickness  of  niobium  foils  used  was  0.25  mm 
and  the  volume  fraction  of  niobium  reinforcements  was 
controlled  by  stacking  niobium  foils  with  MoSi^ 
powders  in  an  appropriate  thickness  ratio. 

The  fracture  toughness  of  the  composites  was 
measured  by  four-point  bending  on  3.8 1  x  5.08  x  25.4 
mm’  chevron  notched  specimens  with  an  inner  and 
outer  span  trf  10  and  20  mm,  using  a  hydro-servo  con¬ 
trolled  MTS  with  a  cross-head  speed  of  4x  lO"'  nun 
s  '.  The  chevron  notch  on  the  laminated  composites 
was  cut  perpendicular  to  the  foil  plane  using  a  diamond 
wafering  blade. 
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The  investigation  of  the  effect  of  the  coatings  on  the 
mechanical  behavior  of  the  constrained  ductile  phase 
was  achieved  by  tensile  tests  on  precracked  specimens, 
as  shown  in  Fig.  1.  The  test  specimens  were  prepared 
by  stacking  a  niobium  foil  with  two  layers  of  MoSi2 
powder  at  an  appropriate  ratio  to  form  niobium  foil 
sandwiched  discs  and  then  hot  pressing  under  the  same 
conditions  as  described  for  the  laminated  composites. 
The  discs  were  then  cut  into  rectangular  tensile  test 
bars  with  dimensions  of  5.0  x  3.9  x  30.0  mm^.  Niobium 
foils  with  thicknesses  of  0.25  and  0.5  mm  were  used  in 
this  study.  The  notches  in  the  MoSij  matrix  were  intro¬ 
duced  using  a  diamond  wafering  blade.  The  distance 
from  the  notch  tip  to  the  laminate  interface  was 
200  /iim.  This  distance  has  been  found  to  be  small 
enough  not  to  dis»''Tt  the  stress-displacement  curve  of 
the  constrained  uuctile  reinforcement  and  at  the  same 
time  maintain  an  appropriate  degree  of  elastic  con¬ 
straint  from  the  matrix  [10].  The  radius  of  the  notch  tip 
was  0.075  mm.  The  tensile  tests  were  conducted  using 
MTS  with  a  displacement  speed  of  2.1  x  lO"^  mm  s“ 
The  fracture  surfaces  of  both  chevron  notched  and 
precracked  specimens  were  examined  with  scanning 
electron  microscopy  (SEM)  to  find  the  relationship 
between  constraining  conditions  and  fracture  surfaces 
of  ductile  phases. 


3.  Results  and  discussion 

3. 1.  Interactions  between  Nb  and  MoSi, 

The  microstructure  and  compositional  profiles  of  an 
MoSi2-uncoated-niobium  interface  hot  pressed  at 
1400  ”C  are  shown  in  Fig.  2.  As  seen  in  the  figure, 
niobium  and  MoSij  reacted  extensively  during  the  pro¬ 
cessing,  forming  three  new  intermetallic  compounds  at 


f  ig.  I  .Schcm;if/c  of  it  composife  lamiiKifc  fcoMlc  K‘si 

specimen 


the  interface.  The  resulting  interaction  region  consisted 
of 

Nb  II  NbjSij  II  ( Nb,  MolSi,  II  ( Mo,  NbljSij  I  MoSi2 

However,  it  was  found  that  (Mo,Nb)jSi3  existed  in  a 
discrete  form  rather  than  a  continuous  layer.  Most 
{Mo,Nb)5Si3  was  formed  around  the  dark  areas  in  Fig. 
2  which  were  porosities  or  Si02.  A  high  magniOca- 
tion  of  the  (Mo,Nb)5Si3  microstructure  at  the 
MoSi2-{Nb,Mo)Si2  interface  is  shown  in  Fig.  3.  The 
thickness  of  the  interaction  zone  formed  was  measured 
to  be  about  30  for  hot  pressing  at  1400  ®C  for  1  h. 
In  addition,  the  nature  of  the  reaction  products  was 
found  to  depend  on  the  processing  temperature  and 
time.  For  example.  Fig.  4  shows  the  intetfacial  micro- 
structure  and  the  corresponding  composition  profiles 
of  an  MoSi2/Nb  sample  which  was  hot  pressed  at 
1700*C  for  30  min.  As  seen  in  the  figure,  at  this  pro¬ 
cessing  temperature  only  one  (Nb,Mo)5Si3  interphase 


Fill.  2.  Microsirucliitc  and  composiiKin  profile  acrovs  lire  inior- 
tacc  in  ihc  MoSi./uncoatcd  Nb  composite,  hot  (iiessed  ai 
14(m°(' 
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Fig.  3.  Microstructure  of  (Mo,Nb)5Si.,  at  the  MoSij-INb.MojSi, 
interface  in  the  MoSi2/uncoated-tiiobiuni  comptosite,  hot  pressed 
at  1400*C. 


I  ii;  4  Microsiiiicnirc  ;iU(l  composilion  profile  across  ihc  inter¬ 
face  in  Ihc  MoSi./uncoatcd-niobium  composite,  hot  pressed  at 
I  7(1(1 "( 


was  formed  instead  of  the  three  intermetallics,  NbjSij, 
(Nb,Mo)Si2  and  (Mo.NbjsSi,,  formed  at  1400  “C. 

Such  temperature  dependence  of  interphase  forma¬ 
tion  can  be  explained  in  terms  of  the  Mo-Si-Nb 
ternary  phase  diagram  and  temperature  dependence  of 
the  diffusivity  of  each  elemental  species.  The  available 
isopieth  through  MoSi2/Nb  [11]  shows  that  there  are 
two  four-phase  equilibria,  at  1730  and  1740°C,  asso¬ 
ciated  with  the  MoSi2/Nb  vertical  section.  The  isopieth 
[11]  also  shows  that  the  relevant  phase  fields  remain 
essentially  unchanged  below  the  two  four-phase  equi¬ 
libria.  Therefore,  the  composition  path  in  the  present 
study  can  be  analyzed  on  the  basis  of  the  800  °C  iso¬ 
thermal  section  [  1 2],  which  has  been  slightly  modified 
by  Lu  et  al.  [  1 3]  to  eliminate  the  Nb4Si  phase  [14]  and  is 
shown  in  Fig.  5.  The  composition  paths  for  hot  press¬ 
ing  at  1400  “C  and  1 700  *C  are  also  shown  in  Fig.  5  by 
lines  A  and  B  respectively.  The  non-planar  interface  of 
Nb5Si3-{Nb,Mo)Si2  in  Fig.  2  (hot  pressed  at  1400  °C) 
suggests  that  the  composition  path  crosses  the  corre¬ 
sponding  two-phase  region  by  cutting  across  the  tie 
lines.  However,  the  sharp  interface  of  Nb-NbsSij 
indicates  that  the  composition  path  runs  along  the  tie 
line  in  the  corresponding  two-phase  region.  Therefore, 
the  composition  path  for  1400  “C  is  shown  in  the 
following  route: 

MoSi2  — *  (Mo,Nb)Si2  +  (Mo,Nb)5Si3  (discrete  form) 

(Mo,Nb)Si:  +  (Nb,Mo)Si2  (Nb,Mo)Si2 

— ^  (Nb,Mo)Si2  -I- (Nb,Mo)5Si3  (cutting across 

the  tie  lines) 

— ►  Nb5Si,  -I-  Nb  (along  the  tie  line  of  the 
binary  system) 

—  Nb 

Similarly,  based  on  the  microstructure  examination 
and  composition  analysis,  the  composition  path  for  hot 
pressing  at  1700  °C  (Fig.  4)  is 

MoSi2  — (Mo,Nb)Si2  +  (Mo,Nb)3Si3  (cutting  across 

the  tie  lines) 

^  (Mo,Nb)5Si3 

— *  NbsSi,  +  Nb  (along  the  tie  line  of  the 
binary  system) 

Nb 

Since  the  i.sopleth  of  the  Mo-Nb-Si  system  [11]  shows 
that  the  relevant  pha.se  fields  remain  essentially 
unchanged  below  1  7.30  °C,  the  difference  in  the  micro- 
structures  at  different  processing  temperatures  below 
1730°C  might  be  due  to  the  changes  in  the  interface 
reaction  rate  which  is  proportional  to  the  free  energy  of 
formation  of  these  compouiuls  or  due  to  changes  in  dif¬ 
fusion  kinetics  of  the  elemental  species  to  the  leaction 


138 


L.  Xiao,  R.  AbbatchUut  /  Inteifacial  modification  in  NbIMoSi, 


Si 


Fig.  S.  bothemial  serion  of  the  Mo-Si-Nb  terneiy  diagram  [12] 
at  800^,  showing  the  composition  path  of  Nb/MoSi]  systems. 
Line  A  is  for  1400  *C  and  line  B  for  1700  *C 


sites.  According  to  the  phase  diagram  shown  in  Fig.  5, 
the  compounds  formed  in  the  MoSij/Nb  diffusion 
couple  may  be  described,  depending  on  whether  or  not 
(Nb.MojSij  forms,  by  the  following  formulae: 

MoS«2  +  aNb  — •  6(Mo,,Nb,_,)5Si3 

+  c(Nb,.^Mo,)Si2  (1) 

or 

MoSi2  +  ((l  -z)/z]Nb  —  (l/5zXMo,.Nb,.j)5Si3  (2) 

where  the  coefficients  a,  b,  c,  x,  y  and  z  depend  on  the 
composition  and  relative  amounts  of  the  products.  For 
the  above  equations,  it  is  assumed  that  1  mol  of  MoSi2 
reacts  completely  with  the  required  amount  of  niobium 
to  form  the  compounds  listed  on  the  right-hand  side  of 
the  equations.  The  free  energy  for  reaction  (1)  can  be 
calculated  by  considering  several  intermediate  steps, 
such  as  the  following 

MoSij + Nb  -  (4/7)NbSi2 + ( 1  /5  )MojSi3 + ( 3/35  )NbjSi, 

(3) 

jtMo5Si3  +  (l  -Jt)Nb5Si3-(Mo„Nb,.J5Si3  (4) 

and 

yMoSij  +  ll  ->')NbSi2-(Nb,.,,Mo,)Si2  (5) 

Similarly,  reaction  ( 2 )  can  be  broken  down  into 
MoSi,  +  (7/3)Nb-(7/l5)Nb,Si3  +  (3/15)Mo,Si,  (6) 


TABLE  1 .  The  standard  free  energy  of  formation  for  some 
possible  reactions  in  the  MoSi]/Nb  diffusion  couple 


Reaction 

AGumi 

AC|7,(, 

(kcal  mol*‘) 

(kcalmol*') 

3 

-44.46 

-49.76 

6 

-37.45 

-38.20 

and 

(1  -z)Nb5Si3  +  zMo5Si3  “(MOj,Nb,.JjSi3  (7) 

Reactions  (4),  (5)  and  (7)  correspond  to  the  forma¬ 
tion  of  the  solid  solutions  from  mbcing  of  the  pure  com¬ 
ponents.  Based  on  the  available  thermodynamic  data 
[is],  free  energies  of  formation  for  consuming  1  mol  of 
MoSij  in  reactions  (3)  and  (6)  were  calculated  for  two 
different  temperatures,  1400 ‘C  and  1700*C,  and  the 
results  are  listed  in  Table  1.  As  seen  in  the  table,  free 
energies  of  formation  for  reactions  (3)  and  (6)  do  nc* 
change  much  as  the  hot  pressing  temperature  increases 
from  1400  *0  to  1700 ‘C.  It  should  be  noted  that 
depending  on  the  amounts  of  MoSij  and  niobium  par¬ 
ticipating  in  reaction  (3),  the  jatio  of  the  products 
NbSij  to  NbsSi3  may  not  be  fixed  as  indicate  in  the 
equation.  Other  possibilities  such  as  the  formation  of 
much  more  Nb5Si3  than  NbSi2  or  a  similar  amount 
have  also  been  considered.  However,  the  calculations 
show  that  the  same  conclusion  mentioned  above  (for 
the  case  of  more  NbSi2  than  NbsSi3)  still  holds  for  these 
cases.  Since  no  data  on  the  free  energy  of  mixing  for 
reactions  (4)  and  (7)  are  available,  the  free  energy  of 
mixing  can  be  assumed  to  be  ideal.  This  may  not  be  an 
unreasonable  approximation  since  'Mo,,Nb,-,)sSi3  is 
a  continuous  solid  solution  as  shown  in  Fig.  S.  For  this 
case,  the  free  energy  of  mixing  is  propc.tional  to  tem¬ 
perature  for  a  fixed  composition.  Thus,  the  change  in 
the  free  energy  of  mixing  for  reactions  (4)  and  (7)  from 
1400  'C  to  1700  *C  should  not  change  the  order  of  the 
free  energy  of  formation  for  reactions  (1)  and  (2).  A 
similar  argument  may  apply  to  reaction  (S),  since  the 
isopleth  of  the  Mo-Nb-Si  system  [11]  shows  that  the 
relevant  phase  fields  remain  essentially  unchanged 
below  1730  *C,  ie.  the  phase  relations  between 
(Nb,Mi)Si2,  (Mo.NbjSii  and  (Nb,Mo)5Si3  remain 
unchanged  (Fig.  5),  implying  that  (Nbi.^Mo^lSi, 
behaves  more  or  less  like  an  ideal  solid  solution.  Thus, 
although  the  free  energies  of  formation  for  reactions  ( 1 ) 
and  (2)  change  with  temperature,  the  order  of  the  free 
energy  of  formation  for  reactions  (1)  and  (2)  does  not 
vary  with  temperature  in  the  range  of  interest.  There¬ 
fore.  the  effect  of  the  free  energy  of  formation  of  these 
compounds  on  the  reaction  kinetics  may  not  explain 
the  observed  microstructural  changes  from  14()()°C  to 
1 700  "C. 
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In  contrast,  the  microstnictural  changes  in  the  inter¬ 
action  zone  at  different  processing  temperatures  could 
be  due  to  the  change  in  the  diffusion  kinetics  of  silicon, 
niobium  and  molybdenum,  as  will  be  discussed  below. 
The  composition  profile  in  Fig.  2  (1400*C)  shows 
clearly  that  silicon  diffuses  far  deeper  into  the  niobium- 
rich  region  than  molybdenum,  indicating  that  silicon 
has  a  higher  mobility  than  molybdenum.  This  is  con¬ 
sistent  with  the  available  literature  data  [16. 17],  which 
show  that  diffiisivities  of  silicon  and  molybdenum  in 
niobium  c"  .,i  expressed  as  follows: 

Da-0.51  X  10-2  exp(-48000/f?r)  700-1500‘C 

Dm„  =  92  exp(-  122000//JT)  1725-2182*C 

The  above  equations  indicate  that  the  diffusion  coeffi¬ 
cients  of  silicon  in  niobium  at  1400  ‘C  and  1700  *C  are 
2.73  X  10"’  and  2.45  x  10"*  cm^  s" '  respectively.  For 
molybdenum,  the  corresponding  values  are 
1.56  X  10"*^  and  2.81  x  lO''^  cm^  s"'.  Because  of  the 
low  mobility  of  molybdenum  relative  to  silicon,  the 
interphase  formation  at  1400  *C  is  expected  to  be 
dominated  by  the  diffusion  of  silicon  into  the  niobium 
region.  This  is  supported  by  the  formation  of  Nb5Si3 
adjacent  to  niobium  instead  of  the  formation  of 
(Nb,Mo)sSi3.  However,  as  the  temperature  increases, 
the  diffusion  of  molybdenum  becomes  more  pro¬ 
nounced  relative  to  the  diffusion  of  silicon  because  of 
its  higher  diffusion  activation  energy,  and  therefore  a 
stronger  temperature  dependence  of  its  diffusivity. 
Similarly,  niobium  diffusion  becomes  more  competitive 
at  high  temperatures,  which  combined  with  the  diffu¬ 
sion  of  molybdenum  leads  to  the  formation  of 
(Nb,Mo)5Si3  at  1 700  *C,  as  shown  in  Fig.  4.  The  limited 
growth  of  the  (Mo,Nb)Si2  interphase  at  HOO'C  is 
probably  due  to  the  faster  growth  of  (Mo,Nb)5Si3 
caused  by  the  more  pronounced  diffusion  of  niobium 
relative  to  silicon  at  high  temperatures.  It  should  be 
noted  that  at  1400  “C,  growth  of  Nb5Si3  depends 
mainly  on  the  transport  of  silicon  through  the 
(Nb,Mo)Si2  layer.  However,  at  1700  ’C,  as  niobium  dif¬ 
fusion  becomes  more  pronounced,  the  growth  of 
(Mo,Nb)jSi3  is  enhanced  not  only  in  the  direction  of  the 
niobium-rich  region  but  also  in  the  direction  of  the 
(Nb,Mo)Si2  interphase.  Thus,  when  the  diffusion  of 
niobium  becomes  competitive  with  respect  to  the  diffu¬ 
sion  of  silicon,  the  growth  of  (Mo,Nb)3Si3  will  be 
enhanced  and  that  of  (Nb,Mo)Si2  limited.  In  Section 
3.2  where  the  hot  pressing  temperature  is  kept  at 
1400*C,  some  more  evidence  will  be  provided  that 
whenever  diffusion  of  niobium  becomes  more  com¬ 
petitive  with  respect  to  the  diffusion  of  silicon,  the 
growth  of  (Nb,Mo)Si2  becomes  limited. 

Note  that  according  to  the  conservation  of  ma,ss, 
much  more  (Mo,Nb)5Sij  should  exist  in  the  diffu.sion 
couple.  However,  only  a  small  amount  of  (Mo,Nb),Sii 


has  been  observed,  as  shown  in  Fig.  2.  This  is  believed 
to  be  due  to  the  presence  of  Si02  and  free  silicon  in  the 
commercially  pure  MoSi2  powder  as  shown  in  Fig.  2 
and  reported  in  refs.  18  and  19.  The  presence  of  Si02 
and  free  silicon  shifts  the  actual  composition  of  the 
starting  MoSi2  powder  to  the  MoSi2-Si  two-phase 
field,  instead  of  the  single-phase  MoSi2  field.  The  pres¬ 
ence  of  the  extra  silicon  is  also  reflected  in  the  com¬ 
position  profile.  As  shown  in  Fig.  2,  Matano  interfaces 
of  three  elements  are  not  at  the  same  position,  with  the 
silicon  Matano  interface  far  closer  to  the  niobium-rich 
side  than  that  of  molybdenum.  However,  the  difference 
in  the  position  of  the  Matano  interfaces  becomes 
smaller  at  1 700  *C,  as  shown  in  Fig.  4.  The  results  sug¬ 
gest  that  the  presence  of  excess  silicon  and  Si02  con¬ 
tributes  more  to  the  diffusion  process  at  lower 
temperatures,  whereas  at  high  temperatures  contribu¬ 
tions  from  MoSi2  and  niobium  became  more 
pronounced. 

3.2.  Effect  of  the  coatings  on  the  diffusion  path 

Comparison  of  interfacial  mierostructures  of  MoSi2 
with  coated  and  uncoated  niobium  is  shown  in  Fig.  6. 
At  1700*C  the  thickness  of  the  interaction  layer 
between  niobium  and  MoSi2  has  been  reduced  from 
approximately  30  /im  for  the  uncoated  interface  to 
about  6  /^m  for  the  Zr02  coated  samples.  In  addition, 
the  composition  of  the  interphase  formed  was  deter¬ 
mined  to  be  NbsSis,  instead  of  (Mo,Nb)5Si3  for  the 
uncoated  samples,  suggesting  a  substantial  reduction  in 
the  diffusion  of  niobium  and  molybdenum  across  the 
coating.  For  1400  "C  the  thickness  of  the  interaction 
layer  has  also  been  reduced  from  approximately  30  pm 
to  about  4  pm  upon  coating  of  niobium  foils  with 
AI2O3.  Furthermore,  only  one  interphase  (NbsSij)  was 
observed,  instead  of  the  three  interphases  Nb5Si3, 
(Nb,Mo)Si2  and  (Mo,Nb)jSi3  for  the  uncoated  samples 
(Fig.  2).  The  reduction  in  the  thickness  and  change  in 
the  composition  of  the  int'irfacial  compounds  formed 
at  1700  and  1400  ®C  can  again  be  attributed  to  the 
retardation  of  silicon  diffusion  and  the  suppression  of 
niobium  and  molybdenum  diffusion  across  the  coat¬ 
ings.  Note  that  the  suppression  of  niobium  diffusion 
across  the  coatings  leads  to  the  absence  of  interphase 
formation  in  the  MoSi2  side  of  the  oxide  coating, 
whereas  suppression  of  molybdenum  diffusion  results- 
in  the  formation  of  only  the  binary  compound,  instead 
of  the  ternary  compound,  in  the  niobium  side.  In  addi¬ 
tion,  retardation  of  silicon  diffusion  in  the  coated 
samples  favors  the  formation  of  niobium-rich  com¬ 
pounds,  such  as  Nb5Si,,  instead  of  NbSi,. 

The  effectiveness  of  the  coatings  as  a  diffusion 
barrier  was  found  to  be  affected  not  only  by  the  quality 
and  integrity  of  the  coating  itself,  but  also  by  tlie  pres¬ 
ence  of  SiO,  and  free  silicon  near  the  coating.  A  typical 
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microstructure  of  MoSij  hot  pressed  with  sol-gel- 
coated  niobium  is  shown  in  Fig.  7.  As  can  be  seen,  the 
coating  is  discontinuous.  This  is  believed  to  be  due  to 
the  interaction  of  the  coating  with  Si02  and  free  silicon 


1  Oum 


Fig.  6.  Intcrfacial  microsiruciurcs  of  Mo.Si,  "'iih  (a)  iincoatcd 
niobium,  hoi  prcs.scd  al  I7()()°C,  (b)  AI.O, -coaled  niobium,  hoi 
pressed  al  I400°C'.  (e)  ZrO. -coaled  niobium,  hoi  pressed  at 
I7()(»’C. 


[20].  This  coating  degradation  can  be  eliminated  by 
improvements  in  the  matrix  chemistry.  As  has  been 
shown  by  Kaufman  and  coworkers  [21,  22],  one 
promising  approach  is  to  convert  Si02  and  silicon  into 
SiC  by  mechanically  mixing  elemental  molybdenum 
and  silicon  powders  with  excess  carbon.  The  formation 
of  SiC  by  this  method  not  only  eliminates  the  detri¬ 
mental  effect  of  Si02  and  free  silicon,  but  also  provides 
in  situ  compositing  of  MoSi2  with  SiC.-Optimization  of 
this  processing  technique  is  currently  under  develop¬ 
ment  [22]. 

The  extent  of  the  retardation  of  silicon  diffusion  has 
been  found  to  depend  also  on  the  quality  of  the  coat¬ 
ings.  For  example,  the  apparent  diffusivity  of  silicon  in 
the  sol-gel  derived  AKO,  coating  has  been  estimated  to 
be  larger  than  2.0  x  lb"**  cm-  s" '  at  1400 °C  [7].  Such 
high  diffusivity  has  been  attributed  to  the  grain  bound¬ 
ary  diffusion  and  vapor  phase  diffusion  through  the 
pinholes  which  are  characteristic  defects  associated 
with  sol-gel  processing.  Therefore,  in  order  to  reduce 
further  the  silicon  diffusion,  grain  boundary  area  and 
processing  defects  must  be  minimized  in  the  coating. 
Figure  8  shows  a  microstructure  and  the  correspond¬ 
ing  composition  profile  of  an  MoSi2  and  sol-gel  coated 
niobium  interface  which  is  obtained  via  electrophoresis 
with  optimized  processing  parameters.  As  seen  in  the 
figure,  the  thickness  of  the  interphase  has  been  reduced 
from  approximately  30  ^um  to  less  than  1  ftm,  com¬ 
pared  with  the  uncoated  samples.  The  reaction  product 
in  this  case  could  not  be  determined  because  its  thick¬ 
ness  was  close  to  the  beam  size  of  the  electron  micro¬ 
probe  (approximately  1  //m).  Nevertheless,  the  result 
indicates  that  if  the  coating  is  dense  enough,  the  diffu¬ 
sion  of  silicon  can  be  effectively  limited,  and  therefore 
the  interaction  between  niobium  and  MoSii  can  be 
prevented. 


Fig.  7.  A  typical  microsiniciurc  of  MoSi,,  hoi  pressed  with  sol- 
gcl-coated  niobium. 
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Fig.  8.  Microstructure  and  composition  profile  across  the  inter¬ 
face  in  MoSij/sol-gel-coated  niobium  composite,  hot  pressed  at 
1400’C. 


3.3.  Effect  of  the  coatings  on  fractographic 
characteristics  of  constrained  ductile  phases 

The  dependence  of  the  fracture  surface  of  niobium 
on  the  coating  conditions  is  shown  in  Fig.  9.  These 
fracture  surfaces  were  taken  from  the  same  location 
with  respect  to  the  tip  of  the  chevron  notch  of  the 
laminated  composites  in  order  to  eliminate  the  location 
effect  on  the  fracture  surface  of  niobium  foil.  A  close 
examination  of  Fig.  9  shows  that  AUO, -coated 
niobium  exhibits  a  total  dimple  rupture,  while  ZrOy 
coated  and  uncoatcd  niobium  fracture  with  a  mixed 
mode,  rile  differences  in  the  fr.ielure  sui  faces  are  a 
icMill  of  the  difleienee  in  the  intei hieitil  fracture  energv 
of  these  mterlaces  and  the  le\el  of  constraints  'he 
letnlorcemeiit  Heie.  the  constrtitnt  is  leleireo  a 
phenomenon  that  when  a  ductile  phase  is  imliedrieil  in 


Fig.  9.  Fracture  surfaces  of  constrained  niobium  foils  in  the 
chevron  notched  specimens:  (a)  Al,0, -coated  niobium,  (b 
ZrO. -coated  niobium,  (c  uncoaled  niobium,  hot  pressed  al 
I4()(')”C. 


a  brittle  mairi.x,  it  c;in  no  loneet  deform  freely,  and 
instead  a  will  kleform  iindei  the  restriction  of  the 
m.itiix  .\  recent  ■'liids  2.'  show  s  that  the  oxide  coiitmc 
U'diiccs  the  ti.ictuie  eiieiex  ol  the  MoSi  Nb  inieihice 
•  md  the  nic.i-'iiied  iniei  l.ici.il  li.iciiiie  eneicies  are  l.'v 
|o  .ind  aie.itei  'h.m  '  '  “  I  ni  loi  the  /i()  co.iied. 
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Al^Oj-coated  and  uncoated  interfaces  respectively. 
Moreover,  the  decohesion  length  at  the  matrix-rein¬ 
forcement  interface  has  been  found  to  be  inversely  pro¬ 
portional  to  the  interfacial  fracture  energy,  i.e.  the 
ZrO^-coated  interface  exhibits  the  longest  decohesion 
length,  followed  by  the  Al203-coated  and  then  the 
uncoated  interface  [23].  The  constraint  from  the  matrix 
on  the  deformation  of  niobium  is  related  to  the  decohe- 
sicHi  length.  The  longer  the  decohesion  length  is,  the 
lower  the  constraint  h-om  the  matrix.  Thus,  the 
uncoated  composites  have  a  larger  constraint  from  the 
matrix  on  the  ductile  phase,  indicated  by  a  shorter 
decohesion  length  [23].  The  fracture  surfaces  shown  in 
Fig.  9(a)  and  (c)  show  that  as  the  constraint  increases, 
the  fracture  mode  niobium  changes  from  dimple  to 
quasi-cleavage.  Similar  to  the  Al203-coated  samples, 
the  Zr02-coated  Nb/MoSi2  system  also  has  weak 
bonding  at  the  interface.  However,  the  fracture  of 
Zr02-coated  niobium  does  not  strictly  follow  the  con¬ 
straint-fracture  mode  relation  observed  in  the 


uncoated  and  AU03-coated  systems.  One  possible 
reason  is  the  embrittlement  of  niobium  by  the  intersti¬ 
tial  oxygen  in  the  Zr02-coated  systems  [23]. 

The  fact  that  the  fracture  mode  of  the  ductile  phase 
depends  on  the  constraint  condition  can  be  further 
illustrated  by  Fig.  1 0  which  shows  the  fracture  surfaces 
of  uncoated  niobium  foils  at  different  locations  in  the 
laminated  composites.  As  seen  in  the  figure,  the  frac¬ 
ture  mode  of  niobium  foils  has  changed  from  cleavage 
to  dimple  rupture  as  the  location  of  the  niobium  foils 
changes  from  near  the  tip  of  the  notch  to  the  bottom  of 
the  notch.  Between  these  two  positions,  a  mixed  mode 
of  fracbire  is  observed.  Owing  to  the  change  in  stress 
state  during  the  bending  test,  a  longer  decohesion 
length  was  observed  to  occur  at  the  bottom  of  the 
chevron  notch  than  at  the  tip,  which  leads  to  a  less  con¬ 
strained  condition  for  the  niobium  foils  at  the  bottom. 
Therefore,  the  fracture  mode  of  the  ductile  phase 
changes  from  the  total  dimple  to  mixed  mode,  and  even 
to  cleavage,  whenever  the  constraint  increases  either  by 


rip.  1(1.  Fracture  surfaces  of  uncoatetl  niohium  foils  in  a  chevron  notchcil  specimen,  sliowinp  that  the  fractiiie  mode  of  niohuim  foils 
chanpes  with  position. 
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changing  the  interfacial  properties  or  by  changing  the 
stress  state.  Thus,  fractographic  analysis  can  be  used  to 
estimate  the  degree  of  constraint  qualitatively. 

3.4.  Effect  of  the  coatings  on  the  mechanical  behavior  of 
constrained  ductile  phases 

The  effects  of  the  coatings  on  the  stress-displace¬ 
ment  curves  of  the  tensile  test  on  precracked  speci¬ 
mens  (see  Fig.  1 )  is  shown  in  Fig.  1 1.  It  has  been  shown 
previously  [10]  that  owing  to  the  appropriate  choice  of 
notch  depth  in  the  precracked  specimens,  the  cracks 
during  tensile  testing  are  initiated  at  the  notch  tips  at 
very  low  stress  levels.  Thus,  the  curves  in  Fig.  1 1  are 
characteristic  of  the  flow  behavior  of  the  constrained 
ductile  phase.  As  shown  in  the  figure,  the  uncoated 
niobium  exhibits  the  highest  peak  stress,  followed  by 
the  Al203-coated  and  then  the  ZrOj-coated  niobium, 
in  contrast,  the  ZrOj-coated  niobium  has  the  largest 
work  of  rupture  (the  area  under  the  curve).  The 
measured  peak  stress  and  work  of  rupture  for  0.25  mm 
thick  niobium  lamina  are  summarize  in  Table  2.  The 
decohesion  length  at  the  interfoce  and  the  interfacial 
fracture  energy  measured  using  chevron  notched  short 


0  0.42  0.84  1.26  1.68 


Oltplaccmant,  mm 

Fig.  1 1.  Effect  of  the  coatings  on  the  stress-displacement  curves, 
measured  from  precracked  specimens  with  O.S  mm  thick 
niobium  lamina. 


bars  of  laminated  composites  [23]  are  also  presented  in 
ible  2  to  illustrate  the  relation  between  the  constraint 
condition  and  the  mechanical  characteristics.  Also 
included  in  Table  2  is  the  microhardness  of  niobium  in 
the  precracked  specimens,  which  shows  the  effect  of 
the  processing  conditions  on  the  hardness  of  the 
niobium  foils. 

Table  2  shows  clearly  that  the  degree  of  constraint 
on  the  ductile  phase  decreases  with  decreasing  fracture 
energy  of  the  interface,  as  indicated  by  the  increase  in 
decohesion  length.  In  addition,  as  the  degree  of  con¬ 
straint  decreases,  the  peak  stress  also  decreases,  but  the 
work  of  rupture  increases.  These  findings  are  consis¬ 
tent  with  theoretical  analyses  of  Sigl  et  al.  [24],  Evans 
and  McMeeking  [25]  and  Ashby  etal.  [26]. 

Toughening  of  brittle  materials  by  the  bridging  of 
ductile  phases  can  be  estimated  with  the  aid  of  the 
following  equation  [24, 25] 

«• 

AC“  V(  J  a{u)  du  (8) 

U 

where  a(u)  is  the  nominal  stress  carried  by  the  con¬ 
strained  ductile  reinforcement  for  a  given  crack  open¬ 
ing  u,  Vf  is  the  volume  fraction  of  the  reinforcement 
and  u  *  is  the  crack  opening  at  the  point  when  the 
ductile  reinforcement  fails.  The  integral  in  eqn.  (8) 
corresponds  to  the  area  under  the  stress-displacement 
curve  from  the  tensile  test  on  a  single  constrained 
ductile  reinforcement.  The  steady-state  toughness  of 
the  composite  can  be  related  to  the  fracture  energy 
increase  AG  by  the  use  of  the  Rice  J-integral  [27],  as 
follows: 

(1- V,  )/C,  ^(1- )/C^ 

where  v,  E  and  K  are  Poisson’s  ratio,  the  elastic  modu¬ 
lus  and  fracture  toughness  respectively.  The  subscripts 


TABLE  2.  Measured  damage  tolerance,  steady-state  toughness  and  other  relevant  parameters  from  the  tensile  tests  and  bend  tests 


Material 

Uncoated  Nb 

AljO, -coated  Nb 

ZrOj-coated  Nb 

HV  (kg/mm^) 

131 

134 

131 

Inierfacial  fracture  energy*  (J  m'*) 

>33.7  ±1.4 

16.1  ±1.3 

12.811.0 

Decohesion  length"  (mm) 

0.86  ±0.09 

0.94  ±0.23 

1.31  ±0.61 

Peak  stress"  (MPa) 

350±15 

340  ±  30 

3301 15 

Work  of  rupture"  (J  m'^) 

85400  ±7800 

92400  ±  9500 

10320017300 

Steady-state  toughness"  (MPa  m''^) 

88 

92 

97 

Damage  tolerance'  (MPa  m'^^) 

15.2±  1.3 

I4.0±  1.5 

12.81 1.5 

Work  of  fracture'  (J  m '  ^) 

2 1600  ±3000 

287001  1900 

2870014600 

■•From  chevron  notched  short  bars  of  laminated  composites  |2.3|. 

"From  tensile  tests  on  a  single  constrained  niobium  foil  (0.25  mm  thick). 

‘From  bend  tests  on  chevron  notched  composite  laminates  reinforced  with  20  vol "/!,  of  niobium  laniin.ie  iO  2.5  mm  thick). 
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c  and  m  refer  to  the  composite  and  matrix  respectively. 
Using  the  experimental  data  from  the  tensile  tests  on 
the  precracked  specimens,  the  fracture  toughness  of 
the  Nb/MoSij  system  has  been  c  Iculated  using  eqns. 
(8)  and  (9)  and  the  results  are  compared  with  the 
measured  fracture  toughness  presented  in  the  next 
section. 

3.5.  Effect  of  the  coatings  on  the  fracture  toughness  of 
the  laminated  composites 

Typical  load-displacement  curves  of  four-point 
bending  tests  on  the  chevron  notched  specimens  of 
uncoat^  and  coated  niobium  reinforced  composites 
are  shown  in  Fig.  12.  As  can  be  seen,  the  maximum 
load  increases  with  increasing  the  degree  of  con¬ 
straint,  that  is  uncoated  niobium-reinforced  laminates 
exhibit  the  highest  maximum  load.  The  maximum  load 
reached  by  the  chevron  notched  specimen  can  be  used 
to  calculate  the  fracture  toughness  with  the  aid  of  the 
following  equation  [28] 

y  (10) 

bJw 

where  is  the  maximum  test  load,  B  and  W  are  the 
width  and  height  of  the  bending  bar  respectively,  and 
Y*  is  the  dimensionless  stress  intensity  factor  coeffi¬ 
cient.  The  latter  is  a  function  of  the  geometry  of  the 
specinien  and  bending  test  set-up.  Substituting  the 
measured  into  eqn.  (10),  the  calculated  fracture 
toughness  is  obtained  and  listed  as  damage  tolerance  in 
Table  2.  For  compari,son,  the  steady-state  toughness 
calculated  from  the  work  of  rupture  of  a  single  con¬ 
strained  ductile  phase  is  also  listed  in  the  table. 

It  is  noted  that  a  very  large  discrepancy  exists 
between  the  fracture  toughnesses  calculated  from  the 
two  aforementioned  methods.  The  discrepancy  is  be¬ 
lieved  to  be  due  to  the  fact  that  the  fracture  toughness 


Mg.  12.  lypical  iDiKl-clisplaccntciil  curves  nl  bciul  Icsis  on 
chevron  nolchcd  laniinalcs  rcinloiccil  with  20  vol.'v,,  of  coaled 
and  uncoaied  niobium  fods.  hoi  presseil  al  I400°('. 


measured  from  the  peak  load  of  the  bend  test  on  the 
chevron  notched  specimens  is  not  a  steady-state  frac¬ 
ture  toughness,  but  merely  an  indicator  of  the  damage 
tolerance  of  the  composites.  The  previous  study  has 
shown  [8]  that  a  primary  crack  has  already  propagated 
through  the  entire  MoSij  matrix  at  a  load  level  of  about 
20%  of  the  peak  load  in  the  bend  test.  Beyond  this 
level,  the  load  is  mainly  carried  by  the  niobium 
reinforc  ,ment  alone.  Therefore,  to  measure  the  actual 
toughness  using  the  bending  test  of  chevron  notched 
specimens,  a  very  large  size  specimen  has  to  be  used. 
An  alternative  approach  would  be  to  reduce  the  size  of 
the  ductile  phase,  which  would  in  turn  lead  to  a 
decrease  in  the  length  of  the  bridging  zone,  making  the 
ductile  phase  more  effective  in  preventing  the  crack 
opening.  Thus,  the  size  of  the  crack  will  be  much 
smaller  than  that  of  the  specimen  dimensions.  Under 
these  conditions,  the  damage  tolerance  measured  from 
the  bend  test  on  chevron  notched  specimens  may 
become  a  valid  measurement  of  fracture  toughness.  In 
contrast,  the  fracture  toughness  calculated  from  the 
work  of  rupture  is  a  steady-state  fracture  toughness. 
Therefore,  only  with  an  appropriate  combination  of 
sizes  of  test  specimen  and  ductile  reinforcement  can  the 
two  testing  methods  exhibit  a  similar  result.  Calculation 
of  the  critical  size  of  the  ductile  reinforcement  for  such 
a  situation  is  currently  under  development. 

Figure  12  also  reveals  another  salient  feature  for 
ductile  phase  toughening,  that  is  that  the  mechanical 
behaviors  of  Zr02-  and  Al^Oj-coated  systems  are  simi¬ 
lar,  and  both  show  an  increase  in  the  carried  load  in  the 
last  part  of  the  displacement  curves  which  is  caused  by 
extensive  delamination  at  the  interface;  this  means  that 
the  niobium  can  deform  under  a  much  less  constrained 
condition  and  much  more  niobium  participates  in 
deformation.  Because  of  this  feature,  the  total  energy 
consumed  to  break  a  specimen  (area  under  the  curve) 
for  the  coated  composites  is  larger  than  for  the 
uncoated  composites.  To  reflect  this  feature,  the  work 
of  fracture,  defined  as  the  total  energy  normalized  with 
respect  to  the  generated  crack  area  during  the  bend  test 
[29],  is  calculated  and  included  in  Table  2.  Comparing 
the  values  measured  from  these  tests  shows  that  the 
damage  tolerance  and  the  peak  stress  have  the  same 
trends  as  the  interfacial  fracture  energy  changes, 
whereas  the  steady-state  fracture  toughness  and  the 
work  of  fracture  follow  the  opposite  trend.  These 
results  indicate  that  whether  or  not  strong  interfacial 
bonding  is  conducive  to  improving  the  toughness 
depends  on  the  criterion  used  to  describe  the  tough 
ness  of  the  composite.  If  tlic  damage  tolerance 
measured  from  chevron  notched  specimens  is  used  as 
tin  indiciitor  of  the  tougliness,  strong  bonding  usnild  lie 
desirable.  However,  if  the  work  of  liactuie  ;iikI/oi 
steady-state  toughness  aie  used  as  mdictitne  of  its 
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toughness,  then  a  relatively  weak  bunding  would  be 
preferable. 


4.  Concluding  remarks 

The  present  .set  of  experiments  shows  that  niobium 
interacts  with  MoSi2  extensively  at  high  temperatures 
forming  various  interfacial  compounds.  The  nature  and 
composition  of  the  compounds  are  found  to  depend  on 
the  processing  temperature,  and  to  depend  on  the  dif¬ 
fusion  kinetics  of  silicon,  niobium  and  molybdenum. 
The  oxide  coatings  (AljO,  and  Zr02)  suppress  the 
interdiffusion  of  niobium  and  molybdenum,  and  limit 
the  diffusion  of  silicon,  leading  to  the  very  limited  inter¬ 
action  between  niobium  and  MoSi2. 

It  has  been  demonstrated  that  the  degree  of  con¬ 
straint  on  the  ductile  phase  decreases  with  decreasing 
fracture  energy  of  the  interface.  Fractographic  analysis 
has  been  utilized  to  estimate  the  degree  of  constraint 
on  the  ductile  phases  and  provide  an  alternative  to 
analyzing  the  constraints  when  the  stress  states  are 
complicated. 

Toughness  analyses  indicate  that  whether  or  not  a 
strong  interfacial  bonding  is  conducive  to  increasing 
toughness  depends  on  the  criterion  used  to  describe 
the  toughness  of  the  composites.  If  the  damage  toler¬ 
ance  measured  from  chevron  notched  specimens  is 
used  as  an  indicator  of  the  toughness,  strong  bonding 
would  be  desirable.  However,  if  the  work  of  fracture 
measured  from  chevron  notched  specimens  and/or 
steady-state  toughness  measured  from  the  tensile  test 
on  a  single  constrained  ductile  phase  are  used  as 
indicative  of  the  composite  toughness,  then  a  relatively 
weak  bonding  is  preferable. 
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abstract 

NbAly  matrix  composites  were  synthesized  “in-situ"  via  re-iciive  hot  compaction  (RHC)  of 
elemental  powders.  It  was  found  that  the  simultaneous  application  of  pressure  during  synthesis 
was  effective  in  attaining  a  near-theoretical  density  matrix  at  relatively  low  temperatures  and 
pressures.  Using  this  technique,  two  types  of  composites  were  produced:  ( I )  matrices  containing 
a  uniform  dispersion  of  second  phase  puticles  (either  Nb3AI  or  NI>2AI  with  an  Nb  core  or  Nb2AI) 
and  (2)  matrices  reinforced  with  coated  or  uncoated  ductile  Nb  filaments.  It  was  found  that  a 
limited  amount  of  toughening  is  obtained  using  the  first  approach,  while  composites  containing 
coated  Nb  rtlaments  exhibited  a  significant  increase  in  the  ambient  temperature  fracture  toughness. 
In  this  paper,  various  aspects  of  RitC  processing  of  NbAly  matrix  composites,  the  effect  of  initial 
stoichiometry  and  pow^r  size  on  the  microstructute.  as  well  as  the  mechanical  behavior  of  the 
composites  will  be  discussed. 


INTRODUCrriON 

Transition  metal  aluminides  have  lately  been  the  focus  of  increased  research  activity  due  to  their 
potential  for  development  as  high  temperature  structural  materials.  In  particular.  NbAl3  possesses 
a  desirable  combination  of  relatively  high  melting  point  (l60S*O  and  low  density  (4.5S  g^m^) 
(  ij.  However  as  with  many  other  ordered  intermetallics.  NbAl3  (D022)  exhibits  low  toughness 
and  ductility  at  room  temperature.  For  example.  Raisson  and  Vignes  (2)  found  that  NbAl3  is 
brittle  up  to  827*C  under  compression,  while  Shechtman  and  facobson  concluded  based  on  a 
post-compression  dislocation  structure  study  that  the  materiai  has  an  high  APB  energy  with  no 
discernible  separation  of  <1 10>  superdislocations  (3).  More  recently  Shneibel,  Becker  and 
Honon  (4)  obtained  room  temperanire  mechanical  pro^rty  data  for  NbAl3  samples  prepared  by 
hot  pressing  of  pre-alloyed  powder.  They  reported  a  fracture  toughness  of  2.5  ±  0.5  MPa-Vm.  as 
measured  by  a  micro-indentation  technique.  This  indicates  that  NbAl3  is  an  extremely  brittle 
material,  with  very  limited  inherent  damage  tolerance. 

The  poor  mechanical  properties  of  NbAly  impose  a  severe  limitation  on  its  use  in  practical 
applications.  While  some  attempts  have  been  made  to  improve  its  mechanical  properties  by  micro 
or  macro  alloying  (5).  the  development  of  this  intermetallic  remains  largely  in  the  experimental 
stage.  We  have  focussed  on  the  alternative  approach  of  compositing  to  improve  the  ambient 
temperature  fracture  toughness  of  NbAl3.  In  the  ptesent  work,  the  composites  wete  processed  via 
reactive  hot  compaaion  (hereafter  RHQ  because  previous  work  on  hot-pressing  of  pre-alloyed 
NbAl3  powder  indicated  that  it  is  difftculi  to  reach  full  density  even  at  significant  fractions  (0.89 
and  0.95)  of  the  absolute  melting  point  (4).  On  the  other  hand,  Paine  et  al.  (6|  reported  that  high 
density  samples  could  be  obtain^  by  combining  reactive  sintering  with  hot-pressing.  Another 
reason  for  using  RHC  was  that  it  offered  a  unique  route  for  producing  the  composites  "in-situ.” 
Two  types  of  composites  were  produced;  (I)  with  matrices  containing  a  uniform  dispersion  of 
second  phase  panicles  (hereafter  Type  I)  and  (2)  with  matrices  containing  Nb  filament 
reinforcements  which  were  either  uncoaied  or  coated  with  an  alumina  diffusion  barrier  formed  "in- 
situ."  i.e.  during  synthesis  of  the  matrix  (hereafter  Type  II). 

In  this  paper,  the  basic  processing  steps  for  RHC  of  NbAl3,  reaction  sct|uences,  and  the  effect  of 
initial  stoichiometry  and  p.-iriicle  size  on  microsiruciure  will  lie  described.  It  will  be  shown  that 
Type  I  composites  exhibit  a  limited  improvement  in  the  fracliirv  loiighne.ss,  while  the  Type  II 
composites  were  signincaiiily  tougher  than  ilic  unreinforced  matrix.  Fracture  surface  analysis 
revealed  that,  in  Type  I  composites,  the  toughening  was  iclaicd  lo  crack  blunting  and/ur  shielding. 
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while  in  Type  II  composites,  an  effective  load  transfer  following  (urtial  mterfacial  decohesion 
caused  an  increase  in  the  toughness. 


EXPERIMENTAL  METHODS 

For  Type  I  composites,  pure  elemenul  powders  of  Nb  and  Al.  and  (or  Type  II  composite.,,  the 
elemental  powders  together  with  reinfotcement  niaments.  were  mi.ied  in  a  cylindrical  blender  fv  1 
hour.  The  average  size  of  the  Nb  powder  (obtained  from  two  sources:  Source  A  and  Source  B) 
was  <  43  pm,  while  Al  powders  <>f  two  average  sizes  (1 1  and  6.2  pm,  source:  Source  A)  were 
used.  The  mixtures  were  cold  compacted  into  a  disk  ^ape  (3S  mm  dia.,  8  mm  thick)  under  a 
pressure  of  10  ksi,  followed  by  hot  pressing  in  a  BN  coated  graphite  die.  The  hot  pressing  was 
carried  out  at  1330*C  with  a  tooU  cycle  time  of  -145  minutes.  A  tv-pical  hot  pressing  cycle,  ^own 
schematically  in  Figure  I,  consisted  of  an  initial  heat-up  period  during  which  the  sample  was 
heated  from  ambient  temperature  to  I3S0‘C  at  a  rate  of  70‘Omin.  under  a  pre-load  of  -  1  ksi. 
After  attainment  of  the  flnal  processing  temperature  (I3S0‘C),  the  pressure  was  increased  to  7  ksi: 
these  pressure-temperature  conditions  were  maintained  for  60  minutes,  following  which  the  sample 
was  cooled  under  pressure  at  a  rate  of  -  20'C/min. 


FiCuie  I  RHC  processing  cycle  (schematic).  Figure  2  DilTerential  ihctmal  analysis  showing  the 

reaction  sequence  during  NbAlj  synthesis. 

Reaction  sequence  for  the  matrix  was  determined  using  DTA.  The  composite  microstructures  were 
characterized  by  quantitative  measurements  of  the  volume  fractions  mean  spacing  of  second 
phase  particles,  electron  microprobe  compositional  analysis,  and  scanning  electron  microscopy  of 
fracture  surfaces.  The  quantitative  measurements  of  microstTuctural  features  were  carried  out  using 
standard  point  counting  and  linear  intercept  methods,  and  the  compositional  analyses  were 
performed  with  an  estimated  accuracy  of  ±  1  at.%  using  a  JEOL  JXA-733  micropiobe  arid  pure  Nb 
and  Al  as  standards.  The  fracture  toughness  of  the  composites  was  measured  either 
semiquantitatively  via  the  microhatdness  indenudon  technique  or  quantitatively  via  three  point 
bend  testing  of  chevron  notched  samples.  For  the  latter,  the  tests  were  performed  on  small 
specimens  (5x3x24  mm),  with  a  90’  root  angle  Chevron  notch  Fracture  toughness  values 
(Kic's)  were  calculated  on  the  basis  of  the  stress  intensity  factor  foniiula  develop^  by  Wu  [7], 
using  the  measured  load-displacement  curves.  All  tests  were  perfonned  on  an  Ml^-SIO  machine 
at  a  crosshead  speed  of  lO*^  mm/$. 

RESULTS  AND  DISCUSSION 

Rtaciivt  Synlhcsis 

It  is  well  known  that  itrany  intcmtetallics  with  high  heats  of  formtititvi  (Al  \j)  can  he  synthesized  vi:i 
a  solid-state  reaction  between  the  constituent  clertremal  powders  Previous  work  |8|  on  NbAl3 
(AHy  =-119  kj/mol)  indicaied  that  the  synthe.sis  is  self-propagatiiij:  in  character  if  a  localized  high 
heat  pulse  is  applied  to  the  (Xjwder  mass.  Under  these  conditions.  ii  wa.s  fouiul  ihai  a  sustained 
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(self-propagaling)  synthesis  reaction  initiated  at  approximately  lOOO’C.  Although  a  broad  - 
discussion  of  the  characteristics  of  self  propagating  synthesis  (SPS)  is  beyond  the  scope  of  this 
paper,  it  may  be  noted  that  SPS  reactions  requite  a  low  heat  transfer  coefficient  of  the  powder 
mass,  leai&ig  to  a  high  locatization  of  the  heat  of  formation  at  the  reaction  interface. 

Although  this  method  of  synthesis  is  simple  in  principle,  it  has  several  disadvantages  (9):  the 
reaction  is  difficult  to  control,  and  generally  yields  a  porous  structure.  In  addition,  the  high 
temperatures  generated  at  the  produ^reactant  interface  can  lead  to  a  loss  of  the  low  melting 
component  by  vaporiaation. 

By  contrast,  if  the  Nb  -f  Al  powder  mass  is  heated  relatively  slowly  (as  during  RHC  of  NbAl3), 
the  synthesis  reaction  is  preceded  by  the  melting  of  Al  in  the  mixture.  This  is  seen  clearly  by 
differential  thermal  analysis  (DTA),  Figim  2,  of  a  sample  corresponding  to  the  stoichiometry  of 
NbAlj.  The  datt  were  obtained  at  a  heating  rate  of  30‘CMiin.  and  show  a  variation  of  the  sample 
temperature  versus  the  temperature  differential  between  the  sample  and  a  pure  alumina  reference. 

It  can  be  seen  that  there  is  an  endothermic  peak  associated  with  Al  melting,  followed  by  an 
exothermic  pjmk  at  around  980*C  associated  with  the  synthesis  reaction.  It  should  be  noted  that 
the  reaction  is  relatively  slow  and  lasts  approximately  T  minutes,  in  sh^p  contrast  to  the  high 
reaction  tales  (on  the  order  of  meters/s)  cothtnonly  obsoved  in  self  propagating  synthesis  (9]. 

It  is  thus  clear  that  when  the  synthesis  reaction  is  initiated,  the  released  heat  of  formation  is 
dissipated  due  to  npid  heat  transfer  in  liquid  Al.  Consequently,  the  synthesis  proceeds  not  by  the 
rapid  ptopaga^  of  a  single  ‘Svave,"  but  natively  slowly  at  a  large  number  of  sites  in  the  powder 
mass.  In  addition,  if  external  pressure  is  applied  prior  to  the  formation  of  a  rigid  network,  the 
resulting  sinter  body  is  low  in  porosity.  This  is  a  aspect  of  RHC  As  shown  schematically  in 
Figure  1,  a  pte;-load  wu  maintained  on  the  sample,  which  resulted  in  a  continuous  densification 
during  Al  naeliing  as  well  as  during  NbAl3  formation.  The  pressure  was  further  increased  to  7  ksi 
just  put  the  synthesis  reaction  in  order  to  additionally  densify  the  sample,  while  ensuring  that  no 
free  liquid  Al  would  be  “squeezed  out"  at  the  elevated  pressure.  The  pressure  on  the  sample  was 
mainuio^  for  60  minutes  at  13S0*  C  to  enhance  the  microstruciural  homogeneity  and 
densificatioa.  The  miciosttuctuie  of  a  sanqite  processed  under  these  conditions  is  shown  in  ngure 
3.  It  can  be  seen  from  this  optical  micrograph  (polarized  light  illumination)  that  the  sairple  is  t^ly 
dense  (<  2  voL%  porosity)  and  with  a  uniform  grain  size. 

Ef/tet  of  Stoichiometry  It  was  found  that  a  dispersion  of  second*  (or  multi-)  phase  parades 
could  be  produced  in  reactivcly  synthesized  samples,  as  shown  in  Figure  4.  It  can  be  seen  in  this 
low  magnification  miciogtaph  (secondary  electron  image)  that  the  panicles  are  dispersed  relatively 
uniformly  in  the  matrix.* 


Fifufe3  MienMlruaureorNbAl3  pnxliiaxt  by  RMC  riy,iin"l  NbAlj  matrix  containing  a 

ilisivrsion  oi  second  phase  particles. 


This  sample  also  contained  clHippsxl  I'P  .iliiinin.i  fibers.  I  lowevi-r.  (heir  pri'sence  is  of  ix>  conseipience 
for  the  purposes  of  present  discussion 
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Also,  some  of  ihe  panicles  contain  a  central  “core.**  as  indicated  by  jnou  $  on  the  micrograph.  I'he 
presence  (or  absence)  of  the  central  core  is  related  to  the  powder  particle  size,  as  discussed  bclou . 


The  volume  fraction  of  the  second  phase  dispersioa  could  be  controlled  by  controlling  the  staning 
sioichiomeciy  of  the  powder  mixture,  as  illustrated  by  Figures  S(a)  to  5(d).  Figure  5(a)  shows  the 
relevant  portion  of  the  Al-Nb  equilibrium  phase  diagram  with  three  initial  compositions  indicated 
by  lines  labelled  b,c,  and  d.  The  corresponding  microstructures  e.shibiicd  an  increase  in  the 
v^ume  fiaction  of  Nb2AI  (from  6.9  to  27.7%)  with  increasing  Nb  content,  as  shown  in  Figures 
5(b^S(d).  respectively.  The  measured  volume  fractions  were  less  than  those  calculated  on  the 
b^s  of  the  equilibrium  lever  rule,  with  the  amount  of  deviation  increasing  with  increasing  Nb 
content  It  appears  likely  that  the  difference  arises  due  to  the  presence  of  an  Nb-rich  core  in  some 
of  the  particles,  which  also  provides  the  basis  for  the  observed  increase  in  the  volume  fraction 
deviation  with  increasing  Nb  content  Compositional  analysis  of  the  samples  indicated  that  the 
matrix  was  close  to  the  stoichiometiy  of  Nl^l3  (74  at%  Al),  while  the  average  composition  of 
particles  without  the  core  was  62  at%  Nb.  Note  that  the  latter  composition  agrees  well  with  the 
low  temperature  equilibrium  homogeneity  limit  of  Nb2AI  on  the  Al-rich  side. 


Figures  (a)taiioaorNI>-AI diagnin 
ladiTMing  the  iaiiiil  ooni|KMilkxit  of 
mietowiueaue*  iu  (ua  (ic).  (d). 

(bHd)  RHC  pneeand  NbAl3  maoix 
conporires  cooniaing  diipcriioa  of 
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Effect  of  Fartiele  Size  As  noted  earlier,  some  ofdispeised  panicles  m  the  rnarTixcont?ined 
a  central  core.  ComposiriotuI  analysis  of  these  paries  indicated  the  core  to  be  Nb-rich,  as  shown 
in  Figures  6(a)  and  ^b).  Rgure  6(a)  is  a  compositional  linescan  across  a  panicle  and  Figure  6(b) 
is  the  corresponding  panicle  microstructure,  it  can  be  seen  that  there  is  a  good  correspondence 
between  the  compositional  profile  and  the  morphology  of  the  panicle:  the  aluminum  content 
remains  relatively  consuni  in  the  bulk  of  the  panicle,  shows  a  sh^  decrease  in  the  core  region. 


Figure  6 

(a) Compatiiional 
UncKm  along  a 
muliiphaae 
panicle  in  NbAly 
matrix. 

(b)  CofToponding 
micrtislruclural 
morphology 
showing  a  n-nirjl 
(Nb)  core. 
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and  increases  toward  the  periphery  .  This  indicates  a  tranMtion  front  the  niutrix  to  the  panicle 
coiein  the  following  order:  NbAi3  **  Nb2AI  (or  Nb3AI)  -»  (NbV  It  was  furilier  observed  that 
panicles  with  the  core  were  encountered  more  frequently  in  samples  synthesized  using  the 
Source  A  Nb  powder  than  with  those  synthesized  using  the  Source  B  powder,  while  the  average 
size  of  the  Al  powders  had  no  discernible  effect  on  the  microstructure.  A  comparison  of  the  two 
powders  is  sh<^  in  Figures  7(a)  and  7(b),  reflectively.  From  the  micrographs,  it  is  clear  that  the 
Source  A  powder  has  a  narrower  size  distribution  and  a  larger  mean  size  than  the  Source  B 
powder.  Although  no  attempt  was  made  to  funher  characterize  the  size  distributions  of  these 
powders,  it  may  assumed  that  they  are  log-normally  distributed,  based  on  literature  1 10]. 
Schematic  plots  of  the  two  size  distributions  are  shown  in  Figure  8:  a  cut-off  line  representing  a  10 
tiro  size  is  ^so  shown  on  the  plot,  based  on  the  observation  that  panicles  smaller  than  -  10  pm  are 
completely  conaimed  during  the  reaction.  It  can  be  seen  from  Figure  8  that  the  fracnon  of  panicles 
greater  than  10  pm  is  larger  for  the  Source  A  size  distribution  compared  to  the  Source  B 
distribution.  Consequently,  the  fraction  of  particles  which  ate  incompletely  reacted  would  be 
greater  for  the  Source  A  powder.  It  must  be  noted  however  that  the  10  pm  cut-off  is  not  absolute: 
several  ocher  factors  such  as  the  local  heat  and  mass  tnnsfer  and  the  surface  to  volume  ratio  of  the 
parodes  will  also  affect  the  extent  of  the  reaction. 


Figiire7(a)MiaaimictureorNbpowderrrani  Sewee  A  (b)  MiciDtuuciure  of  Nbpo'vdcrrrom  Source  B. 


Based  on  the  foregoing  analysis,  the  RHC  of  NbAl3  is  summarized  in  Figure  9.  The  figure  shows 
schematically  the  synthesis  sequence  and  the  effect  of  powder  panicle  size.  The  sequence  not  only 
illustrates  ttie  synthesis  and  densification  of  NbAl3.  but  also  a  key  aspect  of  the  use  of  RHC  to 
form  "in-situ"  panicle  dispersed  (Type  I)  composites;  because  of  a  random  distribution  of  sites  at 
which  the  second-  (or  multi-)  phax  panicles  are  formed,  uniformity  of  the  dispersion  is  “built-in” 
into  the  process. 


Figure  K  Si/.c  UtsirihuuonMil  Souria' A 
and  Source  B  (schi’m;HK:) 


I  iCMIa'  '•  SymllaMN  liw 

KIK'  ol  NItAI  (  (sk  lii'inalic) 


The  fracture  toughness  was  measured  by  two  methods:  (1)  microhardness  indeniaiion  and  (2) 
threC'point  bend  testing  of  chevron  notched  samples.  In  the  microhardness  indentation  meth^, 
crack  lengths  produced  by  a  1000  g  load  for  10  indents  were  averaged  and  convened  to  K|C 
(MPa>Vm)  using  the  semi-theoretical  relationship  developed  by  Niihara  et  al..|  1 1 1. 


The  average  crack  length  was  approximately  related  to  the  mean  interpanicle  .spacing,  as  siiown  in 
Figure  10.  It  can  be  seen  that  tire  average  crack  length  decreases  with  decreasing  mean  intetpanicle 
qtacing  ;  furthermore,  the  average  crack  length  should  approach  that  of  the  monolithic  matrix 
asymptotically  at  inriniie  mean  intetpanicle  spacing  (i-C.  zero  volume  fraaion  of  second  phase),  as 
indicated  by  ^  dotted  curve.  One  exception  to  the  trend  appears  to  be  die  sample  labelled  4;  the 
reason  for  this  deviation  is  not  clear,  but  may  be  related  to  the  very  large  intetpanicle  spacing  (380 
|un)  in  the  sample.  Based  on  this  analysis,  the  Kic  of  the  matrix  was  found  to  be  2.S.  which  is 
clore  to  the  value  determined  by  three  pant  bold  testing  of  a  chevron  nached  sample  (1.6 
MPa'Vm).  The  KiC  value  for  the  sample  with  the  smallest  average  crack  length  was  3.S  MPa-Vm, 
indicadng  a  limited  toughening  by  the  second  phase  dispersion. 


RgmlO  Dependtnoe  of  arcfifeenck  length  on 
caeM  hneqMfiiele  placing  in  panicle  dhpenaon 
toughened  NhAIg  matrix  eompoailas. 


Mean  Spacing,  pm 

Analysis  of  the  crack/particle  interactions  indicated  that  the  mechanisms  predominantly  responsible 
fa  the  increased  toughness  were  crack  blunting  a  shielding,  rather  than  crack  bridging,  indicating 
an  unfavorably  strong  matrix/particle  bond.  However,  in  a  limited  number  of  cases,  crack 
bridging  and  deflection  were  aim  observed  at  the  core  of  some  of  the  panicles.  The  three  types  of 
mechanisms  are  illustrated  in  Figures  1  l(a)-l  1(c).  respectively.  Some  regions  around  the 


Figure  1 1  (a)  Crack  blunting  by  lecand  phase  panicle, 
(b)  Crack  diieMiag  by  second  phare  panicle,  (c)  Crack 
bridging  by  lire  core  of  a  muhi-phate  pankle, 

(d)  Cbm  slip  around  a  ffliciohaiOnessimlewaiion. 
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microhaidncss  indents  exhibited  features  resembling  coarse  slip,  as  shown  in  Figure  11(d).  While 
this  is  contradictory  to  the  britde  nature  of  the  matrix,  it  is  possible  that  some  pla>iic  deformation 
may  have  taken  plm  under  the  high  and  complex  state  of  stress  generated  by  the  indentation. 


Synthesis  of  Tvoe  11  Composites 

It  was  shown  in  the  preceding  sections  that  NbAi3  matrix  composites  containing  a  dispersion  of 
second  phase  particles  could  be  reactively  synthesized  with  good  nticrostructural  control. 
Although  these  panicles  impaned  a  limited  amount  of  toughening,  the  fracture  toughness  of  the 
composites  wu  not  a^uate.'*'  Consequently,  ductile  Nb  filament  reinforced  composites  were 
produced  in  order  to  improve  the  ambimt  temperature  fraaure  toughness.  For  this  purpow,  a 
method  was  developed  to  form  a  diffusion  barrier  coating  on  the  Nb  filanKnts  “in-situ**  via  an 
unique  coupling  of  filament  pie-treatment  with  RHC  of  the  matrix.t 

Chopped  Nb  filaments  (0.2S  mm  dia.  X  -4  mm)  with  and  without  a  preireatment  were  blended 
with  the  elemental  powdeis  and  process^  as  oer  the  procedure  described  for  Type  1  composites. 
The  derails  of  the  preaeatment,  coating  formation  mechanisms,  the  microstructural  and 
ocMiposiiional  chaiactetistics  of  the  coating,  etc.  are  outside  the  scope  of  this  paper,  and  will  be 
given  in  a  fiinne  publication. 

The  microsmicaires  of  two  Type  11  composites  (with  uncoated  and  “in-situ”  coated  Nb  filaments) 
in  the  as-processed  condition  are  shown  in  Figures  12(a)  and  12(b).  respectively.  It  can  be  seen 
from  the  optical  miciographs  (polarized  light  illumination)  that  in  the  case  of  uncoated  filaments 
(12(a)),  thm  is  an  extensive  matrix/filament  interaction  leading  to  the  formation  of  an  intetmetallic 
layer  and  porosity  at  the  interface,  as  well  as  filament  degradation  due  to  A1  diffusion  in  the  bulk. 
By  contrast,  these  interactions  ate  significantly  reduced  upon  formation  of  a  diffusion  barrier 
coaling  (12(b)).  The  microsiruciuial  appearance  of  die  coating  is  shown  at  a  higher  magnification 
in  Figiue  13.  Note  that  the  coating  is  dense,  and  relatively  uniform  in  grain  size.  Long-term 
annealing  (ICO  hours  at  1200*  Q  indicated  that  the  coating  was  extremely  stable  and  provided  an 
excellent  protection  to  the  Nb  filaments. 


Fi|we  12  Mcnwruciwc  of  Nb  rilamem  leinroieed  NbAI}  matrix  composilrs.  (a)  Uncoated 
(ibmenls,  (b)  Coaled  Nb  filaments. 


Fracture  TQuehnfS.s  of  Tvoe  II  Composites 

Preliminary  fracture  toughness  measurements  of  composites  (chevron-notched  samples)  containing 
“is-siiu”  coaled  Nb  filaments  indicaied  a  significant  improvement  over  iiiairix.  Ihis  is  illustrated  in 
Figure  14  with  the  load-displacement  curves  for  the  monolithic  matrix  and  a  composite  containing 
20  vol.%  of  the  leinfoicemeni.  It  is  clear  that  the  composite  is  signilK-anily  stronger  uml  tougher 


*  The  nviin  benefit  of  these  particles  may  lie  in  their  ability  to  strcnglheti  iho  nvrlrix  at  high 
lomper.iturcs. 

I  rateni  .rpt'licalion  oendine 


lhan  the  munx.  Also,  the  curve  for  the  composite  beyond  the  nuximuiti  IojJ  is  "stepwise,  which 
suggests  that  the  failure  mechanism  is  sequential,  incotporaiing  rilameni  necking  and  fracture.  The 
calculated  Kic  value  for  the  composite  (9.6  MPaWm)  indicated  an  -.MK)  O  ini-rcase  in  the  fracture 
toughness  compared  to  the  monolithic  matrix. 

The  general  microsiructural  appearance  of  a  fracture  surface  at  the  ches  ron  notch  is  shown  in 
Rgure  IS(a)  and  at  a  higher  magnification  in  Figure  15(b).  it  can  be  seen  that  there  is  a  clear 
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ngure  13  Miaosaiicuaal  tppemnee  of  in  1fr4iia*  Figure  14  Three-point  bend  test  load-ditplaceinem 

oOMiag  on  the  nnface  of  an  niamem  curves  for  chevron  norehed  specimens  of  monolithic 

mairu  and  20  vol.%  Nb  filament  teinroreed 
composite. 

evidence  of  rUameni  puU-out  and  necking  during  fracture.  There  is  also  evidence  of  partial 
decohesion  at  the  rtlament/boatingAnatrix  interfaces,  as  shown  in  Figure  15(c)  (anow).  Thus,  the 


Figure  13  (a)Genetal  micresuucuual 
appearance  chevron  ntxch  riactuic 
sur&ce.  (b)  Higher  magnificaiian 
fiaciograph  of  (a)  showing  (Uameni 
pull-out.  (c)  niustritian  of  partial 
imetfacial  decoheaon  at  the  filament/ 
coeiing/mauu  iraeifaees  (anow). 
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increase  in  toughness  a|>pears  to  be  related  to  a  combination  ot'  mechanisms  including  (I)  crack 
bridging  by  the  filaments  with  panial  decohesion  at  the  iniertace  in  the  wake  of  the  crack  and  (2) 
efTective  matrix-to-filament  load  transfer  leading  to  filament  defoniiation  and  necking.  Note  that  for 
the  filament  necking  to  take  place,  both  partial  interfacial  decohesion  and  effective  load  transfer  are 
required.  Therefore,  it  nuy  be  inferred  that  the  niament/coating/matris  interfaces  have  optimum 
charaaeristics  for  facilitating  the  operation  of  a  variety  of  toughening/strengthening  mechanisms. 


SUMMARY  AND  CONCLUSIONS 

(1)  Near*theoretical  density  NbAl3  was  obtained  by  reactive  hot  compaction  (RHC)  of  elemental 
powders  at  1350*  C  under  a  pressure  of  7  ksi.  (2)  It  was  shown  that  by  controlling  the  initial 
stoichiometry  of  the  powder  mixture  prior  to  RHC,  NbAl3  matrix  composites  containing  a 
dispersion  of  second-  (or  multi-)  phase  (either  Nb3Al  or  Nb2AI  with  an  Nb  core  or  N‘b2AI)  could 
be  formed  “in-situ.”  A  limited  improvement  in  the  fracture  toughness  was  obtained  via  this  route, 
indicating  a  strong  matrix/particle  bond.  (3)  NbAl3  matrix  composites  reinforced  with  coated  or 
uncoated  Nb  filaments  were  processed  via  RHC.  It  was  shown  that  filaments  without  a  diffusion 
barrier  ooadng  degraded  to  an  significant  extent  during  processing,  while  niaments  with  an  “in- 
situ”  formed  proteaive  diffusion  barrier  coating  minimized  mattix/niament  interactions.  A 
significant  improvement  in  the  fracture  toughness  of  NbAl3  matrix  composites  was  observed  upon 
reinforcing  with  coated  ductile  Nb  filaments.  (4)  The  “in-situ”  coating  appears  to  provide  both: 
an  excellent  and  stable  diffusion  barrier  and  optimum  properties  for  the  operation  of  various 
toughenin^strengthening  mechanisms. 
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In  situ  formation  of  an  alumina  interface  coating  in  reactively 
synthesized  NbAl^-Nb  composites 
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DepanmeMirf MtHrrmh Scieiicf  anti Engineerinft.  (JnivrnilyofPloritla,  Gainesville.  I'L 


Abstract 

Recent  results  on  the  formation  of  an  alumina  (AljOj)  layer  at  the  matrix-reinforcement  interfaces  in 
reactively  synthesized  NbAI,-Nb  composites  are  presented.  The  interfacial  Al>0,  layer  was  formed  in 
situ  via  a  unique  coupling  of  the  surface  pre-oxidation  of  niobium  filament  reinforcements  and  reactive 
synthesis  of  the  matrix  from  a  mixture  of  the  elemental  constituents.  Details  of  the  processing  method¬ 
ology  are  presented  together  with  the  structural,  morphological  and  compositional  characterization  of 
the  composites.  The  in  situ  AKO.t  coating  was  found  to  be  stable  during  long-term  annealing  and  acted 
as  an  effective  barrier  to  elemental  interdiffusion.  Composites  with  the  in  situ  intcrfacial  coating  were 
found  to  be  significantly  tougher  than  the  monolithic  matrix;  the  various  toughening  mechanisms  are 
discussed  with  special  emphasis  on  the  role  of  the  multilayered  multiphase  interfacial  morphology. 


I.  Iitfroduction 

Transition  metal  aluminides  are  considered  to 
be  potential  candidate  materials  for  high  temper¬ 
ature  structural  components  in  aerospace  appli¬ 
cations  (!].  NbAlj  in  particular  possesses  a 
desirable  combination  of  low  density  (4.62  g 
cm‘^),  relatively  high  melting  temperature 
(1605  *C)  and  adequate  ambient  temperature 
elastic  modulus  and  compressive  strength  (above 
1 20  GPa  and  520  MPa  respectively).  However,  as 
with  many  other  ordered  intermetallics,  NbAI, 
exhibit.^  a  low  ambient  temperature  fracture 
toughness  and  consequently  a  very  limited  damage 
tolerance  (2). 

Artificially  compositing  such  brittle  intermetal¬ 
lics  with  ductile  refractory  reinforcements  shows 
promise  for  overcoming  this  significant  limitation. 
However,  for  lhe.se  artificial  composites  the  rein¬ 
forcements  are,  in  general,  embedded  in  the 
matrix  in  a  thermodynamically  non-equilibrium 
.Slate.  Coascquently,  during  high  temperature 
processing  of  the  composites,  matrix-reinforce¬ 
ment  interactions  are  commonly  encountered.  In 
addition,  the  extent  of  such  interactions  is  likely 
to  be  enhanced  upon  exposing  the  composites  to 
high  service  icmpcraiiires.  'Ilic  interactions, 
which  may  lesiill  in  ihe  formation  of  other  brittle 
intermetallics,  significant  inlerdiffusion  of  the 


elemental  constituents  or  formation  of  local  stress 
raisers  due  to  altered  interface  geometry,  are  in  a 
majority  of  the  instances  undesirable.  For  exam¬ 
ple,  the  diffusion  of  an  elemental  species  into  a 
ductile  reinforcement  can  lead  to  one  or  more  of 
the  following:  a  loss  of  strength,  a  lowering  of  the 
fracture  stress,  or  a  change  in  the  failure  mecha¬ 
nism  from  ductile  to  brittle.  Additional  damage 
also  can  result  if  the  reaction  products  lead  to  an 
unfavorable  interface  strength  or  if  the  reaction 
layers  experience  premature  fracture  {3). 

It  is  clear  that  stable  matrix-reinforcement 
interfaces  are  critical  to  the  integrity  of  a  com¬ 
posite.  As  noted  earlier,  inherent  thermodynamic 
stabilization  is  indeed  rare  in  artificial  com¬ 
posites.  Consequently,  a  kinetic  stability  is  gener¬ 
ally  sought  in  the  form  of  diffusion  barrier 
coatings  at  the  interfaces.  Among  several  coating 
materials,  alumina  (AltOi)  is  known  to  be  one  of 
the  best  for  its  microstiuctural  stability,  chemical 
compatibility  (especially  with  aluminide  inter¬ 
metallics)  and  low  diriusiviiy  at  high  tempera¬ 
tures. 

In  this  paper,  a  new  technique  is  described  by 
which  an  alumina  coaling  is  formed  in  siiu  during 
the  synthe,sis  and  consolidation  of  NbAI,  matrix 
composites.  The  :ipj>m:ich  is  based  on  reactive 
hot  compaction  (RIK  ).  which  comliincs  reactive 
synthesis  of  the  malii.s  with  hoi  piessing.  Rl  1C  is 
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well  suited  to  the  fabrication  of  intermetallics  as 
well  as  intermetallic  matrix  composites  in  general 
and  for  transition  metal  aluminides  in  particular, 
because  of  the  formation  of  a  low  melting  point 
(typically  aluminum-rich)  transient  liquid  during 
the  process.  The  presence  of  si^ch  a  liquid  not 
only  accelerates  the  diffusional  mixing  but  also 
aids  in  a  rapid  consolidation  of  the  powder  mass 
[4].  In  the  present  work,  a  new  concept  was 
tested,  namely  to  expand  the  scope  of  the  forma¬ 
tion  reaction  not  only  to  include  the  synthesis  of 
the  intermetallic  matrix  but  also  to  form  simul¬ 
taneously  an  interface  coating  in  situ  via  coupling 
of  a  reinforcement  pre-treatment  with  RHC. 


2.  Experimental  methods 

Imbrication  of  the  composites  was  based  on  a 
unique  coupling  of  the  reactive  synthesis  of  the 
matrix  and  an  oxidation  pre-treatment  of  the 
reinforcement,  as  reflected  in  the  fabrication 
sequences  described  below. 

2.1.  Reinforcement  pre-treatment 

Chopped  niobium  filaments  250  /^m  in  diam¬ 
eter  and  S  mm  long  were  used  as  the  reinforce¬ 
ment.  Prior  to  the  oxidation  pre-treatment,  the 
filaments  were  cleaned  ultrasonically  in  acetone 
followed  by  surface  etching  in  a  1:2  mixture  of 
HF-HNOj  solution  and  a  final  distilled  water 
rinse.  The  cleaned  filaments  were  placed  in  a 
quartz  tube  and  oxidized  at  500  *C  in  a  stream  of 
pure  oxygen  flowing  under  a  pressure  slightly  in 
excess  of  one  atmosphere  for  various  lengths  of 
time  ranging  from  3  to  1 5  min.  During  oxidation, 
the  quartz  tube  was  rotated  to  ensure  a  uniform 
exposure  of  the  filament  surface. 

2.2.  Reactive  hot  compaction 

The  pre-treated  niobium  filaments  were  mixed 
in  a  cylindrical  blender  with  niobium  and  alumi¬ 
num  elemental  powders,  pre-mixed  to  yield  a 
near-NbAlj  stoichiometry.  The  average  size  of 
the  niobium  and  aluminum  powders  was  less  than 
45  pm  and  20  pm  respectively.  The  mixtures 
were  cold  compacted  into  a  disk  shape  (38  mm  in 
diameter  and  8  mm  thick)  under  a  pressure  of  10 
kibf  in  '  \  followed  by  hot  pressing  under  vacuum 
in  a  BN-lined  graphite  die.  A  previously  opti¬ 
mized  hot-pre.ssing  schedule  was  followed  as 
shown  in  Fig.  1 . 


Time,  min 

Fig.  I.  RHC  processing  cycle  ischcniahc). 


2.3.  Characterization  and  testing 

The  characterization  of  microstructures  and 
interfaces  of  the  composites  was  carried  out  using 
optical  and  scanning  electron  microscopy, 
electron  probe  microanalysis,  transmission 
electron  microscopy  of  the  interfaces,  and  phase 
identification  via  X-ray  diffraction  (XRD)  analy¬ 
sis. 

The  composites  were  tested  for  thermal  stabil¬ 
ity  via  inert  atmosphere  annealing  at  1 200  *C  for 
100  h.  The  fracture  toughness  of  the  composites 
was  measured  by  three-point  bending  tests 
on  chevron-notched  spetimens  (3.3  mm  x  5  mm 
X  greater  than  25  mm)  with  a  test  fixture  span  of 
20  mm.  The  dimensions  of  the  tested  samples 
were  strictly  in  accordance  with  ASTM  Standard 
392-87  [5],  with  a  90'  riH>t  angle  chevron  notch 
cut  using  a  diamond  wheel  (blade  0.1 5  mm  thick) 
saw  fitted  with  a  special  in-house  built  fixture.  All 
samples  were  tested  on  an  MTS-8 1 0  at  a  cross¬ 
head  speed  of  lO”''  mm  s'';  the  toughness  K^^ 
values  were  calculated  on  the  ba.sis  of  a  modified 
stre.ss  intensity  factor  formula  developed  by  Wu 
16’,  asing  the  measured  peak  load  on  load- 
displacement  curves. 

3.  Results  and  discussion 

3. 1.  Reactive  hot  compaction 

Previous  work  [7]  on  the  RHC  proce.ssing  of 
NbAI,  indicated  that  sinter  bodies  close  to  full 
density  (less  than  2  vol."/<.  porosity)  could  be 
synthesized  using  the  reactive  hot-pressing 
schedule  shown  in  Fig.  I.  Because  the  detailed 
analysis  of  NbAI,  RHC  has  been  presented  in  an 
earlier  publication  |7|,  only  a  summary  of  the 
salient  features  of  the  reaction  sequences  are 
given  here:  the  first  dominatu  reaction  duritig 
heat-up  is  th;it  of  aluminum  melting,  resulting  m  a 
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rapid  spreading  of  liquid  aluminum  throughoul 
the  powder  mass.  This  is  followed  by  the  matnx 
synthesis  reaction  (initiated  at  approximately 
980  *C),  accompanied  by  a  sharp  temperature 
rise  due  to  release  of  the  heat  of  formation 
( - 1 19  kJ  mol"  ' )  of  NbAI,.  Subsequent  densifi- 
cation  via  pressurization  then  yields  a  .sample  of 
near-theoretical  density,  as  shown  in  Fig.  2.  In 
addition,  it  was  found  that,  by  controlling  the 
initial  stoichiometry  of  the  Nb-Al  powder  mix¬ 
ture  and  selecting  an  appropriate  niobium 
powder  size,  a  uniform  dispersion  of  Nb,AI  parti¬ 
cles  in  an  NbAI,  matrix  can  be  obtained.  Such 
two-phase  in  sini  composites  are  expected  to 
possess  better  high  temperature  mechanical 
properties  (owing  to  the  higher  melting  tempera¬ 
ture  of  NbiAl),  without  sacrificing  the  ambient 
mechanical  properties.  In  fact,  a  slight  increase  in 
ambient  fracture  toughness  has  been  observed 
previously  (7]. 

The  scope  of  RHC  can  be  expanded  to  include 
the  fabrication  of  niobium-filament-toughened 
NbAlj  matrix  composites  with  a  diffusion  barrier 
coating  at  the  matrbc-reinforcement  interfaces. 
As  discussed  below,  the  synthesis  reaction  can  be 
extended  not  only  for  producing  the  NbAI, 
matrix  but  also  the  simultaneous  in  situ  formation 
of  an  AI2O3  layer  at  the  Nb-NbAlj  interfaces. 
Conceptually,  the  strategy  for  forming  the  A12O3 
layer  in  situ  was  based  on  initially  providing  a 
layer  of  niobium  oxide  on  the  surface  of  niobium 
hlament  reinforcements  via  a  pre-oxidation  treat¬ 
ment.  Subsequent  coupling  with  the  reactive 
synthesis  and  consolidation  of  the  aluminide 
matrix  was  utilized  for  the  reactive  conversion  of 
the  niobium  oxide  into  an  AI2O3  interfacial  layer. 


Thermodynamic  data  indicated  that  the  niobium 
oxide(s)  could  be  reduced  by  aluminum  to  pro¬ 
duce  A1;0,  during  subsequent  processing.  This  is 
illustrated  by  a  plot  of  the  Gibbs  energy  of  forma¬ 
tion  of  AUO,  and  the  three  possible  niobium 
oxides  (NbO,  Nb02  and  Nb-O.)  as  a  function  of 
temjjerature  (Fig.  3),  indicating  that  AI2O3  is 
thermodynamically  more  stable  than  each  of  the 
ihr-e  niobium  oxides  at  all  temperatures. 

3.Z  Pre-oxidation  and  its  coupling  with  reactive 
hot  compaction 

The  chopped  niobium  filaments  (250  pm  in 
diameter)  were  pre-oxidized  at  various  tempera¬ 
tures  and  lengths  of  time.  It  was  found  that  at 
temperatures  above  about  550  “C,  a  spontaneous 
uncontrollable  self-propagating  oxidation  reac¬ 
tion  occurred.  Evidently,  the  high  oxidation  rate 
and  the  high  heats  of  formation  of  the  niobium 
oxides  (ranging  from  -406  to  -  1990  kJ  mol"’) 
result  in  a  rate  of  temperature  rise  which  greatly 
exceeds  the  rate  of  heat  removal  from  the  speci¬ 
men  under  the  experimental  conditions  em¬ 
ployed.  Consequently,  setting  the  upper  limit 
of  the  treatment  temperature  at  500  'C,  the  thick¬ 
ening  kinetics  of  the  oxide  layer  were  determined 
as  described  below.  In  addition,  diffusion  calcula¬ 
tions  indicated  that,  at  500  °C,  the  oxygen  pene¬ 
tration  depth  in  niobium  was  limited  to  about  4 
pm  if  the  treatment  times  were  kept  under  10 
min,  thus  minimizing  the  potential  embrittlement 
of  the  niobium  filaments. 

The  thickening  kinetics  of  the  oxide  layer  at 
500  *C  are  shown  in  Fig.  4  with  a  plot  of  the 
measured  oxide  layer  thickness  as  a  function  of 
the  square  root  of  oxidation  time.  The  linearity  of 
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Fig.  4.  Thickening  oi  niobium  oxide  layer  at  773  K  under  an  oxygen  pressure  of  1 4.7  Ibf  in  ' 


(a)  (b)  (c)  (d)  (e)  (f)  1  cm 

Fig.  5.  Appearance  of  oxidized  niobium  fllamems  treated  for  various  limes:  (a)  3  min;  (b)  4  min;  (e)  .S  min;  (d)  6  min;  (e)  7  min; 
(f)9min. 

the  data  indicates  a  parabolic  oxidation  rate  NbO  nor  Nb02  were  detected,  in  agreement  with 

during  the  short-term  oxidation  treatment  and  data  in  the  literature  [10],  while  according  to  the 

that  the  rate  is  most  probably  controlled  by  relative  peak  intensities  the  amount  of  NbjO, 

oxygen  diffusion  through  the  oxide  layer.  increased  with  increasing  treatment  time.  Conse- 

The  oxidized  niobium  niaments  exhibited  a  quently,  it  may  be  concluded  that  the  oxide  layer 

continuous  color  change  from  blue  through  gray  thickening  is  solely  a  result  of  additional  NbiO; 

to  white  with  increasing  oxidation  time,  as  shown  formation  and  is  not  due  to  the  formation  of  other 

in  Fig.  -S  (which  shows  the  color  change  as  gray  oxides. 

shades),  while  XRD  analysis  of  the  oxidized  fila-  The  morphology  of  the  oxide  .scale  was  exam- 

menis  (Fig.  6)  indicated  that  the  major  oxide  ined  by  scanning  electron  microscopy  (SEM)  of 

formed  on  the  niobium  surface  is  Nb,0,.  Neither  epoxy-mounted  and  melallographically  preparetl 
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Fig.  6.  XRD  patierm  corresponding  to  the  oxidized  fila¬ 
ments  shown  in  Figs.  5(a)-5(e).  The  top  and  the  bottom 
patterns  are  the  patterns  given  in  refs.  8  and  9  for  niobium 
and  NbjO,  respectively. 


oxidized  filamenis.  Micrograph.s  of  niobium  fila¬ 
ments  oxidized  for  3  min,  4  min.  .S  min,  6  min, 
7  min  and  9  min  are  .shown  in  Tigs.  7(a).  7(b),  7(c), 
7(d),  7(e)  and  7(f)  respectively.  The  common 
feature  of  the  Nb^Oj  layer  i.s  a  porous  structure, 
as  shown  in  the  higher  magnification  micrograph 
in  Fig.  8;  the  amount  of  porosity  was  found  to 
vary  from  30  to  50%,  depending  on  theihickness 
of  the  oxide  layer.  In  addition,  significant  radial 
cracking  developed  when  the  thickness  of  the 
oxide  layer  exceeded  20  /zm;  this  is  believed  to  be 
due  to  a  drastic  volume  expansion  caused  by 
density  change  from  8.4  g  cm"’  for  niobium  to 
4.7  g  cm"^  for  NbjOj.  Continued  thickening 
beyond  7  min  resulted  in  a  non-uniform  oxide 
layer  because  of  spalling,  as  shown  in  Fig.  7(f). 
Table  1  gives  a  summary  of  oxide  layer  thickness, 
color  of  the  oxide  film,  and  its  stability  on  cooling 
with  respect  to  cracking  and  spalling  as  func¬ 
tions  of  the  oxidation  time.  On  the  basis  of  these 
observations,  the  upper  time  limit  for  the  oxida¬ 
tion  treatment  was  restricted  to  7  min. 

The  pre-oxidized  niobium  filaments  were 
mixed  with  niobium  and  aluminum  element  pow¬ 
ders  mixed  in  the  desired  stoichiometry  and 
reactively  hot  pressed  using  the  schedule 
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Fig.  8.  Microstructure  of  the  Nb.O,  scale  on  a  typical  oxi¬ 
dized  niobium  filament. 


Fig.  9.  Synthesis  sequence  for  RHC  of  an  Nb-NbAlj 
composite  (schematic). 


TABLE  1 

Summary  of  niobium  oxidation  time  series  at  SOO  *C  under 
1 4.7  Ibf  in '  ’  oxygen  pressure 


Oxidation 

time 

(min) 

Average 

oxide 

thickness 

(/on) 

Surface 

color 

Layer 

stability 

3.0 

5.30 

Dark  blue 

Suble 

3.5 

8.85 

Light  blue 

Stable 

4.0 

10.20 

Dark  gray 

Stable 

4.5 

11.20 

Dark  gray 

Stable 

5.0 

13.55 

Light  gray 

Stable 

6.0 

15.38 

Light  gray 

Cracks 

7.0 

18.0 

Light  gray 

Cracks 

9.0 

22.83 

White 

Spalling 

described  earlier.  Differential  thermal  analysis 
and  microstructural  analysis  of  samples  at  various 
stages  in  the  reaction  sequence  [11]  indicate  that 
the  interfacial  AI2O3  formation  is  triggered  by  the 
temperature  rise  which  accompanies  the  matrix 
synthesis  reaction.  The  interfacial  microstructural 
morphology  presented  below  revealed  that  the 
AI2O3  layer  is  surrounded  by  a  layer  of  Nb2Al(a) 
on  the  matrix  side.  This  also  suggests  that  the 
bulk  of  AI2O3  formation  occurs  via  a  solid  state 
reaction  with  the  matrix  (i.e.  in  the  post-matrix- 
.synthesis  stage),  leading  to  an  aluminum-poor 
region  immediately  adjacent  to  the  interface.  It 
should  be  noted  that,  although  a  similar  local 
compositional  change  would  be  encountered 
during  AUO,  formation  via  reaction  with  liquid 
aluminum,  rapid  mass  transport  in  the  liquid 
would  tend  to  level  the  compositional  gradients. 


The  various  reactions  theii  sequence  and  the 
related  sequence  of  microstructui^  development 
of  an  RHC  processed  composite  are  shown 
schematically  in  Fig.  9  together  with  their  loca¬ 
tion  in  relation  to  the  processing  cycle  used. 

It  was  found  that  the  thickness  of  the  subse¬ 
quently  formed  AI2O3  layer  was  linearly  related 
to  the  original  thickness  of  the  Nb205  layer,  as 
illustrated  in  Fig.  10.  The  plot  indicates  a  signifi¬ 
cant  reduction  in  the  thickness  after  reactive  hot 
pressing,  even  though  AUO3  has  a  lower  density 
than  Nb205  (3.97  g  cm"-'  for  AI2O3  compared 
with  4.47  g  cm"^  for  Nb205).  Linear  least- 
squares  regression  analysis  of  the  experimental 
data  (R^  -  0.98)  gave  the  following  relation: 

Wp,  “  5.07  +  2.53r/^ijO, 

One  of  the  reasons  for  the  observed  thickness 
reduction  is  believed  to  be  due  to  the  30-50% 
porosity  in  the  initial  Nb203  layer.  In  addition,  it 
is  likely  that  the  higher  temperature  encount-red 
during  RHC  (compared  with  that  for  the  pre¬ 
oxidation  treatment)  may  decrease  the  amount  of 
Nb205  because  of  the  increased  oxygen  solubility 
in  niobium. 

3.3.  Microstructure  of  the  composites 

The  microstructures  of  RHC-processed 
NbAl3-Nb  composites  reinforced  with  bare 
(uncoated)  and  A  1,0, -coated  niobium  filaments 
are  shown  in  Figs.  1 1(a)  and  1 1(b)  respectively.  It 
can  be  seen  that,  in  the  absence  of  an  interfacial 
coating,  there  is  an  extensive  matrix-filament 
interaction  in  the  form  of  intermetallic  formation 
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Fis.  10.  ThickiKU  relation  between  the  initial  Nb205  scale  snd  the  alumina  layer  formed  in  situ. 


as  well  as  the  penetration  of  aluminum  (with  char¬ 
acteristics  sii^ar  to  grain  boundary  embrittle¬ 
ment)  into  the  niobium  filaments.  By  contrast, 
these  interactions  were  significantly  reduced 
upon  formation  of  the  AI2O3  layer  at  the  interface 
(Fig.  1 1(b)).  These  uncoated  and  coated  compo¬ 
sites  wer  Either  annealed  at  1200  *C  for  100  h. 
The  microstructure  of  the  two  types  of  niobium 
filaments  after  annealing  are  shown  in  Figs.  12(a) 
and  12(b)  respectively.  It  is  clear  that  the  inter¬ 
facial  reaction  zone  has  thickened  for  the 
uncoated  reinforcements.  In  addition,  it  was 
found  that  the  microhardness  of  the  reinforce¬ 
ment  increased  sharply  towards  the  periphery  for 
the  uncoated  filaments,  which  is  clearly  an  un¬ 
desirable  situation.  Furthermore,  the  interfacial 
layer  continued  to  thicken  with  further  annealing, 
leading  to  an  unstable  composite  microstructure. 
By  contrast,  the  microhardness  across  the  coated 
filament  was  approximately  constant.  This  is 
corroborated  independently  by  compositional 
line  scans  across  the  coated  reinforcement- 
matrix  interfaces  in  the  pre-annealed  and  pusi- 
annealed  (I2()0*C  for  100  h)  conditions  (Figs. 
1 3(a)  and  1 3(b)  re.spectively).  It  can  be  .seen  that 
after  the  annealing  treatment  there  is  only  a 
limited  amount  of  aluminuii;  diffusion  in  the  fila¬ 
ments  coated  in  xim. 

The  above  line  scans  and  the  interfacial  micro- 
structural  morphology  (Fig.  14)  also  reveal  that  a 


multilayer  structure  is  formed  at  the  interfacial 
region,  with  a  sequence  of  NbAI,,  -  NbjAl  -  AI2O3 
-Nb,  upon  traversing  from  the  matrix  to  the 
reinforcement  side.  Also,  it  is  noted  that  the 
aluminum  profile  in  the  AKO.,  layer  decays  to¬ 
wards  the  niobium  side  of  the  Nb-Al203  inter¬ 
face  in  both  samples,  suggesting  that  the 
aluminum  diffusion  could  be  one  of  the  rate¬ 
controlling  steps  in  the  AKO,  formation  process. 
Furthermore,  it  should  be  noted  that  there  is  a 
slight  increase  in  the  niobium  content  of  the 
AI3O3  scale  toward  the  niobium  filament  side, 
indicating  that  the  AI2O3  formation  sequence 
must  also  be  controlled  by  a  niobium  rejection 
and  transport  mechanism. 

Transmission  electron  microscopy  (TEM) 
analysis  of  the  interfacial  regions  [12]  also  sup- 
poned  this  mbrphological  sequence,  as  shown  by 
the  bright  field  micrograph  in  Fig.  15(a).  The 
analysis  indicated  that  the  AKO,  was  present  in 
the  stable  a  modification,  while  niobium  precipi¬ 
tates  were  detected  in  the  AUO,  layer  toward  the 
niobium  filament  side  of  the  interface  (Fig.  1  S(b)), 
supporting  the  compositional  analysis.  The  pres¬ 
ence  of  niobium  particles  predominantly  near  the 
niobium  side  and  their  near-absence  toward  the 
matrix  side  reveal  an  interesting  aspect  of  the 
Al,0,  formation  reaction;  it  appears  that  the 
niobium  relea.sed  during  Nb,()^  reduction  by 
aluminum  according  to  the  reaction  3Nb20,,  + 
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Fig,  II.  Microstructures  of  niobium-filament-reinforced 
NbAlj  composites  (as  processed!  la)  uncoated  filaments;  (b) 
filaments  coated  in  situ. 


Fig.  12.  Microstructures  of  nioPium  liinmenis  embedded  in 
an  NbAlj  matrix  after  long-terrr.  .uine.iline:  lal  uncoated  fila¬ 
ment;  (b)  filament  coaied  in  sin. 


lOAl  =  5A1,0,  +  6Nh  may  be  accommodated 
by  the  unreacted  Nb-0<  ahead  of  the  Al-,©,- 
NbiO,  interface.  Subsequently,  the  continued 
transformation  of  Nb-O;  to  .41,0,  may  lead  to 
the  observed  precipitation  of  niobium.  The  inter¬ 
face  morpholouv  is  summarized  schematically  in 
Fig.  15(c). 

It  was  critical  for  ihe  success  of  the  in  situ 
alumina  coiitmg  techiiKiue  thai  the  niobium  rein¬ 
forcements  themselves  do  not  degrade  becau.se  of 
Ihe  pre-oxitlalion  iieaiment.  since  it  is  well 
known  that  mteisntial  elements  such  as  o.xygen 
can  sigmlicantls  embrittle  niobium.  The  Vickers 
mierohardness  nl  the  j'le  oMdizeii  niobium  fila- 
mei'is  embedded  m  the  matrix  was  measured  as  a 
lunelion  ol  the  pie  (ixidalmii  time  It  \v;is  lound 
dial  the  \  u  keis  miei nliardness  lain’ed  lioni  a 
minimum  III  'nil\  1  mmnl  i ividaiion  Ireal- 
riieiit to  ,1  masimiim  id  'did  1|\  im  >i  mm  ot 


oxidation  treatment;.  On  comparison  of  these 
values  with  the  data  of  other  investigators  ( 13]  (60 
HV  for  pure  niobium  to  a  maximum  of  325  HV 
for  niobium  containing  0  35  "u  O),  it  is  clear 
that  the  maximum  oxygen  content  in  the  pre¬ 
oxidized  niobium  filaments  may  not  exceed  0.35 
wt.%.  This  is  important,  since  Stoop  and  Shani- 
nian  ( 1 3)  found  that  below  0  33  wt.",,.  the  ductility 
of  niobium  was  not  degtaded  and  all  other 
mechanical  properties  were  slightly  improved  at 
both  ambient  titul  elexatCkl  lemperaiure  owinc  to 
the  dynamic-strain-agiiig  elles  is '  14'. 

.’.4  Inu  iuic  loui^liiu w 

Ihe  Iraeluie  linn'hius  id  the  m.itiix  ,iiul 
niobium  lil.iinenMemli 'll  ed  composites  was 
nu-asuied  m,i  thiee  poun  '...iilin!’  lesis  on  ehev 
ion  notched  spei  miei'i'  ils  lesi-,  indu.iled  ,1 
siniiilK'.iiit  met^Ms^■  m  .j'l'ii  lemtoii'iii;’  vsilh 

the  niobium  tilanieiiis  o-  '  1  .'.nli  \|  ii  o.'u. 
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Fig.  13.  Compositional  profiles  across  the  AI2OJ  layer 
formed  in  situ:  (a)  as  processed;  (b)  annealed. 


rig,  14  Microsiriiclure  of  Ihc  interface  .showing  a  multilayer 
slrueliire. 


Fig.  15.  The  Al.O,  inierfacial  region  formed  in  siiu:  (a) 
bright  field  TEM  image,  showing  a  dense  fine-grained  Al;0, 
layer;  (b)  high  magnification  TEM  micrograph,  showing  an 
AIjO,  layer  containing  a  fine  dispersion  of  niobium  particles; 
(c)  schematic  illustration  of  the  interface  structure. 


a.s  illustrated  by  the  load-displacement  curves  for 
the  unreinforced  matrix  and  a  ctimposite  contain¬ 
ing  20  vol.7o  Nb  filaments  (Fig.  16).  The  unrein- 
forced  matrix  showed  typical  cata.strophic  brittle 
failure  after  the  peak  load,  implying  an  insignifi¬ 
cant  damage  tolerance.  By  cotilrasl,  the  compo¬ 
site  shows  an  initial  linear  elastic  region,  followed 
by  a  non-linear  loatl  increase  with  some  tine 
pertuibalions  caused  most  probably  by  micro- 
cr;ick  generation  in  the  matri,\  up  to  the  maximum 
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Fig.  16.  Load-displaceiiient  curves  of  three^nt  bending  tests  with  chevron-notched  toughened  composite  specimens  consist¬ 
ing  of  t  monolithic  nutrix  and  20  vol.%  Nb  (AIjO)  coated). 


load,  followed  by  a  continuous  and  stepwise  load 
decrease.  It  should  be  noted  that  both  the  higher 
fracture  toughness  and  the  higher  damage  toler¬ 
ance  of  the  composite  arise  because  of  an  effec¬ 
tive  load  transfer  to  the  reinforcing  phase. 

Observation  of  the  fracture  surface  of  the 
tested  samples  provides  an  insight  into  the 
characteristics  of  the  load-displacement  curves. 
Figure  17(a)  shows  the  general  appearance  of  the 
fracture  surface  at  a  low  magnihcation  of  an 
NbAlj  composite  reinforced  with  niobium  fila¬ 
ments  coated  with  AI2O3  in  situ.  The  figure 
clearly  demonstrates  a  significant  degree  of  bridg¬ 
ing  by  the  niobium  reinforcements.  Furthermore, 
the  fracture  surface  topography  suggests  that 
crack  deflection  occurred  when  the  cracks  inter¬ 
sected  the  niobium  filaments.  The  niobium  fila¬ 
ment  reinforcements  failed  typically  in  a  highly 
ductile  manner  as  shown  in  Fig.  17(b).  Several 
obse<  nations  may  be  illustrated  from  this  micro¬ 
graph;  the  filament  fracture  is  a  “knife  edge”, 
indicating  extremely  ductile  behavior,  while  there 
is  clear  evidence  of  partial  circumferential 
clecohesion  at  the  interface.  A  closer  look  at  the 
interfaces  on  the  fracture  surfaces  indicated  that 
the  decohcsion  occurs  first  on  that  side  of  the 
filament  first  encountered  by  the  crack  front  and 


subsequently  on  the  other  side,  contributing  to 
the  knife-edge  nature  of  the  niobium  filament 
fracture. 

From  physical  considerations,  it  is  apparent  that 
a  certain  amount  of  ductility  of  the  reinforcement 
is  needed  for  any  significant  improvement  in  the 
toughness  of  brittle  matrix  composites.  It  has  also 
been  recognized  that  ductility  of  the  reinforcing 
phase  alone  is  not  sufficient  for  achieving  a  sig- 
niHcant  improvement  in  the  fracture  toughness; 
equally  as  important  is  the  matrix-reinforcement 
interfadal  strength.  For  example,  if  the  interface 
is  very  strong,  a  high  degree  of  geometrical  con¬ 
straint  can  lead  to  a  triaxial  state  of  stress,  result¬ 
ing  in  a  brittle  failure  of  the  ductile  reinforcement 
(15).  Consequently,  there  would  not  be  a  signifi¬ 
cant  increase  in  the  composite  toughness  under 
these  circumstances.  On  the  contrary,  for  a  very 
low  reinforcement-matrix  interface  strength,  the 
reinforcement  would  readily  debond  and  there 
would  be  no  crack  surface  bridging  action,  again 
resulting  in  a  limited  improvement  in  the  tough¬ 
ness. 

On  the  contrary,  a  significant  improvement  in 
the  fracture  toughness  would  be  expected  if  a 
partial  interfacial  debonding  (decohesion)  can 
remove  the  geometrical  const rainis  and  allow  the 


Fig.  17.  Fraciographs  of  Nb-NbAI,  composite  coated  in 
sun:  (a)  general  fracture  surface:  (b)  fractured  niobium  fila¬ 
ment  showing  knife-edge  failure  and  partial  interfacial 
bonding. 

reinforcement  lo  neck,  while  the  remaining  inter¬ 
face  area  in  contact  with  the  matrix  (becau.se  of  a 
combination  of  the  interface  bonding  strength 
and  mechanical  interlock)  allows  an  effective  load 
transfer  to  the  reinforcement. 

The  niobium  filament-matrix  interface  in  the 
present  instance  clearly  shows  evidence  of  partial 
decohesion  along  the  fracture  surface  with  asso¬ 
ciated  filament  necking  and  ductile  fracture.  This 
suggests  that  the  interface  of  the  composite  labri- 
cated  by  this  [irocessmg  technique  possesses 
optimal  interlace  [iro[ieriics  .Since  the  inierfacial 
regions  exhiinicd  a  rntiliiphasc  miiltilavereii 
m()r(iholog\,  II  \i.as  imp<iii.im  lo  dclerminc  the 
exact  location  wnhiii  the  laxcisi  ol  inlerlacial 
dccohcsion  .\  closci  look  ;il  Ihc  mlcilacc  vi.i 
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Fig.  1 9.  KDS  specira  of  the  areas  shown  in  Fig.  1 8(A ). 


fleet  view  of  the  area  labeled  c  in  Fig.  18(A).  A 
series  of  EDS  spectra  is  given  in  Fig.  19  (labeled 
a-e  corresponding  to  a-e  in  Fig.  18(A)):  a  is  the 
filament  knife-edge,  b  is  the  niobium  filament 
surface,  c  is  the  Al,0,  coating  layer  formed  in 
sim,  d  is  partially  debonded  matrix  surface  and  e 
is  the  NbAI,  matrix.  The  EDS  analysis  was  car¬ 
ried  out  by  directly  focusing  the  electron  beam  on 


the.se  individual  areas.  It  is  clear  that  the  spectra 
for  a  and  b  correspond  to  the  niobium  filament 
with  a  surface  morphology  shown  in  Fig.  18(B). 
while  the  spectrum  for  c  corresponds  to  the 
Al.O,  coating  layer  formed  in  situ  with  the 
morphology  shown  in  Fig.  1S(C);  the  spectra  for 
d  an<l  e  correspond  to  Nb,AI  and  NbAI,  (matrix) 
respectively.  These  observations  clearly  indicate 


that  the  partial  interfacial  decohesion  is'  initiated 
at  the  Al20,-Nb2AI  interface.  In  addition,  during 
necking  of  the  niobium  filaments,  decohesion  at 
the  Nb-A^Oj  interface  was  observed.  However, 
the  Nb2AI-NbAl3  interface  did  not  exhibit  any 
decohesion,  implying  a  strong  interfacial  bond,  as 
supported  independently  by  our  previous  work 
on  Nb2AI-NbAI,  composites  [T]. 

4.  Summary  and  conclusions 

With  the  unique  coupling  of  RHC  proce.ss  with 
pre-oxidation  treatment  of  the  niobium  filament 
reinforcements,  Nb-NbAlj  composites  were 
obtained  with  an  AI2O3  layer  formed  in  situ  at 
reinforcement-matrix  interfaces  during  the  syn¬ 
thesis  and  consolidation  of  the  composites.  Post¬ 
annealing  microstructural  analysis  indicated  that 
the  AI2O3  layer  formed  in  situ  acts  as  an  effective 
diffusion  barrier,  while  the  uncoated  niobium  fila¬ 
ments  degraded  to  a  significant  extent.  The  frac¬ 
ture  roughness  of  the  composites  showed  a 
significant  improvement  over  that  of  the  unrein¬ 
forced  matrix.  Fracture  surface  analysis  suggested 
that  a  partial  debonding  (decohesion)  occurs  at 
the  Al203-matrix  interface  during  crack  propaga¬ 
tion.  Thus  the  in  situ  coating  appears  to  provide 
both  an  excellent  and  stable  diffusion  barrier  and 
optimum  properties  for  the  operation  of  various 
toughening  and  strengthening  mechanisms. 

Acknowledgments 

The  authors  gratefully  acknowledge  the  sup¬ 
port  of  Defense  Advanced  Research  Projects 
Agency  to  the  University  of  Florida  under  Grant 
MDA972-88-J1-6.  The  authors  also  acknowl¬ 
edge  Dr.  David  Baker  and  Dr.  M.  J.  Kaufman  for 
the  TEM  analysis. 


References 

1  R.L.  Fleischer,/ /V/<i/er.SW...V  19SS)228l-2288. 

2  J.  H.  Schneibcl.  P.  F.  Bccher  and  J.  A.  Horton.  J.  Muter 
AV.V..  .1(6) (1988). 

3  S.  Ochial  and  K.  Osamura,  in  H.  I>hiila  (ed.).  Interfaces:  in 
Polymer,  Ceramic  and  Metal  Matrix  Composites.  Else- 
view.  Amsterdam.  1 988.  pp.  4 1  .--42.'. 

4  A.  Bose,  B.  Moore,  R.  M.  German  and  N.  S.  Sioloff.  / 
Met.,  /4-/7(9)(1988). 

5  ASTM  Stand.  392-€7.m». 

6  S.-X.  VAi,  in  J.  H.  Underwood.  S.  W.  Freiman  and  F.  1. 
Baralta  (eds.).  Chevron-notched  Specimens:  Testing  and 
Stress  Analysis,  ASTM  Spec.  Tech.  Ptibl.  S55.  1 984.  pp. 
1 76- 1 92  (ASTM,  Philadelphia.  PA ). 

7  L.  Lu,  Y.  S.  Kim,  A.  B.  Gokhale  and  R.  Abbashian,  Proc. 
Conf.  on  Intermetallic  Matrix  Composites,  Materials 
Research  Society  Spring  Meeting.  San  Francisco,  CA, 
April  16-21,  1990,  Materials  piesearch  Society,  Pitts¬ 
burgh,  PA,  1990,  pp.  79-87. 

8  Powder  Diffraction  File,  Joint  Committee  on  Powder 
Diffraction  Standards,  International  Center  for  Diffrac¬ 
tion  Data, Swarthmore,  PA.  1989.  Card  34-370. 

9  Powder  Diffraction  File,  Joint  Committee  on  Powder 
Diffraction  Standards,  International  Center  for  Diffrac¬ 
tion  Data,  Swarthmore.  PA.  1 9,S9.  Card  27-1313. 

10  E.  A.  Gulbransen  and  K.  F.  Andrew.  J.  Electrochem.  Soc., 
/05(1)(  1959)  4-9. 

1 1  L.  Lu,  A.  B.  Gokhale  and  R.  Abb.ischian.  Masters  Thesis. 
.1991. 

12  L.  Lu,  A.  B.  Gckhale,  M.  J.  Kaufman  and  R.  Abbaschian, 
Extended  Abstracts,  in  Conf  on  Powder  Metallurgy’:  Key 
To  Advanced  Technology,  yancoiiver,  British  Columbia, 
JtilyJO-Augttst  1, 1990.  Metals  Park.  OH.  1 990. 

13  J.  Stoop  and  P.  Shaninian.  /V<>c.  Conf.  Meiallurcical 
Society  of  AIME,  Warrendale.  P.A.  I960.  Pan  II.  Conf. 
Symp.  34,  pp.  407-432. 

14  J.  F.  Fnrietto,  G.  M.  Sinclair  and  C.  A.  Wen,  Proc.  Conf 
on  Columbium,  Metallurgical  Society  of  AIME,  Warren¬ 
dale,  PA,  I960,  pp.  503-521 

15  C.  K.  Elliott,  G.  R.  Odette,  G,  E.  Liica.s  and  J.  W.  Shech- 
herd,  in  F.  D.  Lemkey.  S,  G.  Fishman.  A.  G.  Evans  and 
J.  R.  Strife  (eds.).  High  Temperature  j  High  Performance 
Composites,  Materials  Research  Society  Symp.  Proc..  Vol. 
120,  Materials  Research  Society.  Pittsburgh.  PA.  1988. 
pp.  95-101. 


BOOK  n 


Section  2 


Mechanical  Alloying 
of 


MoSij 


Principal  Investigator:  M.J.  Kaufman 


MoSi2  Matrix  Composites 


Principal  Investigator:  M^.  Kaufman 

Objectives 

A  novel  processing  method  utilizing  the  combination  of  mechanical  alloying,  carbothermal 
reductions,  and  carbon  additions  was  developed  in  the  preceding  year  to  synthesize  silica- 
free  MoSii  and  MoSySiC  composites  [1-3].  The  studies  during  the  past  year  have  been 
directed  toward  meeting  the  following  objectives: 

(1)  Optimization  of  the  processing  sequence  for  various  compositions  corresponding  to 
increasing  volume  fractions  of  silicon  carbide  in  MoSi2  and  determination  of  the 
nmximum  SiC  loading  possible. 

(2)  Characterizing  the  phase  evolution  sequences  for  the  various  compositions  as  a 
function  of  alloying  time  and  consolidation  temperature;  in  particular  for  differences 
associated  with  increasing  carbon  content. 

(3)  Extension  of  the  processing  rationale  to  potential  alloy  silicide  systems  such  as 
(Mo,W)Si2. 

(4)  Mechanical  Property  Characterization. 


Research  Summary 

(1)  Process  Optimization: 

Using  the  processing  strategy  outlined  in  [2],MoSi2/Sic  composites  with  varying  SiC 
contents  have  been  processed.  Thus  far,  sUica-free  composites  with  silicon  carbide 
loadings  of  up  to  60  v/o,  and  with  a  minimal  amount  of  the  Nowotny  (third)  phase 
have  been  successfully  fabricated.  Furthermore,  near  theoretical  densification  has 
been  achieved  in  the^  composites,  with  the  open  porosity  being  limited  to  1  %  or 
less.  The  SiC  reinforcement  size  in  all  the  above  composites  is  typically  of  the  order 
of  1  nm. 

In  view  of  the  tendency  of  the  silicide  to  dissociate  at  elevated  temperatures  and 
under  low  total  pressures,  considerable  modifications  were  made  to  the  processing 
method,  as  outlined  in  references  [8]  and  [9]. 
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(2)  Characterization  of  the  phase  evolution  sequences: 

A  combination  of  DTA/TGA  and  x-ray  diffraction  techniques  have  been  utilized  to 
study  the  phase  evolution  sequences  during  mechanical  alloying  and  during 
consolidation.  Significant  differences  have  been  noted  in  the  microstructural 
evolution  sequence  with  changes  in  the  nominal  powder  composition.  For  instance, 
while  intermetallic  formation  during  mechanical  alloying  is  predominant  for  the  lower 
carbon  content  alloys,  the  high  carbon  alloys  evolve  by  initially  forming  carbides 
(such  as  molybdenum  and  silicon  carbide)  during  mechanical  alloying.  These  in  turn 
lead  to  signiflcant  differences  in  the  phase  evolution  sequence  during  powder 
consolidation.  These  finding  will  be  elaborated  in  [5]. 

(3)  Extension  of  the  processing  rationale  to  other  silicide  systems: 

The  extension  of  the  processing  scheme  to  process  alloy  silicide/silicon  carbide 
composites  has  also  been  attempted.  Thus  far,  we  have  looked  at  forming  in-situ 
composites  for  the  (Mo,W)Si2/SiC  system,  with  W  substimting  for  Mo  in  the 
disilicide.  Further  improvements  in  the  high  temperature  strength  are  anticipated 
in  this  system  due  to  the  synergistic  effects  of  solid  solution  strengthening  and 
dispersion  strengthening.  Thus  far,  silica-free  (Mo,W)Si2/SiC  composites  with  20  v/o 
SiC,  containing  25  and  50  mole  percent  of  WSi2  in  the  matrix  have  been  synthesized 
successfully.  The  mechanical  alloying  approach  makes  it  possible  to  very  to  alloying 
levels  (in  the  matrix)  and  the  SiC  content  (in  the  composite)  independently.  Details 
of  the  processing  of  these  composites  are  found  in  [7].  The  higher  density  of  WSi: 
necessitates  such  property  improvements  to  be  considered  on  a  density-compensated 
basis. 

(4)  Mechanical  property  Characterization: 

Finally,  efforts  are  underway  to  evaluate  the  elevated  temperature  properties  of  the 
silica-free  MoSi2/SiC  composites  and  compare  them  with  composites  processed  by 
conventional  blend  and  consolidate  techniques.  It  is  anticipated  that  the  absence  of 
the  grain  boundary  silica  and  the  presence  of  micron  sized  SiC  will  lead  to  improved 
elevated  temperature  strengthening  due  to  increased  resistance  to  grain  boundary 
sliding  and  potential  dispersion  strengthening  effects  [6]. 


Publications 
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IntroducHon 

‘Jevelopment  of  high  temperature  structural 
applications  due  to  its  M&llent  oxidation 
electrical  and  thermal  conductivity.  However,  it  is  plagued  by  low  room 
«emperature  strength,  in  addition  to  intermediate  temperatuie  pesting 
pocwing  appean  to  be  the  preferred  route  to  the  fabrication  of  MoSi2  (^U 
e^nts  of  an  amorphous  silica  phase  [1]  upon  consolidation.  TTie 
^  i**  i  “  **  detrimental  to  the  mechanical  properties,  as  they  can 

*5“  *e  room  temperatuie  strenSia^  toughnesi  The 

also  degraded  by  the  silica  due  to  iu  softening  charactSstics  at  temperatures 

^  silicon  degSes  theTS 

diffusion  (Miner  coatings  on  ductile  fiber  reinforced  MoSij  composites.  pnjiecnve 

^  understanding  and  controlling  the 

^  ^  ^*^"8  ‘""“"i*  additions  to  the  starting  MoSij  powder 

a^Snforc  Sv  m.“mv  temperature  plasticity  as  f  rcsult'o^thSe 

Jh  beneficial  effects  of  carbon  additions  on  the 

etevatM  empOTture  fracture  toughness  of  M0S12.  The  beneficial  effects  of  the  carbon  additions  were  attributed 
to  the  deoxidation  of  the  silicon  and  molybdenum  oxides  while  hot-piessing.  ' 

con^iSS  ‘•y  elimination  of  the  silica  phase  via  its 

T  excellent  high  temperature  stability.  This  study  takes  adv^tage  of  the 

“■‘‘•■’I 

Experimental 

molybdenum  (purity  99.9%.  2-4  pm)  and  silicon  (purity  98%,  -<44 
KSS  proportions  corresponding  to  MoSi2.  Atom  4  wt.  % 

m  *"l’jcc‘«l  ‘o  mechanical  attrition  in  a  high  energy 

3  mm  diameter  hardened  steel  balU  with  a  ball  to  powder  weight  ratio  of 
mimmixe  contaitunaoon  from  ox)  gen.  a  continuous  flow  of  getteredhigh  purity  argon  was 
^  ‘“ri'cd  MoSi2  (MA  MoSi2)  Sh  no  cS,Si^“ 

^  Purp^  of  ctrapanson.  Consolidation  of  the  mechanically  attrited  powde  ;  was  carried  out  by 

respectively  for  the  MA  MoSia powders  with  and  without  carton  additio.is 
(XRD)  APhilios ADP^m" !r!if  consolidation  processes  was  followed  by  x-ray  dlffractometry 
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Z  phase)  and  either  MosSis  or  CMosSij  {high  Z  phase).  It  is  also  apparent  that  the  MojSis  and/or  CM05Si3 
regions  tend  to  adjoin  the  dark  regions  thereby  suggesting  that  the  origin  of  these  phases  is  probably  due  to  local 
deviations  from  stoichiometry  resulting  from  either  Si02  or  SiC  formation. 

TEM  analysis  of  the  C-modified  material  revealed  a  homogeneous  microstructurc  with  uniformly  distributed 
second  phases  such  as  those  marked  A  and  B  in  Fig  4.  The  average  grain  size  of  the  MoSi2  was  between  3  and  5 
Hm,  much  larger  than  that  of  the  material  without  carbon  additions,  presumably  because  of  the  higher 
consolidation  temperatures.  EDS  microanalysis  (with  Be  window)  of  region  A  showed  the  presence  of  silicon 
alone,  indicating  that  these  regions  correspond  to  the  dark  (low  Z)  regions  such  as  those  shown  in  Fig.  3.  Selected 
area  diffraction  patterns  (SADPs)  were  obtained  along  the  major  zone  axes  from  these  and  other  silicon  rich 
regions  (Fig.  4)  and  were  consistently  indexed  to  a  cubic  P-SiC  structure  with  a  lattice  parameter  (as  0.4339  nm) 
essentially  identical  to  that  determine  by  x-ray  diffraction  (described  below).  The  SiC  was  present  in  the  form  of 
1  pm-siz^  particles  located  predominantly  along  grain  boundaries  and  at  triple  point  regions.  Furthermore,  the 
SiC  particles  were  easily  distinguishable  based  on  the  internal  twinning  observed.  Based  on  the  juxtaposition  of 
the  SiC  particles,  it  appears  that  the  silica  that  had  spheroidized  at  the  grain  boundary  and  triple  point  regions  had 
subsequently  transformed  to  SiC.  In  addition  to  P-SiC,  both  MosSi3  and  CMosSi3  were  observed  (region  B), 
consistent  with  the  findings  by  Cotton  ei  al.  (2],  who  pointed  out  the  possible  role  of  carbon  in  the  evolution  of 
second  phases.  Since  silica  formation  displaces  the  matrix  composition  away  from  MoSi2  towards  MosSi3,  it 
results  in  the  formation  of  these  higher  molybdenum  phases.  The  grain  boundaries  also  appeared  to  be  free  of  any 
silica  (Fig.  3)  although  a  small  amount  was  occasionally  observed  within  the  grains. 


Figure  3.  Backscattered  electron  image  of  the  hot 
pressed  carbon-modified  MA  MoSii. 


XRD  of  the  carbon-modified  material  (Fig.  6)  also 
confirmed  the  results  of  the  TEM  analysis.  The  results 
of  the  peak  positions,  intensities,  indices,  and  d 
spacings  of  the  various  reflections  are  summarized  in 
Table  1.  All  the  reflections  could  be  ascribed  to 
tetragonal  MoSi2  and  cubic  p-silicon  carbide.  No 
reflections  corresponding  to  MosSi3  or  CMosSi3  were 
seen,  which  is  not  surprising  since  they  were  present 
in  insufficient  volume  fractions. 

A  brief  Ic"'!'  at  the  Mo-Si-C-0  system  reveals  the 
presence  of  a  number  of  phases,  MoSi2.  Mo5Si3, 
CM05Si3,  M0O3,  M02C,  SiO,  SiC^,  SiC,  CO,  CO2. 
etc.  Based  on  the  free  energy  data  of  these  compounds. 


Figure  4.  BFTEM  of  the  C-modified  MA  MoSi2  and 
SADPs  of  P-SiC  and  CMo5Si3. 


1246 


MoSi2  COMPOSITES 


The  iransformation  characteristics  of  the  powders  were  also  monitored  by  differential  thcrmni  analysis  (DTA) 
and  thermogravimetric  analysis  (TGA).  DTA/TGA  was  performed  on  a  Netzsch  STA-4()9  system  with  heating 
rates  of  10  K  per  minute  under  flowing  argon  (IcmVsec). 

Optical,  scanning  and  transmission  electron  microscopy  were  performed  on  the  consolidated  samples.  Thin 
foil  TEM  specimens  were  prepared  from  bulk  samples  following  standard  procedures  of  dimpling  and  ion-milling 
using  Ar^  ions  at  4.5  kV.  Final  thinning  was  done  at  2.5  kV  at  an  angle  of  13°  for  30  minutes.  Microstructural 
characterization  was  carried  out  in  a  JEOL  200CX  analytical  transmission  electron  microscope  operated  at  200 
keV.  Elemental  identification  of  the  phases  was  acheived  with  the  aid  of  an  energy  dispersive  spectrometer 
attachment  and  appropriate  data  analysis  facilities. 

Results  and  Dheussion 


The  results  of  the  XRD  analysis  of  the  mechanically  attrited  powders  indicated  that  these  submicron-sized 
powden  consisted  of  molybdenum  and  tetragonal  MoSh,  with  apparent  traces  of  the  hexagonal  MoSij  phase. 

The  microstnictuies  of  the  hot  pressed  MoSi2  specimens  without  carbon  additions  are  shown  in  Fig.  1.  A 
uniform  distribution  of  second  phase  particles  with  volume  fractions  in  the  range  0.15-0.2C  were  present  in  the 
MoSi2  matrix.  TEM/EDS  analysis  of  these  samples  (Fig.  2)  revealed  the  presence  of  submicron-sized  grains  of 
MoSi2  and  second  phase  particles  which  were  amorphous  and  silicon-rich,  indicating  the  presence  of  the  glassy 
silica  phase.  In  addition,  there  were  considerable  amounts  of  very  fine  (10  nm)  dispersoids  typically  within  the 
MoSi2  grains  and  occasional  grains  of  the  MosSi3  phase. 


Figure  1.  Scanning  electron  micrograph  (SEM) 
showing  the  microstnicture  of  hot-pressed  MA  MoSi2. 

Fig.  3  shows  a  backscattered  electron  image  of  the 
specimen  derived  from  the  carbon-modified  MA 
MoSi2  powder.  A  dramatic  improvement  in  the  overall 
homogeneity  and  cleanliness  of  the  microstructure  is 
apparent  when  compared  with  the  MA  MoSi2 
compacu  without  car^.  Using  EDS,  the  dark  areas 
in  die  Hg.  3  were  conflimed  to  be  silicon  rich,  while 
the  grey  and  bright  areas  were  observed  to  contain 
molybdenum  and  silicon  in  approximate  ratios  1:2  and 
5:3  respectively,  thus  indicating  the  presence  of  either 
Si02  or  SiC  (low  Z  phase),  MoSi2  (intermediate 


Figure  2.  Bright  field  transmission  electron  micrograph 
(BFTEM)  and  SADP  of  silica  panicles  in  hot-pressed 
MA  MoSi2. 
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TABLE  1 

Summary  of  X>ray  Diffraction  Results 


Peak 

No. 

26 

Intensity 

(cps) 

1/Imax 

d(nm) 

hkK 

1 

!Z2.872 

1340 

27.26 

3.8850 

(»2(M) 

2 

30.325 

1391 

28.31 

2.9451 

101  (M) 

3 

35.922 

408 

8.30 

14979 

111(S) 

4 

39.951 

1832 

37.28 

2.2549 

IIO(M) 

5 

41.675 

46 

0.94 

2.1655 

200  (S) 

6 

44.893 

4914 

100.00 

10175 

103  (M) 

7 

46.445 

942 

19.18 

1.9536 

112(M) 

8 

57.648 

625 

VLll 

U977 

200  (M) 

9 

60.268 

193 

3.93 

1.5344 

220  (S) 

10 

62.755 

381 

11.82 

1.4794 

202  (M) 

11 

66.391 

762 

15.50 

1.4070 

105  (M) 

12 

68.485 

14 

0.28 

1.3689 

7 

13 

72.288 

467 

9.49 

1.3060 

006  (M) 
311 (S) 

14 

75.693 

1482 

30.16 

1.2555 

213  (M) 

IS 

75.911 

900 

18.31 

1.2533 

222  (S) 

16 

76.833 

172 

3.49 

1.2397 

204  (M) 

17 

85.743 

1082 

22.03 

1.1322 

220  (M) 

18 

86.051 

666 

13.55 

1.1317 

doublet 

19 

90.108 

108 

2.20 

1.0883 

222  (M) 

20 

93.431 

462 

9.41 

1.0582 

400  (S) 

21 

93.808 

246 

5.02 

1.0575 

301  (M) 

22 

98.961 

841- 

17.11 

1.0133 

310  (M) 

23 

99.353 

449 

9.15 

1.0128 

331  (S) 

*  M  -  MoSi2  S  -  SiC 


The  overall  reaction  is  thus 

Si02  +  3C  -»  SiC  +  2  CX)  (1). 

It  is  also  thermodynamically  possible  for  the  carbon 
monoxide  to  react  with  the  silicon  dioxide  to  form 
silicon  ntonoxide. 

SiOj  +  CO  -»  SiO  +  CO2  (2). 

Analysis  of  the  energeflcs  of  reaction  (1) 
suggests  that  it  is  feasible  above  1700K  under 
atmospheric  pressures.  The  effect  of  the  lower 
partial  pressures  (due  to  the  vacuum  in  the  hot  press) 
and  the  reducing  environment  of  the  carbon  dies 
would  be  to  lower  this  reaction  onset  temperature,  as 
has  been  shown  by  Ishizaki  [14],  (Calculations  of  the 
magnitude  of  the  lowering  in  the  onset  temperature 
are  cutrendy  being  performed. 

Thermogravimetric  analysis  under  flowing  argon 
(at  heating  rates  of  lOK/min)  of  the  MA  MoSij 
powders  wid^  and  without  carbon  additions  (Fig.  7) 
indicated  that  there  were'significantly  greater  weight 
losses  in  the  case  of  the  C-modiHed  material  at 
temperatures  above  1423K.  In  separate  experiments 
conducted  under  flowing  argon  at  similar  heating 
rates,  the  overall  weight  loss  of  a  carbon-modified 
sample  heated  to  1773K  was  about 


12.S  percent.  Based  on  the  reaction  mechanisms  discussed  previously,  the  weight  losses  in  the  C-modified 
material  can  be  ascribed  to  the  fortnadon  of  gaseous  products  such  as  CO  and  CX32  during  the  reaction,  as  well  as 
a  partial  loss  of  gaseous  SiO  and  M0O3.  The  above  mentioned  weight-loss  data  must  be  interpreted  with  caution 
b^ng  in  mind  that  the  actual  sample  consolidation  was  carried  out  under  vacuum  whereas  the  TG  A  experiments 
were  done  in  flowing  argon. 


Fig.  7.  TGA  data  showing  weight  losses  as  a  function  of  temperature  for  MA  MoSij  and  C-modified  MoSij. 
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it  is  clear  that  the  most  stable  phases  at  1700K  (where 
most  of  the  reactions  occur)  are  MoSi2,  CMosSi3, 
Mo5Si3,  and  SiC.  The  possibility  of  M02C  is 
discounted  based  on  its  higher  free  energy  (lower 
stability)  compared  to  the  other  phases.  This  is 
confirm^  by  the  absence  of  the  M02C  phase  in  the 
samples  analysed.  (Comparison  of  the  observed 
microstructures  with  thennodynamically  calculated 
predominance  regimes  will  be  dealt  with  in  a  separate 
publication . 

The  carbothermal  reduction  of  silica  is  best 
depicted  as  occuting  in  the  following  sequence: 

Si02  SiO  +  O 
C  +  0  -♦  cx> 

followed  by  the  reaction  of  silicon  monoxide  to  form 
silicon  carbide,  i.e.. 


Figure  5.  BFTEM  of  the  C-modified  MA  MoSi2 
showing  the  absence  of  grain  boundary  Si02- 


SiO+  2C  SiC  +  CO. 


26  (Degrees) 

Hgure  6.  Variation  of  intensity  as  a  function  of  20  for  the  hot-pressed,  carbon-modified  MA  MoSi2 
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Coniolidaiion  experimMU  were  also  perfonned  on  carbon-modined  commercial  powder  (-325  mesh)  under 
identical  processii^  cordons  as  the  C-modified  MA  MoSii-.  The  resultant  miciostnictures  lacked  homogeneity 
|n  the  silicon  carbide  distribudon  when  compared  to  those  derived  from  MA  MoSi2  powder,  suggesting  that  die 
increased  specific  surface  area  of  carbon  and  its  uniform  distribution  that  are  brought  about  by  the  mechanical 
attrition  process  leads  to  an  enhanced  rate  of  the  carbothermal  reduction  reaction  and  a  more  efficient  conversion 
to  SiC.  Presendy,  it  is  unclear  as  to  whether  the  silicon  carbide  formation  mechanism  involves  a  vapor-liquid- 
solid  reaction  or  vapw  phase  species  reacting  inidally  at  small  nuclei,  and  further  studies  are  underway  to 
elucidate  this  informadon. 

The  above  results  might  also  be  used  to  explain  the  defect-free  microstnictures  observed  in  SiC  reinforced 
MoSi2  where  the  addition  of  SiC  was  observed  to  lead'to'a  lediredon  of  the  Si02  phase.  It  is  suspected  that  the 
comnieicial  SiC  used  in  those  studies  contained  substantial  amounts  of  free  carbon  which  is  responsible  for  the 
microstiuctural  enhancement  of  the  resulting  SiC/MoSh  composites,  due  to  the  ensuing  carbothermal  reduction 
reacdons. 


Summarv 

MoSi2  containing  a  uniform  distribudon  of  in-siiu  formed  silicon  carbide  has  been  successfully  synthesized 
fnxn  mechanically  attrited  powders.  The  glassy  silica  phase  that  is  characterisdc  of  all  powder  processed  MoSi2 
has  been  effecdvdy  eliminated  and  converted  into  the  high  temperature  stable  silicon  carbide  phase.  Plausible 
reaction  mechanisms  have  been  discussed,  and  an  explanadon  for  the  gettering  effect  seen  in  SiC  reinforced 
MoSi2  has  been  proposed. 
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MoSii-based  composites  have  been  synthesized  through  the  mechanical  alloying  (MA) 
of  elemental  molybdenum  and  silicon  powders  with  and  without  carbon  additions.  The 
interplay  between  the  phase  formation  sequence  in  the  powders  and  the  microstnictural 
evolution  in  the  consolidated  samples  is  described.  It  is  shown  that  the  glassy  SiO:  phase 
characteristic  of  conventional  powder  processed  MoSi2  can  be  effectively  eliminated  by 
combining  mechanical  alloying,  carbon  additions,  and  an  in  situ  carbothexmal  icductioa 
reaction.  Using  this  approach,  composites  consisting  of  uniformly  distributed  micron-size 
SiC  in  an  MoS^  matrix  can  be  formed.  The  effect  of  important  processing  variables  such 
as  the  extent  of  carbon  additions,  extraneous  iron  pickup  during  MA,  partial  pressures  of 
oxygen,  consolidation  temperatures,  and  consolidation  atmospheres  is  discussed  based  on 
the  evidence  obtained  from  DTA,  TGA,  TEM,  and  XRD. 


I.  INTRODUCTION 

The  intermetallic  MoSi2  has  long  been  considered  a 
potential  material  for  high-temperature  structural  appli¬ 
cations  due  to  its  high  melting  point,  excellent  oxidation 
and  corrosion  resistance,  low  density,  and  good  electrical 
and  thermal  conductivity.  Similar  to  many  other  high- 
temperature  intermetallics,  the  use  of  MoSi2  is  limited 
as  a  structural  material  due  to  its  low  ambient  tempera¬ 
ture  fracture  toughness  and  poor  elevated  temperature 
strength. 

A  number  of  approaches  for  the  processing  of  this 
intermetallic  are  unsuitable  due  to  its  high  melting  point 
and  owing  to  the  fact  that  it  exists  as  a  line  compound. 
Furthermore,  the  relatively  high  dissociation  pressures 
of  MoSi2  at  elevated  temperatures  result  in  uncontrolled 
second  phase  formation  due  to  silicon  volatilization.'*^  In 
view  of  these  characteristics,  powder  processing  appears 
to  be  the  preferred  fabrication  route  due  to  the  lower  pro¬ 
cessing  temperatures  that  it  affords;  unfortunately,  it  also 
results  in  tte  incorporation  of  silica  (originally  formed 
as  a  surface  layei  on  the  powder  particles^)  into  the 
consolidated  samples.  The  presence  of  grain  boundary 
silica  either  as  a  continuous  film  or  as  discrete  particles 
is  expected  to  be  detrimental,  since  the  particles  may 
serve  as  crack  nucleation  sites  at  lower  temperatures, 
while  enhancing  deformation  via  grain  boundary  sliding 
at  temperatures  above  1200  *C  where  the  silica  softens 
appreciably.  In  fact,  recent  studies  have  shown  that 
low  silica  polycrystalline  MoSi2  demonstrates  negligible 
“plasticity"  below  1400  *€.*  Silica  formation  also  alters 
the  matrix  stoichiometry  and  results  in  the  formation 
of  MosSi}.  Such  stoichiometric  deviations  degrade  the 
intermediate  temperature  oxidation  resistance^  of  the 


silicide.  Finally,  silica  has  also  been  reported  to  cause 
the  degradation  of  the  diffusion  barrier  coatings  at  the 
fiber-matrix  interface  in  ductUe  fiber-reinforced  MoS^.^ 

In  attempting  to  control  the  oxygen  content  of  MoS^ 
by  varying  the  starting  powder  size  and  by  intentional 
carbon  additions  (deoxidant),  Maxwelf  found  that  a 
fine-grained  material  with  carbon  additions  had  better 
creep  properties  and  lower  high-temperature  plasticity 
than  a  similar  grain-size  material  without  carbon. 
More  recently,  Maloy  er  aL*  also  reported  improved 
elevated  temperature  fracture  toughness  with  vary¬ 
ing  levels  of  carbon  additions.  However,  substantial 
(•^40%)  weight  losses  were  reported  on  consolidating 
these  samples,  resulting  in  uncontrolled  formation  of 
Mo-rich  second  phases.  Hardwick  and  co-workers’ 
attempted  to  process  oxygen-free  MoSi2  by  conducting 
all  the  powder  handling  and  consolidation  steps  under 
vacuum  or  inert  gas  atmospheres.  However,  these 
approaches’*'"  are  impractical  from  the  standpoint  of 
processing  bulk  structural  parts,  due  to  the  difficulties 
involved  in  the  scale-up  of  the  evacuation  systems,  as 
well  as  the  excessive  costs  that  would  be  associated  with 
such  processes. 

It  is  therefore  clear  that  further  enhancements  in  the 
properties  of  MoSi2  and  MoSi2-based  composites  are 
possible  only  with  the  elimination  of  silica  (and  oxygen) 
in  the  matrix  along  with  close  control  of  the  overall 
stoichiometry,  through  the  use  of  simple  and  economical 
processing  schemes  that  do  not  necessitate  elaborate 
care  during  powder  handling.  Thus,  the  major  focus  of 
the  present  study  was  to  achieve  the  above-mentioned 
objectives  through  a  combination  of  mechanical  allaying 
and  carbothermal  reductions  for  the  silica-free  synthesis 
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of  MoSii.  While  mechanical  alloying  (MA)  would  result 
in  the  formation  of  a  microstructundly  uniform  and 
compositionally  homogeneous  alloy  of  the  desired  stoi* 
chiometry,  the  carbothermal  reduction  process"’*^  would 
utilize  the  reducing  effect  of  carbon  to  convert  silica  to 
silicon  carbide.  Furthermore,  mechanical  alloying  would 
enable  the  homogeneous  dispersion  of  carten  in  the 
matrix  to  facilitate  these  reactions. 

II.  BACKGROUND 
A.  Phase  equilibria 

Optimizing  the  processing  conditions  and  under* 
standing  the  microstructural  evolution  requires  a  knowl¬ 
edge  of  the  phase  equilibria  and  crystal  chemistry  of 
the  binary  Mo-Si  and  the  ternary  Mo-Si-C  systems; 
these  are  sununarized  in  Table  I.  It  should  be  pointed 
out  that  many  of  the  earlier  thermodynamic  and  struc¬ 
tural  determinations  of  these  systems  were  in  error 
due  to  oxygen  and  carbpn  contamination  of  the  sam¬ 
ples,  as  well  as  due  to  the  high  melting  points  of  the 
compounds. 

Tbmary  isotherms  of  the  Mo-Si-C  system,  as 
shown  in  Fig.  1(a),  were  coristructed  by  Nowotny  and 
co-workers**  at  1600  *C  and  by  Brewer  and  Krikorian^ 


at  around  1727  *C.  Subsequently,  van  Loo  and  co¬ 
workers**  constructed  a  1200  ’C  isotherm  [see  Fig.  l(b)l 
after  examining  arc-melted  alloys  and  diffusion  couples. 
The  only  ternary  phase  in  the  Mo-Si-C  system  is  the 
“Nowotny  phase”  which  has  the  approximate  formula, 
C<|Mo<5Si3,  and  a  relatively  wide  homogeneity 
range.**’**'*®’**  Minor  additions  of  carbon  to  MojSis 
destabilize  its  tetragonal  structure  and  result  in  the 
formation  of  a  carbon  stabilized  hexagonal  Nowomy 
phase.  These  Nowotny  phases  have  the  general  formula, 
TlT^MiX<\,  where  T  denotes  a  transition  metal,  M 
represents  Ge  or  Si,  and  X  denotes  a  nonmetal  such  as  C, 
O,  B,  or  N.**  The  presence  of  carbon-centered  tetrahedra 
is  characteristic  of  the  Nowotny  phases  and  accounts 
for  their  stability.  While  the  isotherms  of  Nowotny 
et  aL  and  Brewer  and  Krikorian  are  in  good  agreement 
with  each  other  in  their  prediction  of  the  existence  of 
a  three-phase  field  between  MoSi2,  C<iMo<sSi3,  and 
SiC,  the  results  of  Van  Loo  indicate  the  coexistence  of 
MosSi3,  SiC,  and  C<|Mo<sSi3  at  1200  *C  Recently,  it 
has  bMn  postulated  by  Costa  e  Silva  and  Kaufinan** 
that  the  van  Loo  and  Brewer  diagrams  are  consistent 
with  each  other  only  if  a  class  II,  four-phase  reaction 
(MoSi2  +  Nowotny  — ►  SiC  +  MosS^)  exists  between 
the  temperatures  at  which  these  isotherms  were 
constructed,  i.e.,  1200  ‘C  and  1727  ‘C. 


TABLE  I.  Summary  of  the  binary  and  ternary  phases  of  the  Mo-Si-C  system. 


System  Formula 


Temp. 

CQ 


Crystal  Lattice 

system  Structure  parameters  (nro)  Ref. 


Comments 


Mo-Si  MosSi 


2025 


Cubic 


Putin 


a  -  0.4890 


14 


MojSb  2100 


or-MoSia 

1900 

MoSb 

2020 

Si-C 

or-8iC 

-2800 

Mo-C 

^-SiC 

/J-MoaC 

-2800 

2650 

MoC 

2520 

Mo-Si-C 

C<|  Mo<5Si} 

2000-2060 

(composition 

dependent) 


Tetragonal 

f4/mcm 

a  -  0.9648  14 

c  -  0.4910 

Ibtragonal 

lA/mmm 

a  -  0.3202  14 

c  -  0.7843 

Hexagonal 

P6i22 

a  -  0.4642 

14 

c  -  0.6529 

Hexagonal 

F6smc 

a  -  0.3081 

15 

c  -  1.511 

Cubic 

FAim 

a  -  0.4358 

15 

Hexagonal 

P6j/mmc 

a  -  0.2932 

16 

c  -  1.097 

Hexagonal 

P6j/mmc 

0  -  0.3006 

15 

c  -  0.4753 

Hexagonal 

P6i/mcm 

a  -  0.7286 

17 

b  -  0,7287 
c  -  0.5002 


Forms  by  the  peritectic  reaction,  L  + 
a  ^  MO}Si 

Incorrectly  identified  as  MosSi:  until 
Aronson.'*  Solubility  range  —  3  at.  %. 

a-P  transformation  is  polymorphic. 
However,  Ref.  13  considers  /3  dec¬ 
omposition  to  a  and  MosSi]  through 
a  eutectoid  reaction,  p  may  be  stabi¬ 
lized  by  impurities,  e.g.,  Ti. 


Numerous  other  polytypes  exist. 


Forms  by  the  peritectic  reaaion,  L  + 
MoC  ^  MoiC 

Other  metastable  forms  which  are  slightly 
carbon  rich  such  as  a-  and  17-carbides 
exist  at  high  temperatures  and  trans¬ 
form  at  lower  temperature  by  eutec¬ 
toid  reaction  to  ^-MojC  C. 
c/a  changes  slightly  with  carbon  con¬ 
tent.  First  structure  determination  made 
by  Schachner  ef  a/.,''*  but  incorrectly 
identified  as  Mo^Siv 
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C  C 


FIO.  1.  Sdiematte  of  the  tenuuy  kothemu  of  the  Mo-Si-C  syetem  ei  propoeed  by  (t)  Nbwotny  et  at  1600  *C  and  (b)  van  Loo 
et  mL  tt  1200  X.**  N  in  (a)  and  T  in  (b)  denote  the  C<|Mo<5Si3  phase. 


B.  Processing  rstlonsie 

Based  on  the  1600  *C  isotherm  of  Nowotny  and 
the  1727  *C  isotherm  of  Brewer,  it  is  dear  that  ternary 
powder  alloys  within  the  composition  limits  established 
by  the  MoSij  +  C<|Mo<sSi3  +  SiC  three-phase  field 
should  form  a  thermally  stable,  three-phase  microstruc¬ 
ture  when  consolidated  at  these  temperatures,  provided 
that  the  powders  are  suffidently  homogeneous  to  mini¬ 
mize  the  diffusion  length  scales  so  as  to  establish  equi¬ 
librium  within  the  short  time  frames  of  the  consolidation 
process.  Here,  it  is  assumed  that  the  nature  of  the 
isotherms  is  unaltered  by  the  presence  of  small  amounts 
of  oxygen  present  as  surface  SiOj  on  the  powders. 
While  part  of  the  carbon  would  take  part  in  die  deox- 
idation/carbothermal  reduction  reactions,  the  unreacted 
residual  carbon  would  exist  in  equilibrium,  as  dictated 
by  the  isotherm. 

For  the  formation  of  MoSi2/SiC  composites  with  a 
minimal  amount  of  the  Nowotny  phase,  it  is  necessary 
to  start  with  nominal  compositions  sli^tly  to  the  Mo- 
ridi  side  of  the  MoS^-SiC  tie  line;  this  ensures  that  the 
compositional  variations  (carbon  and  silicon  losses)  due 
to  the  carbothermal  reduction  reactions  do  not  shift  the 
overall  composition  to  the  adjacent  Si  +  MoSi]  +  SiC 
field,  where  the  Si  phase  would  experience  indpient 
melting  above  1400  *C  and  thus  result  in  the  degra¬ 
dation  of  the  high  temperature  mechanical  properties. 
Bearing  this  in  mind,  it  is  possible  to  vary  the  amount  of 
the  reinforcing  SiC  phase  in  the  MoSi2  matrix  by  simply 
choosing  compositions  at  various  points  along  the  tic 
line.  Note  that  the  formation  of  the  thermodynamically 
expected  microstructures  may  also  be  limited  by  various 


kinetic  constraints.  Similarly,  processing  related  effects 
such  as  porosity  should  also  be  appropriately  controlled 
in  view  of  the  gaseous  by-products  formed  as  a  result  of 
the  carbothermal  reduction  reaction. 

It  is  worth  noting  that  the  deoxidation  of  commercial 
MoSi2  by  carbon  additions  without  a  commensurate 
increase  in  the  silicon  content^-^  would  result  in  com¬ 
positional  shifts  along  an  imaginary  line  between  MoSiz 
and  C  and  a  corresponding  increase  in  the  amount  of  the 
Nowotny  phase,  according  to  the  diagrams  by  Nowotny 
and  Brewer  [Fig.  1(a)]. 

In  the  present  study,  two  powder  compositions  were 
chosen  for  mechanical  alloying  (MA).  One  corresponded 
to  stoichiometric  binary  MoSiz  as  a  baseline  for  com¬ 
parison,  and  the  other  was  a  ternary  alloy  in  the 
MoSiz  +  C<|Mo<5Si3  +  SiC  three-phase  field,  accord¬ 
ing  to  the  Nowotny  diagram  [Fig.  1(a)]. 

ill.  EXPERIMENTAL  PROCEDURE 

The  compositions  investigated  by  mechanical  alloy¬ 
ing  in  this  study  were  Si-28Mo-14C  and  Si-33.33Mo 
(stoichiometric  binary  MoSiz)  (<ifi  compositions  in 
atomic  percent).  Mechanical  alloying  was  performed 
in  a  water-cooled  Szegvari  attrition  mill  (planetary 
type)  using  hardened  steel  balls  as  the  milling  media 
and  a  ball  to  charge  ratio  of  5:1.  Elemental  powders 
of  commercial  purity  molybdenum  (purity  99.9%, 
2-4  fim)  and  silicon  (purity  98%,  <44  /tm)  obtained 
from  Cerac  and  high-purity  carbon  powder  (99.5% 
pure,  -300  mesh,  amorphous)  obtained  from  Johnson 
Matthey  were  the  starting  materials.  To  minimize  oxygen 
contamination  during  processing,  high-purity  titanium- 
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gettered  ugon  (oxygen  content  less  than  4  ppm)  under  a 
slightly  positive  pressure  was  maintained  in  the  attritor. 
The  progress  of  MA  was  monitored  by  withdrawing 
small  amounts  of  powder  samples  from  the  same 
attrition  batch  after  0,  0^,  7,  17,  29,  40,  and  42  h  of 
milling.  The  powders  were  characterized  for  structure 
and  morphology  by  SEM  and  XRD.  In  addition, 
powders  obtain^  after  17  and  40  h  of  milling  were 
analyzed  by  TEM.  For  the  TEM  analysis,  powders 
were  oltrasonically  dispersed  in  acetone,  and  a  small 
droplet  was  spread  on  a  holey  carbon  film.  The  fine 
size  (<1  fim)  of  the  powders  ensured  their  electron 
transparency. 

Consolidation  of  the  MA  binary  and  ternary  powders 
was  carried  out  by  hot  pressing  under  a  vacuum  of 
10~^  Torr  or  less  in  an  inductively  heated  graphite  die  at 
both  1450  *C  and  1600  *C  at  a  pressure  of  35  MPa  for 
1  h.  To  prevent  cracking  of  the  sample,  the  pressure  was 
released  prior  to  cooling.  Samples  for  microstructural 
characterization  were  diamond*saw  cut,  ground,  and 
polished  to  a  1  /tm  diamond  finish.  Thin  foil  TEM 
samples  were  prepared  from  the  bulk  samples  following 
standard  proc^ures  of  dimpling  and  argon  ion-milling 
at  4.5  kV.  Microstructural  analysis  of  the  consolidated 
samples  as  well  as  the  MA  powders  was  performed  using 
a  JEOL  JSM  6400  SEM  equipped  with  a  Tracor  North¬ 
ern  EDS  unit  >OTth  light  element  detection  capabilities 
and  JEOL  200CX  and  JEOL  4000FX  TEM’s,  the  latter 
equipped  with  a  Princeton  Gamma  Tech  EDS  unit  with 
a  li^t  element  detector. 

The  transformation  characteristics  of  the  MA 
powders  were  monitored  by  differential  thermal  anal¬ 
ysis  (DTA)  and  thermogravimetric  analysis  (TGA). 
DTA/TGA  was  performed  under  flowing  gettered  argon 
(1  cc/min,  oxygen  content  less  than  4  ppm)  on  a 
Netzsch  STA-409  system  with  heating/cooling  rates  of 
10  *C/min.  Errors  due  to  the  differing  specific  heats  of 
the  sample  and  the  reference  were  eliminated  by  using 
commercial  MoSi:  powder  that  had  been  previously 
calcined  under  getter^  atgon  at  500  *C  as  the  reference. 
For  more  detailed  investigations,  powders  were  heated 
at  10  *C/min  under  gettered  argon  above  each  DTA 
exotherm,  held  at  that  temperature  for  less  than  a  minute, 
and  rapidly  cooled  for  subsequent  analysis.  Structural 
analysis  of  the  powders  and  the  consolidated  samples 
was  carried  out  using  a  Philips  ADP  3720  diffractometer 
operated  at  40  kV  and  20  mA  with  Cu  radiation  and 
digital  data  acquisition  over  20  ranges  of  5*- 100*. 

IV.  RESULTS  AND  DISCUSSION 
^A.  Powder  microstructure 

The  development  of  the  powder  morphology  with 
increasing  milling  times  is  shown  in  Fig.  2.  After  0.5  h 
of  milling  [Fig.  2(c)],  large  particles  with  a  diameter  of 


5-6  ^m  are  predominant.  Refinement  of  the  powder 
continues  through  7  h  of  milling  [Fig.  2(d)],  beyond 
which  the  reduction  in  powder  size  is  gradual.  The 
powder  size  stabilizes  around  1  //.m  after  29  h  [Fig.  2(e)] 
and  remains  constant  thereafter  [Fig.  2(f)]. 

Structural  evolution  studies  of  the  powders  as  a 
fitnetion  of  milling  time  (Fig.  3)  indicated  the  formation 
of  traces  of  /S-MoSi:  (hexagonal  form)  after  short 
milling  times  [0.5  h,  see  Fig.  3(a)].  Further  milling  [7  h. 
Fig.  3(b)]  results  in  a  slight  increase  in  the  amount 
of  /3-MoSi2  along  with  the  gradual  appearance  of 
c:-MoSi2  (tetragonal  form).  Further  increases  in  the 
amount  of  a-MoSi2  continue  through  17  h  of  milling 
[Fig.  3(c)],  at  which  time  elemental  molybdenum  and 
silicon  are  still  present.  Milling  beyond  17  h  through 
29  h  [Fig.  3(d)]  results  in  the  almost  complete  disap¬ 
pearance  of  the  silicon  peaks,  along  with  a  considerable 
broadening  of  the  a-MoSi2  peaks;  this  is  presumably 
due  to  the  decrease  ia  the  crystallite  size  of  a-MoSi2 
rather  than  the  effect  of  lattice  strain  since  MoSi2  is 
brittle  at  the  milling  temperatures.  This  was  confirmed  by 
TEM  observations.  Beyond  29  h,  milling  has  little  effect 
on  the  structure  of  the  powders,  a  fact  which  was  also 
corroborated  by  the  SEM  observations,  which  showed 
particle  size  stabilization  after  29  h. 

Powders  were  characterized  for  their  microstruc¬ 
ture  by  TEM.  A  dark-field  TEM  micrograph  of  a  MA 
MoSi2  powder  particle  milled  for  40  h  is  shown  in 
Fig.  4(a).  Qose  examination  reveals  a  fine  distribution 
of  crystallites,  the  sizes  of  which  are  between  4  and 
7  nm.  In  addition,  the  surfaces  of  the  powder  parti¬ 
cles  appear  to  be  covered  with  a  layer  of  amorphous 
oxide,  the  projected  thickness  of  which  varies  from  5 
to  15  nm.  The  selected  area  diffraction  pattern  (SADP) 
[Fig.  4(b)]  from  this  powder  indexes  to  the  interplanar 
spacings  of  Mo  and  a-MoSi:-  X-ray  diffractograms 
[Figs.  5(a)  and  5(b)]  from  these  powders  not  only  con¬ 
firm  the  presence  of  the  predominant  phases  (Mo  and 
a-MoSi2)  determined  in  the  SADP’s,  but  also  reveal 
traces  of  the  metastable  /3-MoSi2,  which  reportedly 
occurs  only  above  1900  *C  under  equilibrium  conditions. 
The  formation  of  the  /3-MoSi2  at  lower  temperatures 
is  not  surprising  and  has  been  reported  during  the 
annealing  of  amorphous  Mo-Si  multilayers  prepared 
by  sputtering,^-^*  as  well  as  in  ion-implanted  MoSi2 
films.^  The  presence  of  Mo  and  MoSi:  in  the  as- 
milled  powders  suggests  that  silicon  is  dissolved  in  the 
MoSU  and  Mo  crystallites;  this  is  also  a  metastable 
effect  caused  by  mechanical  alloying,  since  the  terminal 
solubilities  of  Si  in  Mo  and  MoSi2  are  negligible  at 
room  temperature  although  both  Mo  and  MoSi2  are 
known  to  exist  over  a  certain  homogeneity  range  above 
~1500  The  possibility  of  amorphizalion  of  part 

of  the  silicon  was  considered,  but  was  eliminated  in 
view  of  the  experimental  evidence  against  it.-'’  The  fine 
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(C)  (d) 

FIG.  3.  Stnicturai  evolutioa  of  the  tenury  MA  MoSij  powder  u  «  function  of  milling  time.  XRD  patterns  of  the  powders  milled  for  the  indicated 
times:  (a)  0.S  h  (b)  7  h  (c)  17  h  and  (d)  29  h  (Mo  is  molybdenum.  Si  is  silicon,  T  is  tetragonal  a-MoSii,  and  H  is  hexagonal  0-MoSi]). 


scale  of  the  powder  microstructures  and  the  intermetallic 
compound  formation  during  mechanical  alloying  sug¬ 
gest  a  homogeneous  distribution  of  alloying  elements. 
EDS  analysis  of  the  powders  also  revealed  the  presence 
of  ince  amounts  of  iron  impurities  that  were  probably 
picked  iq>  from  the  hardened  steel  balls  used  for  milling. 

In  order  to  ascertain  the  effects  of  carbon  additions 
on  the  final  structure  of  the  MA  powders,  XRD  pat¬ 
terns  from  the  binary  [Fig.  S(a)]  and  ternary  samples 
(Fig.  S(b)]  after  40  h  of  milling  were  compared.  It  can 
be  seen  on  the  basis  of  the  relative  intensities  of  the 
molybdenum  and  a-MoSi}  peaks  that  the  formation  of 
a-MoSij  is  suppressed  by  the  carbon  additions. 

B.  Phase  evolution 

The  phase  evolution  of  the  binary  and  ternary  MA 
MoSij  powders  as  a  function  of  temperature  was  studied 


by  DTA.  A  typical  heating  trace  of  the  binary  MA  MoSij 
powder  is  shown  in  Fig.  6,  where  weak  exotherms  corre¬ 
sponding  to  580  *C,  780  *C,  and  1020  *C  are  apparent, 
llie  transformations  corresponding  to  these  exotherms 
were  studied  by  XRD  analysis  of  powders  heated  to 
temperatures  above  the  end  of  each  exotherm  under 
identical  heating  conditions  (10  *C/min  under  flowing 
argon),  and  the  results  are  shown  in  Fig.  7.  Comparison 
of  the  room  temperature  and  the  690  *C  XRD  patterns 
[Fig.  S(a)  and  Fig.  7(a),  respectively]  showed  that  the 
mild  580  *C  exotherm  is  associated  with  the  formation 
of  more  a-MoSiz,  as  is  evidenced  by  the  change  in 
the  relative  intensities  of  the  a-MoSiz  and  Mo  peaks. 
Likewise,  comparison  of  the  690  ‘C  and  950  *C  XRD 
patterns  shows  that  the  780  *C  exotherm  corresponds 
to  the  simultaneous  growth  of  a-MoSij  and  MosSij 
(tetragonal).  The  1020  *C  exotherm  appears  to  be  as- 
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(b) 

FIG.  4.  (a)  Dark-fieM  TEM  of  (he  unannealed,  as-mechanically- 
alloyed  powder  after  40  h  milling,  showing  the  distribution  of  fine 
crystallites  of  Mo,  a  -  and  ^-MoSi]  in  the  micron-sized  MA  pow¬ 
der.  Also  note  the  presence  of  an  amorphous  layer  surrounding  the 
powder  particle,  (b)  Selected  area  diffraction  pattern  from  the  above 
powder  particle. 

sociated  with  the  growth  of  a-MoSi2  at  the  expense 
of  j9-MoSi2  and  tetragonal  MosSij.  Further  heating  to 
higher  temperatures  [1300  *C,  Fig.  7(d)|  resulted  in  a 
decrease  in  the  amount  of  MosSi.i  due  to  its  transforma¬ 
tion  to  a-MoSi2,  although  minor  amounts  of  the  MosSiy 
were  still  apparent. 

Figure  8  shows  the  DTA  trace  of  the  ternary  MoSi2. 
Exothermic  reactions  with  peaks  al  540  *C,  875  *C,  and 
1030  *C  were  ohserved.  The  transformation  sequences 
of  these  powders  were  monitored  in  the  same  manner 
as  the  binary  MA  MoSi2  powders,  and  Ihc  results  of 
the  XUD  analysis  are  sliown  in  Fig.  9.  Comparison  of 
the  room  Icmperalurc  |Fig.  5(h)|  and  750  *C  patterns 


FIG.  5.  XRD  of  the  (•)  MA  biniry  stoichiometric  MoSij  and  (b)  MA 
ternary  MoSi2  (Si-28Mo-l4C)  after  40  h  of  milling.  Note  the 
relative  intensities  of  the  molybdenum  and  a-MoSi2  peaks  (Mo 
is  molybdenum.  Si  is  silicon,  T  is  tetragonal  o-MoSi2,  and  H  is 
hexagonal  ^-MoSi:). 

(Fig.  9(a)]  indicates  that  the  mild  540  *C  peak  corre¬ 
sponds  to  the  partial  transformation  of  molybdenum  to 
)3-MoSi2,  while  the  analysis  of  the  750  *C  and  935  *C 
patterns  [Figs.  9(a)  and  9(b),  respectively)  suggests  that 
the  875  *C  exotherm  corresponds  to  the  formation  of 
the  carbon-stabilized  C<|MosSi3  (Nowotny)  phase  at  the 
expense  of  molybdenum.  The  possibility  of  this  higher 
molybdenum  silicide  forming  as  an  oxidation  product 
rather  than  as  a  phase  transformation  product  was  also 
considered,  but  was  discounted  on  the  basis  of  the  TGA 
data  (discussed  in  detail  in  a  later  section),  which  did  not 
show  any  inllcclions  (due  lo  weight  loss  or  gains  that 
are  normally  a.ssocialcd  with  oxidation  reactions)  at  Ihc 
corresponding  exothermic  Icmperalurc  (875  *C,  Fig.  16). 
Furthermore,  Ihc  1030  *C  exotherm  corrcspoiuls  to  Ihc 
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FIG.  6.  DTA  of  binary  stoichiometric  MoSi]  under  flowing  Ar  at 
a  beating  rate  of  10  *C/min.  along  with  the  corresponding  phases 
observed  by  XRD. 


2e  (Oagraet) 


(a) 


2e  (0«gr*«i) 


transformation  of  the  Nowotny  phase  and  /S-MoSb  to 
the  more  stable  a-MoSij,  as  evidenced  by  a  comparison 
of  the  935  *C  and  1070  ‘C  XRD  patterns  [Figs.  9(b) 
and  9(c),  respectively].  Heating  to  higher  temperatures 
[1400  *C,  Fig.  9(d)]  results  in  a  decrease  in  the  amount 
of  the  Nowotny  phase  and  an  increase  in  a-MoSi2. 
The  DTA  cooling  curves  of  the  binary  and  the  ternary 
powders  were  flat  in  nature,  thereby  indicating  stable 
structures. 

The  low-temperature  formation  of  the  carbon- 
stabilized  Nowotny  phase  instead  of  the  thermo¬ 
dynamically  preferred  a-MoS^  phase  is  probably 
related  to  its  greater  ease  of  nucleation  and  growth.  The 
stability  of  the  ^-MoSi2  up  to  1030  *C  is  also  not 
surprising.  Hexagonal  /S-MoSh,  formed  by  isothermal 
annealing  of  sputtered  Mo-Si  multilayers,  has  been 
reported  to  be  stable  up  to  800  *C.  The  higher  tem- 


(b) 


(c)  (d) 

FIG.  7.  XRD  of  the  MA  binary  sloichiomctric  MoSi:  powders  heated  at  10  ‘C/niin  under  flowing  argon  to  the  icmperaiurcs  indicated: 
(a)  690  *C  (b)  950  ’C  (c)  1070  ’C  and  (d)  1400  ’C  (Mo  is  molybdenum.  Si  is  silicon  T  is  o-MoSij,  H  is  /?-MoSi:.  and  F  is  the 
tetragonal  MosSij  phase). 


I 

I 
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Tamperatur*  (*C) 


FIG.  8.  DTA  of  tenuiy  MoSij  under  flowing  argon  at  a  healing  rate  of 
10  *C/min,  along  with  the  corresponding  phases  identified  by  XRD. 
(“Nowotny”  refers  to  the  Nowotny  phase,  C<|Mo<]Si3.) 


perature  stability  of  the  /3  phase  in  this  study  is  probably 
related  to  the  presence  of  iron  and  oxygen  impurities 
rather  than  the  relatively  high  heating  rates  of  the  pow¬ 
ders;  this  is  consistent  with  the  experimental  evidence 
obtained  from  the  isothermal  annealing  of  the  MA 
binary  and  ternary  powders  (820  *C  for  a  period  of  1  h), 
which  demonstrated  the  stability  of  the  /3-MoSi2  phase. 

C.  Consolidated  microstnictures 

Figure  10  shows  the  microstructures  of  a  hot-pressed 
specimen  derived  from  the  MA  nominally  stoichiometric 
MoSii  powd.:rs.  Considerable  amounts  of  second-phase 
particles  with  volume  fractions  of  about  O.IS  are  present 
in  the  MoSi2  matrix.  TEM/EDS  analysis  of  these  sam¬ 
ples  (Fig.  11)  revealed  the  presence  of  submicron-sized 
grains  of  MoSb  and  second-phase  particles  which  were 
amorphous  and  silicon-rich,  indicating  the  presence  of 


(c)  (d) 

FIG.  9  XRD  of  the  MA  ternary  MoSij  powders  (.Si  28Mo-I4C)  healed  at  10  *C/min  under  (lowing  argon  i,i  the  lempcralures  indicated: 
(a)  750  'C.  (b)  935  'C,  (c)  1070  *C,  and  (d)  I4(X)  *C  (Mo  is  molybdenum.  Si  is  silicon,  T  is  o-MoSij,  H  is  /3-MoSi:,  and  N  is  the 
hexagonal  Nowotny  pha.se). 
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FIG.  10.  Scanning  Electron  Micrograph  (SEM)  showing  the  micro- 
structure  of  the  hot-pressed  binary  MA  MoSi}. 


a  glassy  silica  phase.  The  silica  was  present  at  the 
grain  boundaries  and  triple  points.  In  addition,  very  line 


riG.  II.  Bnglil-I'icld  rraiismission  Llcclron  Micrograph  (BFTEM) 
and  SADP  of  silica  parlicics  In  liol-prcsscd  binary  MA  MoSi;. 
S  denotes  a  typical  silica  particle 


(10  nm)  dispersoids  were  found  within  the  MoSi2  grains, 
along  with  occasional  grains  of  MosSia. 

Figure  12  shows  a  backscattcred  electron  image  of  a 
hot-pressed  specimen  derived  from  the  carbon-modified 
MA  MoSi2  powder.  Considerable  improvement  in  the 
overall  homogeneity  and  cleanliness  of  the  microstruc¬ 
ture  is  apparent  in  comparison  with  the  samples  derived 
from  the  binary  MA  MoSi2  powder.  Based  on  the  atomic 
number  (Z)  contrast,  it  is  apparent  that  the  material  has 
three  phases. 

Following  qualitative  analysis  by  EDS,  the  compo¬ 
sitions  of  each  of  these  phases,  as  well  as  the  overall 
matrix  composition,  were  determined  by  electron  mi¬ 
croprobe  analysis.  In  addition,  quantitative  estimation 
of  the  volume  fraction  of  these  phases  was  obtained 
using  standard  point  count  techniques.  These  results  are 
summarized  in  Table  II.  The  data  indicate  the  presence 
of  SiC  (low  Z  phase),  MoSi:  (intermediate  Z  phase),  and 
an  iron-containing  Nowotny  phase  C<i(Mo,Fe)<5Si3 
(high  Z  phase)  in  the  microstructure,  and  thus  seem 
to  support  the  isotherms  proposed  by  Nowotny  et  al. 
and  Brewer  and  Krikorian'®-*  [see  Fig.  1(a)]  rather  than 
that  of  van  Loo  et  al.^'  [see  Fig.  1(b)].  Furthermore, 
the  volume  fractions  of  these  phases  are  in  reasonable 
agreement  with  the  location  of  the  nominal  compositions 
in  the  MoSi2  +  SiC  +  C<iMo<sSi3  three-phase  field 
in  the  Nowotny  diagram.  As  mentioned  earlier,  the 
source  of  the  iron  is  believed  to  be  the  hardened  steel 
milling  media.  Interestingly,  no  iron  was  detected  in  the 
MoSi2,  despite  the  fact  that  it  has  a  limited  amount  of 
solubility  for  iron.^’  The  preferential  location  of  iron  in 
the  Nowotny  phase  is  probably  related  to  the  greater 
affinity  of  iron  toward  the  carbon-centered  octahedra  of 
this  phase.  Tlie  relatively  s'"  ill  size  differences  between 
the  atomic  radii  of  Mo  and  Fe,  together  with  the  low 


riG  12.  Backscallcicil  electron  im.ige  of  the  hot-pressed  ternary  MA 
MoSi,.  (Si-2HMo-  140 
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TABLE  II.  Microsiiwctanl  cteracteristics  of  the  consolidated  samples  derived  from  the  ternary  MA  MoSia  powders. 


Phaie 

Composition  (at.  %) 

Valume 
fraction  (%) 

Si 

Mo 

C 

Fe 

MoSi2 

6455 

35.45 

0.0 

0.0 

79.15 

SiC 

0.0 

48.29 

50.20 

0.0 

1153 

Nowotny 

54.91 

35.26 

5.22 

459 

9.028 

Oventl 

58.16 

31.7 

9.765 

057 

58Xn 

28.00 

14.00 

levels  of  the  iron  impurity,  make  iron  substitution  on  the 
molybdenum  sites  easy,  since  the  tesulting  lattice  strains 
would  be  small.  It  is  also  apparent  that  the  Nowotny 
phase  tends  to  adjoin  the  SiC  grains,  thereby  suggest¬ 
ing  that  its  origin  is  (nobably  due  to  local  deviations 
from  stoichiometry  resulting  from  either  Si02  or  SiC 
formation. 

TEM  analysis  of  the  carbon-modified  material  re¬ 
vealed  a  homogeneous  microstnicture  with  uniformly 
distributed  second  phases  such  as  those  marked  A  and 
B  in  Fig.  13(a).  The  average  grain  size  of  the  MoSij 
was  between  3  and  S  /tm,  whidi  is  much  larger  than 
that  of  the  material  without  carbon.  The  larger  grain 
size  is  a  temperature-related  effect  as  ternary  powder 
samples  consolidated  at  1450  *C  exhibited  submicron 
grain  sizes.  EDS  microanalysis,  with  an  ultrathin  poly¬ 
meric  window,  of  region  A  showed  the  presence  of 
silicon  and  carbon  alone,  indicating  that  these  regions 
correspond  to  the  dark  (low  Z)  regions,  such  as  those 
shown  in  Fig.  12.  SADP’s  were  obtained  along  the 
major  zone  axes  from  these  and  other  silicon-rich  regions 
[Fig.  13(b)]  and  were  consistently  indexed  to  the  cubic 
/3-SiC  structure  (with  a  ™  0.4359  run).  The  fi-SiC 
was  present  in  the  form  of  1  /tm-sized  particles  located 
predominantly  along  grain  boundaries  and  at  triple¬ 
point  regions.  Furthermore,  the  SiC  particles  were  easily 
distinguishable  based  on  the  internal  twinning  observed 
(Fig.  14).  Although  the  microstructural  origin  of  these 
SiC  particles  is  presently  not  well  understood,  it  is  prob¬ 
able  that  their  formation  would  involve  the  following 
reactions:  (A)  the  carbothermal  reduction  of  silica  to 
SiC,  and  (B)  the  cooperative  displacements  of  Si  and 
C  from  MoSb  and  CciMosSi)  to  form  SiC.  While 
the  reaction  mechanisms  for  (A)  have  been  discussed 
previously",  the  results  of  the  phase  evolution  studies  on 
the  ternary  powders  do  not  indicate  the  formation  of  SiC 
within  the  limits  of  detection  of  the  XRD.  However,  the 
fact  that  these  studies  were  conducted  on  loosely  packed 
powders,  at  atmospheric  pressures  under  flowing  argon, 
as  opposed  to  the  consolidation  conditions  that  involve 
densely  packed  powders  under  highly  reducing  atmo¬ 
spheres,  might  have  precluded  effective  conversion  of 
silica  to  SiC.  On  the  other  hand,  direct  reaction  between 


cooperatively  displaced  Si  and  C  is  also  feasible  above 
1435  *C,  based  on  the  DTA  dau  of  Singh.”  In  addition 
to  ;3-SiC,  grains  of  the  iron-containing  Nowotny  phase 
(region  B)  were  also  easily  distinguishable,  based  on 
^eir  lower  ion-milling  rates.  Most  importantly,  the  grain 
boundaries  also  appeared  to  be  free  of  silica  (Fig.  IS), 
although  a  small  amount  was  occasionally  observed 
within  the  grains.  Contrary  to  Maxwell’s  hypothesis  that 
molybdenum  carbides  would  be  present  in  the  matrix 
as  a  reduction  product  of  MoOs^  and  in  accordance 
with  the  1600  *C  isotherms  of  Nowotny,  none  of  the 
molybdenum  carbides  such  as  MoC  and  M02C  were 
detected. 


0.  Thermogravlmetrie  analysis 

The  results  of  the  thennogravimetric  analysis  (heat¬ 
ing  and  cooling  rates  of  10  K/min)  of  the  MA  bi¬ 
nary  (solid  line)  i  nd  ternary  powders  (dotted  lines) 
are  shown  in  Fig.  16.  The  top  and  bottom  curves  in 
each  set  represent  the  weight  changes  of  the  powders 
during  heating  and  cooling,  respectively.  While  both 
the  samples  experienced  weight  losses  above  1200  *C, 
those  exhibited  by  the  C-modified  ternary  MA  MoSiz 
powders  were  much  higher  than  those  of  the  binary 
MA  MoSiz  at  all  temperatures.  Examination  of  the 
XRD  patterns  of  the  binary  MA  MoSiz  at  temperatures 
above  1200  *C  [Fig.  7(d)]  revealed  minor  amounts  of 
tetragonal  MosSij,  indicating  a  silicon  depleted  powder. 
Vfith  the  knowledge  that  the  oxygen  content  of  micron¬ 
sized  MoSiz  powders  is  about  1.5  at.  %,^  it  is  quite 
possible  that  the  weight  losses  above  1200  *C  are  caused 
by  the  dissociation  of  SiOz  (under  very  low  partial 
pressures  of  oxygen)  to  the  volatile  SiO.  On  the  other 
hand,  the  higher  weight  losses  in  the  C-modified  MA 
MoSiz  powders  can  be  ascribed  to  the  presence  of 
carbon.  However,  the  mechanism  in  this  case  is  the 
reduction  of  SiOz  by  carbon  to  volatile  oxides  such  as 
CO,  COz,  and  SiO. 

The  above  data  arc  consistent  with  the  weight  losses 
experienced  during  the  actual  hot  consolidation  of  the 
ternary  MA  MoSiz  samples.  Vacuum  hot  pressing  of 
the  C-modilied  samples  at  temperatures  of  1550  'C  and 
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FIG.  13.  (a)  BFTEM  of  ihc  ternary  MA  MoSi2.  (b)  SADP  of  /3-SiC 
along  B  “  [01 1]  (region  A),  (c)  SADP  of  the  Nowotny  phase  along 
B  “  [lOTO]  (region  B). 


below  resulted  in  weight  losses  ne;ir  —4%,  while  higher 
consolidation  lemperaiiires  (1700  “(')  resulted  in  a  near 
doubling  of  the  weight  loss  (—8'"  ).  However,  it  should 


Temperaijre  (“C) 

FIG.  I(>.  TGA  of  the  binary  sioichionK'Inc  MA  MoSi;  ( — )  and 
ternary  MA  MoSi;  (Si-^SNto  Ut  )  (■  -  )  iiiulet  llowing  argon  al 
a  heating  and  cooling  rale  of  III  ’('  iiiin  I'lu-  lop  ciir\c  in  each  set 
represents  heating  while  Ihc  hoiioni  curve  teprevenls  cooling 
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be  recognized  that  the  weight  losses  at  temperatures 
above  1700  *C  are  caused  by  the  volatilization  of  silicon 
from  MoSii  due  to  the  relatively  high  vapor  pressures 
of  silicon  over  MoSi2,‘'^  rather  than  by  the  carbothermal 
reduction  of  the  SiC^-  This  implies  that  while  relatively 
minor  weight  losses  (up  to  S%)  due  to  carbothermal 
reduction  of  silica  are  unavoidable,  careful  control  of 
the  consolidation  temperature  and  vacuum  levels  can  be 
used  to  prevent  substantial  weight  losses  (~40%),  such 
as  those  reported  in  previous  studies' 

E.  Significance  of  the  In  situ  reactions 

The  ability  to  form  silica-free  MoSb  and  MoSi2- 
based  composites  containing  micron-sized  SiC  reinforce¬ 
ments  opens  up  some  exciting  possibilities.  Uniformly 
dispersed  SiC  in  a  modified  MoSb  matrix  should  lead 
to  considerable  elevated  temperature  strengthening  in 
addition  to  improved  fracture  properties,  due  to  the 
enhanced  resistance  to  grain  boundary  sliding  brought 
about  by  the  SiC  particles  dispersed  along  silica-free 
grain  boundaries.  It  is  also  conceivable  that  the  synthesis 
of  MoSi2/WSi2  alloys  with  carbon  additions  by  means  of 
mechanical  alloying  would  result  in  improved  strength¬ 
ening  due  to  the  synergistic  effects  of  solid  solution  and 
dispersion  strengthening  with  in  situ  formed  SiC  or  WC. 

Utilization  of  this  strategy  holds  promise  in  re¬ 
fractory  metal  (Nb,  Mo,  W)  toughening  also.  In  these 
systems,  the  major  problems  encountered  are  the  degra¬ 
dation  of  the  diffusion  barrier  coatings  due  to  reactions 
with  silica,  and  the  severe  residual  stresses  caused  by 
the  mismatch  in  the  coefficients  of  thermal  expansion 
(CTE)  between  the  matrix  and  the  reinforcement  phases. 
Through  the  use  of  the  ternary  MA  MoSi2  powders,  it 
should  be  possible  to  form  the  desired  volume  fraction 
of  SiC  reinforcements  in  situ  so  as  to  tailor  the  effective 
CTE  of  the  matrix  to  match  that  of  the  reinforcement. 
For  example,  the  CTE  of  a  refractory  metal  such  as 
molybdenum  or  tungsten  is  intermediate  between  that 
of  MoSi2  and  SiC.  As  has  been  shown  by  Maloney 
and  Hecht,”  controlled  additions  of  micron-sized  SiC 
lower  the  effective  CTE  of  the  MoSi2-SiC  composite  in 
accordance  with  the  rule  of  mixtures  and  enable  the  use 
of  refractory  metals  that  have  better  strength  retention 
at  elevated  temperatures  (such  as  Mo  and  W),  but  are 
otherwise  limit^  in  their  use  due  to  their  low  CTE’s. 
Such  an  in  situ  modified  matrix  would  also  have  the 
added  advantage  of  being  free  of  silica  and  silicon, 
compared  to  composites  processed  using  commercial 
powders;  this  should  prevent  the  coating  degradation  and 
enhance  the  useful  life  of  these  composites. 

V.  SUMMARY  AND  CONCLUSIONS 

A  processing  .strategy  utilizing  carbothermal  reduc¬ 
tion  reactions,  mechanical  alloying,  and  carbon  additions 


has  been  developed  for  the  synthesis  of  silica-free  MoSi2 
and  MoSi2/SiC  composites.  Using  this  approach,  MoSi2 
and  MoSi2/SiC  composites  have  been  fabricated  starting 
from  pure  elemental  molybdenum  and  silicon  powders 
with  and  without  carbon  additions.  The  structural  and 
morphological  evolution  of  the  powders  has  been  studied 
as  a  function  of  milling  time.  It  has  been  shown  that 
complete  attrition  is  achieved  after  29  h  of  alloying. 
The  resultant  powders  are  micron-sized  and  contain  4  to 
7  nm  crystallites  of  molybdenum,  a-MoSi2,  and  traces 
of  i3-MoSi2.  The  addition  of  carbon  to  the  starting 
elemental  powder  mixture  suppresses  the  formation  of 
a-MoSi2  in  the  fully  milled  powders.  Minor  amounts 
of  iron  impurities  were  also  found  in  the  powders  due  to 
the  contamination  from  the  milling  media. 

The  phase  evolution  studies  of  the  binary  and  ternary 
MoSi2  powders  indicated  that  /3-MoSi2  is  stable  to 
1020  *C  at  heating  rates  of  10  *C/min,  in  contrast  to  pre¬ 
vious  studies  on  the  isot];^ennal  annealing  of  Mo-Si  mul¬ 
tilayers  which  demonstrated  stabilities  to  only  800  *C. 
While  minor  amounts  of  tetragonal  MojSU  were  evolved 
as  an  intermediate  transformation  product  in  the  bi¬ 
nary  MA  MoSb  powders,  the  evolution  of  the  ternary 
MoSi2  powders  showed  the  formation  kinetics  of  the 
Nowotny  phase  CoMosSij  to  dominate  that  of  tetrago¬ 
nal  a-MoSi2  at  lower  temperatures.  However,  tempera¬ 
tures  above  1000  *C  resulted  in  the  progressive  decrease 
in  the  amount  of  these  higher  molybdenum  phases. 

Complete  consolidation  of  the  MA  powders  was 
achieved  at  1450  *C.  Amorphous  silica  that  is  found  in 
all  conventional  powder-processed  matrices  was  essen¬ 
tially  eliminated  through  in  situ  carbothermal  reactions 
brought  about  by  the  additions  of  carbon  through  me¬ 
chanical  alloying.  It  is  shown  that  composites  consisting 
of  uniformly  distributed  micron-sized  SiC  particles  with 
varying  volume  fractions  can  be  formed  using  this  ap¬ 
proach.  Significant  grain  size  differences  exist  between 
the  micTOStructures  processed  from  the  binary  powders 
and  those  of  the  ternary  powders,  probably  due  to  the 
higher  consolidation  temperatures  used  in  the  latter. 
The  formation  of  the  iron  and  molybdenum  contain¬ 
ing  Nowotny  phase  of  the  approximate  composition 
C<ojMo<4.4Feo.4Sij  is  also  reported.  The  co-existence  of 
the  Nowotny  phase  with  MoSi2  and  SiC  is  in  agreement 
with  the  isotherm  proposed  by  Nowotny  et  al,  rather 
than  that  proposed  by  van  Loo  and  co-workers. 

The  possibilities  of  utilizing  MA  powders  to  over¬ 
come  the  CTE  mismatch  and  coating  degradation  prob¬ 
lems  in  ductile  phase  composites  are  discussed.  The 
use  of  these  compositionally  tailored  powders  would 
alter  the  matrix  CTE  so  as  to  match  that  of  the  ductile 
reinforcements,  thus  minimizing  the  problems  of  matrix 
cracking.  The  absence  of  silica  should  also  improve 
the  .stability  of  the  diffusion  barrier  coatings  of  these 
composites. 
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Abstnict 


'l  lic  utiliztition  of  in-situ  displacement  reactions  is  teing  investigated  as  a  means  of  pnxliicing 
in-sitii  dispersoids  and  tailored  interfaces  in  intennetallic  matrix  comix)siics.  'Hie  systems  under 
investigation  include  MoSh  and  NiAl  matrices  containing  ceramic  (c.g.,  SiC  and  AI2O3)  and/or 
refracto^  metal  (e.g..  Mo  and  W)  reinforcements,  ftocessing  schemes  include  conventional 
compositing  routes,  mechanical  alloying  and  diffusion  couples  for  nrore  fundamental  studies. 

Tlic  elimination  of  silica  and  the  production  of  SiC  dispersoids  in  MoSi2  by  mechanical  alloying 
Mo,  Si  and  C  powders  prior  to  consolidation  will  be  described.  In  addition,  it  will  be  shown  tliat 
it  is  possible  to  form  refractory  metal  carbides  at  the  interfaces  between  NiAl  and  molybdenum 
and  tungsten  by  alloying  the  NiAl  with  small  additions  of  carbon. 
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Introduction 


'llic  progress  in  understanding  tlie  close  relationships  between  properties  arid  processing  of 
materials  over  the  past  few  decades  has  led  to  considerable  advances  in  processing  of  materials 
from  enlightened  ein(riricism  to  more  scientific  based  process  design.  Pcrh.'ips  some  of  the  most 
significant  advances  towards  the  tailoring  of  properties  via  processing  has  occurred  in  the  field  of 
composite  materials.  'Hie  ability  to  define,  a  priori,  the  initial  phases  anti  constituents  jircscnt  in 
composites  is  unit|uc  to  these  materials,  lliis  selection  will,  in  principle,  define  a  set  of 
proi)erties  derived  from  those  of  the  initial  phases  and  constituents;  this  has  lx.'en  the  basic 
concept  Ijehind  the  intrtKiuction  of  comixjsilcs.  'Flie  final  micro  anti  macrostructures,  however, 
are  governed  by  the  stime  principles  controlling  the  processing  of  other  clas.ses  of  materials  and 
become  especially  important  when  high  tem{x;rature  processing  or  tipplication  is  considcretl. 

I'he  objective  of  this  paper  is  to  present  a  systematic  analysis  of  the  factors  relevant  to  the 
pr(x:e,ssing  of  intcrmciallic  matrix  com|X)sitcs,  comptu'ing  them,  where  applicable,  to  the 
e.xpcrience  and  knowledge  available  with  more  conventional,  non-composite  materials.  Of 
particuliu-  interest  is  the  application  of  these  aspects  to  the  sub.set  of  processing  operations  leading 
to  in-sitii  di.splacement  reactions.  Two  examples  which  utilize  these  concejits  will  then  lie  given. 

Hie  Case  for  Intennetallic  Matrix  Comfiosites 

Intermetallic  materials  have  promising  properties  for  high  tem|ieraturc  structural  applications. 
The  environmental  resistances  of  the  aluminides  and  silicides,  their  high  melting  points  anti  low 
densities  when  comptu'ed  to  metals  make  these  materials  potential  candidates  for  next  generation 
high  temperature  stnictunil  materials.  Significant  obstacles  to  their  application  include  their  low 
ambient  temperature  toughnesses  and  poor  high  temperature  strengths. 

Different  approaches  for  improving  the  room  temperature  toughness  and  high  temperature 
strength  of  intcnncfallic  materials  have  been  attempted.  Alloying  (both  macro  and  micro)  (1)  and 
compositing  are  probably  the  most  frecpiently  considered  approaches.  A  truly  successful 
approach  should  be  able  to  influence  the  defonnation  mechanisms  operating  both  below  and 
above  the  ductile  to  brittle  transition  temperature.  The  understanding  of  these  tnechanisms  is 
somewhat  limited  at  present  (2)  as  is  the  understanding  of  the  effects  of  other  elements  (e.g.. 
impurities)  which  might  be  present.  To  a  certain  extent,  even  the  phenomenological  description 
of  the  mechanical  behavior  of  some  of  the  promising  silicides  (and  the  aluminides  to  a  lesser 
extent)  and  the  effect  of  third  elements  on  this  behavior  is  not  well  established  (3,4). 

The  simplest  view  of  a  composite  system  is  based  only  on  the  mechanical  bcliavior  of  the 
matrix  and  the  reinforcement  phases.  This  has  been  the  initial  driving  force  for  the  large  number 
of  attempts  to  develop  metal  matrix  composites  (MMCs)  and  intctmctaHic  matrix  composites 
(IMCs).  Although  the  "rule-of-mixtures"  approach  suggests  that  the  overall  composite  behavior 
should  be  related  to  the  properties  of  the  individual  phases  present,  such  behavior  is  frequently 
not  observed.  For  instance,  the  importance  of  coefficient  of  thennal  expansion  (CTl'E)  mismatch, 
long  established  in  other  areas  of  materials  processing  (e.g.,  5),  is  dramatically  atnplified  when 
comparatively  larger  volume  fractions  of  the  phases  arc  pre.sent  as  in  composites.  On  the  other 
hand,  the  paramount  importance  of  interface  mechanical  behavior  (6,7)  in  defining  overall 
composite  properties  finds  little  parallel  in  the  previous  experience  of  processing  other  classes  of 
materials.  Also,  Utermodynamic  compatibility  and  stability  of  the  phases  cannot  be  overlooked, 
especially  when  high  temperature  processing  and  application  are  considered.  Therefore,  although 
the  first  justification  for  the  use  of  compositing  as  a  technique  for  improving  the  mechanical 
behavior  of  intennetallic  materials  might  have  been  the  fact  that  only  relatively  .straightforward 
phenomenological  infomiation  was  required,  experience  (i.e.,  the  large  numljcrof  unsuccessful 
attempts)  has  shown  that,  in  order  to  fully  utilize  the  possibilities  afforded  by  this  approach,  other 
types  of  fundamental  information  (often  not  readily  available)  is  required. 
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Matrix/Reinforcemcnt  Considerations  in  the  lV(K:cssiiiL»  of  IMC'.s 

Hie  requisite  infonnaiion  for  designing  a  successful  IMC  is  encompassed  in  the  following: 

•  Mechanical  behavior  of  matrix  and  proposed  reinforcements. 

•  Thermodynamic  compatibility  between  matrix  and  reinforcement. 

•  Matrix-reinforcement  interface  properties. 

•  Thenoophysical  and  mechanical  compatibility  of  pliascs  present. 

All  the  properties  in  these  groups  arc  processing  sensitive  and  to  a  large  extent  will  play  a  role 
in  defining  viable  processing  schemes.  On  the  other  hand,  processing  may  Ije  designed  to 
deliberately  affect  some  of  these  pro|Tertics.  Evidently,  the  proixirties  are  interrelated  and  cannot, 
in  most  cases,  be  adjusted  individually.  In  the  next  sections,  these  aspects  are  discussed  in 
greater  detail. 

Mechanical  Behavior  of  Matrix  and  Reinforcements 

'llic  silicides  and  aluminidcs  of  interest  for  the  applications  in  question  arc,  by  necessity,  high 
melting  compounds.  In  many  cases,  these  high  inciting  temperatures  preclude  the  viability  of 
melting  and  casting  to  produce  IMCs  due  to  the  effects  of  these  high  temperatures  on  ilie 
degradation  of  the  reinforcing  materials,  especially  in  the  case  of  ductile  phase  reinforcements 
(refractory  metals),  and  to  the  lack  of  adetiuate  cnicibic  materials. 

In  addition,  the  effects  of  third  elements  (impurities)  on  the  mechanical  properties  of  the 
inteimetallics  are  largely  unknown.  li  is  known  that  very  small  amounts  of  elements  such  as  3= 

carbon  and  oxygen  can  have  significant  effects  on  the  properties  of  metallic  materials  both  as 
solutes  and  due  to  the  formation  of  second  phases.  Although  this  in  itself  is  an  extensive  field  of 
research  in  conventional  metals  and  alloys  it  seems  that  its  importance  in  the  field  of  intcmietallic 
materials  may  have  Ixren  largely  overlooked  until  recently.  In  fact,  some  stages  of  metals 
processing  are  now  completely  dedicated  to  residual  element  control,  and  astounding 
improvements  in  both  properties  and  reproducibility  have  been  made  recently. 

niennodvnamic  Compatibility  between  Matrix  and  Reinforcement 

Hie  ability  to  combine  essentially  any  set  of  initial  phases  or  constituents  in  a  material  is 
unique  to  composites.  Multiphase  metal  or  ceramic  systems  are  evidently  limited  to  tlie  stable  and 
mctastablc  phases  present  in  the  selected  system.  If  the  initial  phases  or  constituents  are  not  in 
equilibrium,  however,  kinetic  considerations  will  dictate  the  time  stability  of  the  system.  Well 
known  examples  include  dispersion  strengthened  alloys  and,  in  particular,  precipitation 
strengthened  alloys  which  rely  on  the  control  of  mismatch  strains  and  interfacial  energies  to 
maintain  metastable  phase  distributions  over  long  time  periods. 

The  XD  process  developed  by  Martin-Marietta  (8)  uses  precipitation  reactions  to  generate  the 
reinforcements;  in  this  respect,  the  phase  relations  are  closer  to  those  observed  in  a  multiphase 
metal  or  ceramic  system.  A  large  number  of  the  IMC  systems  studied  thus  far,  however,  are 
comprised  of  themiodynamically  incompatible  constituents  (due  to  their  potentially  desirable 
mechanical  properties);  in  these  systems  the  matrix-reinforcement  reactions  are  contaillcd  via 
intennediate  "barrier"  layers.  Alternatively,  intermediate  "compliant"  layers  may  have  to  be 
introduced  in  otherwise  stable  systems  in  order  to  tailor  interface  properties  and  to  avoid 
degradation  due  to  CITi  mismatch  effects,  sec  item  3.3  below.  The  way  the.se  interface  layers  are 
produced  may  vary  considerably,  however. 

In  most  studies,  the  reinforcements  are  coated  prior  to  incorporation  into  the  matrix  material 
(9,10,1 1).  The  coating  methods  investigated  include  sol-gel,  sputter  dcjTOsition  and  physical  and 
chemical  vapor  deposition  (PVD  and  CVD).  Unfortunately  these  methods  tend  to  be  expensive, 
lime  consuming  and  .somewhat  unrcliabicduc  to  non-unifonnity  (cr.-icks  and  disconiinuiiies)  that 
arc  cither  present  after  the  coating  process  or  develop  during  drying  (sol-gel),  hamiling  01 
con.solidalion. 
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A  slightly  difTerent  t^pfRon^  is  to  ine  di^lacement  reactions  where  the  interfacial  layer  is 
formed  or  modified  in-situ  duri^  the  fwther  processing  (consolidation  or  heat  treatment)  of  the 
composite.  Likewise,  it  is  possible  to  produce  desirable  dispersoid  phases  and  even  eliminate 
undesirable  phases  as  part  of  this  approach. 

In  a  generic  sense,  in-situ  reaction  schemes  can  be  described  by: 

A(|wcsciU  in  inatrix)+110’n*cnl  in  tcinrorccmcnt  or  inalrix)=AB(inicrfacial  layer,  dis|)cr<:oi(l  or  cvoivcti  gas  pluisc) 

where  the  elements  A  and  B  may  be  present  in  the  matrix  or  the  reinforcement  either  as  solutes  or 
in  phases  expected  to  be  decomposed  during  the  in-situ  reaction.  Figure  1  illustrates  some  of  the 
io|X>logically  possible  variations  of  these  in-situ  reaction  schemes. 

'Hie  similarities  to  techniques  successfully  employed  in  the  processing  of  other  materials  are 
not  only  striking  but  inspiring.  Some  relevant  examples  include  the  nitriding  of  high  aluminum 
steels  to  precipitate  a  dispersion  of  AIN,  vacuum  carbon  deoxidation  of  nickel-  or  iron-ba.sed 
alloys  (although  that  is  nonmlly  conducted  in  the  liquid  state)  and  the  coating  of  alumina 
inclusions  with  sulfides  in  bearing  steels  (discussed  further  in  section  3.4  below). 

For  the  citse  of  a  silicide  (M(  Si)  reinforced  by  a  metal  Mn_  it  is  evident  that  some  knowledge 
of  the  thermodynamic  behavior  of  several  systems  such  as  Mi  -Mu,  A-M-Si,  B-M-Si  and. 
eventually,  quaternaries  such  as  A-B-M-Si  is  necessary  to  .screen  the  possible  reaction  schemes. 

Tlie  availability  of  thennodynamic  data  on  some  of  the  systems  envisaged  for  application  in 
IMCs  is  limited.  Besides  the  u.sual  techniques  for  acquisition  of  theniKxiynamic  data,  some 
semi-quantitative  techniques  can  be  used  to  derive  useful  phase  relations  in  these  systems  (12). 

In  addition,  diffusion  couples  may  be  used  to  derive  empirical  phase  relations  (e.g.,  13).  One 
must  be  aware  that  kinetics  play  an  important  role  in  defining  the  phases  present  in  a  diffusion 
couple,  i.c.,  the  phases  present  at  a  certain  position  in  a  diffusion  couple  may  represent  a 
mctastable  equilibrium.  More  importantly,  the  preference  for  a  given  diffusion  path  on  a  ternary 
diagram  does  not  constitute  proof  of  the  non-equilibrium  of  other  possible  diffusion  paths  (e.g., 

14).  Traditional  techniques  such  as  arc  melting  and  heat  treatment  arc  also  useful.  Estimation  of 
bounds  for  themiodynamic  functions  based  on  known  pha.se  relationships  can  also  be  employed 
( 1 2, 1 5,  Id).  Lastly,  assessment  of  thennodynamic  data  and  application  of  solution  ntpdcls 
(sometimes  of  relatively  high  complexity)  may  also  be  used  to  predict  phase  relations  in  the 
complex  systems  in  question. 

Matrix-Reinforcement  Interface  Properties. 

One  of  the  most  extraordinary  characteristics  of  composites  is  the  importance  of  the  interfacial 
properties  on  the  overall  mechanical  behavior.  'Hie  ability  to  tailor  composite  toughness  and 
strength  via  interface  control  is  a  powerful  tool  only  recently  adequately  appreciated  (7).  llte 
aptitude  to  conciliate  in  an  interface  the  thermochemical  requirements  discussed  in  the  previous 
section  with  the  desired  mechanical  characteristics  is  not  always  simple.  Tlte  adequate 
characterization  of  interface  behavior  is  still  in  its  infancy  at  least  for  IMCs,  and  most 
discussions  are  still  done  in  a  qualitative  way.  The  general  concepts  associated  with  increased 
toughness  caused  by  partial  debonding  are  well  established  but  a  priori  specification  of  the 
desired  properties  for  an  interfacial  phase  is  still  not  feasible. 

ThemTOPhvsicaJ  and  Mechanical  Compatibility  of  Phases  Present. 

Tlic  possibility  of  tessellated  stresses  in  composites  of  materials  having  different  CTE's  is 
well  established.  'Fhe  effect  of  interfacial  phases  can  be  of  enhancing  or  reducing  these  stresses. 

On  the  other  hand,  these  stresses  play  an  important  role  on  the  overall  mechanical  behavior  of  the 
interface  and  of  the  composite  (7).  Tltc  introduction  of  second  phases  to  modify  the  resulting 
tessellated  stresses  has  been  shown  to  be  an  effective  tcchniiiuc  in  .some  instances  (e.g.,  17). 

From  the  processing  view|X)int,  the  usual  approach  in  IMC  fabrication  has  been  the  mechanical  ? 

dispersion  of  a  second  phase  into  the  matrix  material  by,  for  example,  mixing  powders. 

Obtaining  a  unifonn  dispersion  is  a  key  factor  in  acheiving  a  regular  stress  distribution.  Typical 

ceramic  processing  techniques  of  co-dis|icrsion  of  the  matrix  aiul  second  phases  followed  by  ^ 
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drying  or  wicking  have  been  applied  with  different  degrees  of  success.  Defining  the  proper 
medium,  surfactants  and  adequate  conditions  are  the  main  difficulties  reported  by  many 
investigators.  In  situ  displacement  reactions  are  a  vKible  alternative  for  the  production  of  second 
phases  with  unifonu  distribution.  Precipitation  of  coating  phases  to  reduce  or  even  eliminate 
tessellated  stresses  is  a  well-established  processing  route  in  metals  processing.  When  alumina 
inclusions  arc  cotitcd  by  sulfides  in  bearing  steels,  not  only  can  tcs.scllatcd  stresses  be  controlied 
but  also  more  adequate  inclusion  morphologies  can  be  achieved,  thereby  minimizing  stress 
concentrations  (18).  .Since  most  sulfide  precipitation  occurs  at  temperatures  lielow  the  steel 
liquidus,  the  pivKXSs  is  similar  to  the  in-sSitu  displacement  reactions  pro|X)sed  presently. 

fixamtilcs  of  Process  Design  for  Composites 

In  the  following,  we  will  prc.sent  two  examples  of  the  use  of  in-siiu  reactions  in  the 
development  of  IMCs.  'Hie  first  example  involves  the  reaction  of  carbon  with  molybdenum  and 
silicon  powders  to  lx>th  eliminate  the  anKirphou.s,  and  probably  detrimental,  silica  phase  and  to 
fomi  SiC  as  a  displacement  reaction  product,  llic  .second  example  concerns  the  fonnation  of 
intcrfacial  carbides  in  refractory-metal  reinforced  NiAI.  'Hie  latter  approach  involves  making 
small  additions  of  carlx>n  to  the  NiAI  matrix  and  allowing  it  to  react  with  the  refractory'  metal  of 
interest. 

Application  of  in-sim  displacement  reactions  to  the  processing  of  MoSb 

Background  A  numlicr  of  approaches  for  the  processing  of  MoSi2  are  unsuitable  due  to  its 
high  nielting  temperature  and  owing  to  the  fact  that  it  is  a  line  compound.  In  addition,  the 
relatively  high  dissociation  pressures  of  MoSi2  at  elevated  temperatures  could  lead  to 
silicon  volatization  (19,20),  resulting  in  the  uncontrolled  fonnation  of  second  phases. 
Con.scquently,  powder  processing  appears  to  be  the  preferred  route  to  the  ftibrication  of 
this  material  due  to  the  intrinsically  lower  processing  temperatures  that  it  affords. 

However,  this  processing  route  results  in  the  incorporation  of  substantial  amounts  of  silica 
(Si02  originally  present  as  a  surface  oxide  on  the  powder  surfaces)  (21,22)  into  the 
consolidated  samples.  The  silica  phase  .softens  at  temperatures  above  12()0°C  and  may  be 
responsible  for  the  poor  elevated  temperature  properties  of  MoSi2.  Silica  particles  in  the 
matrix  may  also  affect  the  ambient  fracture  toughness,  serving  as  weak  links  where  cracks 
nucleate  easily.  Finally,  silica  formation  in  an  initially  stoichiometric  tnairix  also  makes  it 
molybdenum  rich,  leading  to  MosSiB  formation. 

It  therefore  becomes  clear  that  improvements  in  the  properties  of  MoSi2  and  MoSi2 
based  composites  for  structural  applications  are  possible  only  with  the  elimination  of  silica 
(and  oxygen)  in  the  matrix  along  with  clo.se  control  of  the  overall  stoichiometr}'.  Tlie 
present  study  utilizes  an  in-situ  carbothemial  reduction  reaction  for  the  elimination  of  the 
silica  and  its  conversion  to  silicon  carbide.  Carbon,  the  essential  ingredient  in  this  in-sim 
reaction,  was  incorporated  into  a  mixture  of  elemental  molybdenum  and  silicon  powders 
by  mechanical  alloying.  This  mixture  had  a  stoichiometric  ratio  corresponding  to  MoSi2. 
Mechanical  alloying  was  selected  due  to  its  ability  to  produce  a  homogeneous  dispersion  of 
carbon  in  the  matrix;  this  facilitates  the  in-situ  carbothermal  reduction  reactions  during  the 
subsequent  hot-consolidation  of  the  mechanically  alloyed  powders.  A  detailed  description 
of  the  processing  parameters  and  the  transformation  sequences  that  occur  during  the 
attrition  and  consolidation  processes  is  presented  elsewhere  (22). 

In-siiu  Reactions  Tlie  importance  of  gas  phase  reactions  in  the  Si-C-0  system  is  well 
established,  ’fhe  kinetics  of  the  reduction  of  solid  silica  in  refractories  as  well  as  the 
production  of  SiC  by  the  carbothemial  reduction  of  silica  indicate  that  the  gaseous  species 
CO  and  SiO  play  a  critical  role  in  these  proccs.ses.  Simplified  calculations  in  the  Mo-Si-0 
system  indicate  that  in  the  presence  of  either  one  of  the  .silicidcs  in  question,  all  the 
molybdenum  oxides  become  unstable  at  much  higher  oxygen  potentials  than  silica  and 
SiO.  Whether  SiO  or  silica  is  the  stable  oxide  at  a  given  temperature  depends  on  the  total 
system  pressure,  llicsc  calculations  justify  the  use  of  the  Si-C-0  system  for  preliminary 
analyses  of  the  processes  occuring. 
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*1110  reduction  of  Si02  to  StC  by  carbon  occurs  through  a  nuiltistcp  reaction  tliat 
involves  the  initial  reduction  of  SiOz  to  Si  or  SiO,  followed  by  the  reaction  to  fonn  SiC 
(23.24).  Tlie  reaction  .sequence  can  be  depicted  as  follows; 


Si02  SiO  +  O  (i) 

C  +  0  CO  (ii) 

SiO  +  CO  — >  Si  +  CO2  (iii) 

followed  by  the  reaction  of  silicon  nwnoxidc  or  silicon  to  form  silicon  carbide,  i.e., 

SiOf  2C  ->  SiC  +  CO  (iv) 

Si  +  C  — >  Sic  (v) 


'Hie  overall  reaction  is  thus: 


Si02  +  2C  -4  Si  (in  silicidc)  +  2CO  (vi) 

SiOi  +  3C  SiC  +  2  CO  (vii) 


it  is  intere.sting  to  note  that  tlie  reduction  of  silica  (reaction  (vi))  is  .sensitive  to  total 
pressure.  As  in  any  carbon  reduction  process,  the  effect  of  the  |x>sitive  standard  entropy 
of  reaction  is  to  make  carbon  monoxide  the  most  stable  pha.se  :is  the  tempcniture  is 
increased.  This  is  reflected  in  tlie  standard  free  energy  change  of  reaction  (vii). 

Reaction  (vii)  is  thermodynamically  viable  above  17(X)K  under  atmospheric  pressures. 

Changes  in  the  total  pressure  of  the  system  would  shift  the  equilibrium  towards  either  SiC 
fonnation  or  SiOi  retention.  Ishizaki  (24)  has  shown  that  a  lowering  of  the  oxygen  partial 
pressures  and/or  a  reducing  environment  (conditions  that  typically  exist  during  vacuum  hot 
pressing  using  graphite  dies)  favor  SiC  formation  at  lower  temperatures.  Reaction  (vii) 
also  shows  that  two  out  of  every  three  reacting  carbon  atoms  tu’e  converted  to  CO. 

Therefore,  the  consolidation  .sequences  during  powder  processing  should  lie  chosen  so  as 
to  allow  the  prodiict  gases  of  the  deoxidation  reaction  to  escajic  in  order  to  achieve  full 
densification  without  any  residual  gas  porosity. 

Results  Tlie  effectiveness  of  the  in-situ  reactions  in  modifying  the  microstructure  is 
demonstrated  by  comparing  the  microstructures  of  MoSi2  matrices  processed  with  and 
without  carbon  additions.  As  shown  in  Figure  2,  the  microstructures  of  hot  pressed 
specimens  derived  from  the  (nominally  stoichiometric)  MA  binary  MoSi2  powders  without 
carbon  additions  (i.e.,  witliout  in-situ  displacement  reactions)  consists  of  submicron  grains 
of  MoSi2  and  second  phase  particles  with  volume  fractions  in  the  range  of  0.15-0.20. 

TEM/EDS  analysis  of  these  second  phase  particles  revealed  them  to  be  amorphous  and 
silicon-rich,  indicating  the  presence  of  a  glassy  silica  pha.se.  Tliis  glassy  phase  was 
present  at  the  grain  boundaries  and  triple  points.  In  addition,  unidentified  fine  (10  nm) 
dispersoids  were  found  within  the  MoSi2  grains  along  with  occasional  grains  of  Mo5Si3. 

Tlie  microstructure  of  the  carbon-modified  samples  is  shown  in  Figure  3a.  A 
significant  improvement  in  homogeneity  and  cleanliness  (absence  of  silica)  is  apparent  in 
compari.son  to  the  samples  derived  from  the  binary  MA  MoSi2  powder  without  carbon. 

TEM  analysis  of  this  carbon-modified  material  revealed  a  homogeneous  microsinicturc 
with  uniformly  disuibuted  second  phases  such  as  those  marked  A  in  Figure  3a.  The 
average  grain  size  (3-5  |.im)  of  the  carbon-modified  MoSi2  was  mucli  larger  than  that  of  tlie  ^ 

material  without  carbon  additions  (<lpm),  possibly  due  to  the  higher  consolidation 
temperatures  tised  in  the  fonner.  Both  silicon  and  carbon  were  detected  via  F.DS 
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microanalysis  (thin  window)  of  region  A  in  Figure  3a  indicating  tliat  these  regions 
correspond  to  grains  of  SiC.  Selected  area  diffraction  patterns  (SADPs)  obtained  along  the 
major  zone  axes  from  these  and  similar  silicon  rich  regions  (Figure  3b)  consistently 
indexed  to  a  cubic  p-SiC  stnicture  (with  a  =  0.4359  nm).  thereby  confirniing  the 
wciirrcnce  of  the  in-sitii  reactions  outlined  earlier.  These  micron-sized  SiC  particles  were 
located  predominantly  along  grain  boundaries  and  triple  point  regions.  In  addition,  grains 
of  a  molybdenum-rich  pha.se  containing  minor  amounts  of  iron  (region  B)  were  also 
detected;  EDS  analysis  indicated  that  this  phase  has  the  approximate  fonmila 
C<i(Mo.Fe)<5Sit. 


Application  t>f //i-.vi7>i  dis;)lacement  reactions  t<)  the  processim*  of  NiAl 

Backgrtnmd  Recently.  Bowman  et  al.  (25)  showed  that  for  fiber-reinforced  NiAl,  tungsten  fibers 
pmvided  considcnibic  strengthening  but  negligible  toughening  whereas  alumina  fibers  resulted  in 
considerable  toughening  and  negligible  strengthening.  Tliey  related  these  differences  to  the  low 
intcrfacial  IxmkI  strength  in  the  alumiiut/NiAl  case  and  high  Ixjnd  strength  in  the  tungsten  case. 
Furthermore,  they  noted  that  the  tungsten-reinforced  NiAl  was  more  susceptible  to  thenual 
fatigue  due  to  the  large  mismatch  in  CI'E  lx:tween  the  two  materials. 

In- situ  reactions  In  this  case,  we  have  studied  interface  modification  in  both  tungsten  and 
molybdctuirn-rcinforced  NiAl  via  the  in-situ  reaction  schemes  de.scribcd  above.  Tlte  initial 
attempts  were  focused  on  the  possibility  of  alloying  the  NiAl  matrix  with  a  ternary  addition 
.selected  to  react  with  the  refractory  metals  of  interest,  i.e.,  to  fonn  a  reaction  protluct  at  the 
NiAI/rcfractory  metal  interface.  Ideally,  this  coaling  would  have  an  intermediate  CFE  between 
those  of  NiAl  and  the  refractory  metal  to  reduce  the  materials  susceptibility  to  cracking  during 
themial  cycling.  In  addition,  this  coating  would  reduce  the  interfacial  strength  and  lead  to  a 
tougher  composite. 

Girbon  was  selected  as  a  candidate  element  due  to  the  stabilities  of  both  tungsten  and 
molybdenum  carbides.  Preliminary  thermodynamic  calculations  suggest  that  a  low  activity  of 
carbon  in  the  NiAl  is  necessary  for  these  reactions  to  be  favored  (26).  Thus,  rods  of  NiAl 
alloyed  with  1  wt.  pet.  (3.5  at.  pet.)  carbon  were  prepared  by  non-consumable  arc  melting, 
sectioned,  polished  and  then  combined  with  slices  of  tungsten  and  molybdenum  to  fonn  diffusion 
couples  via  a  hot  pressing  operation.  Tlte  diffusion  bonded  samples  were  heat  treated  at  13()0°C 
for  2  h  under  purified  tirgon  and  then  sectioned,  polished  and  examined  in  a  JEOL  733  electron 
microprobe.  In  order  to  produce  partial  reaction  while  avoiding  the  development  of  a  strong 
intcrfacial  bond  so  that  subsequent  x-ray  diffraction  studies  might  be  perfonned  on  the  reaction 
products,  similar  reaction  studies  were  perfomted  by  placing  the  polished  sections  in  contact  and 
heat  treating  them  at  130()®C  for  3h  without  the  application  of  an  external  load.  After  this 
treatment,  the  samples  were  separated  and  XRD  patterns  from  the  molybdenum  and  tungsten 
surfaces  were  obtained  using  a  Philips  APD  3720  diffractometer. 

As  can  be  seen  in  Figure  4  the  reaction  zone  in  both  the  samples  is  characterized  by  the 
pre.sence  of  a  thin  layer  at  the  interface  between  the  NiAl(+C)  alloy  and  the  refractory  metals. 
Compositional  data  obtained  at  several  points  along  the  reaction  layers  and  also  close  to  the 
layers  on  the  refractory  metal  side  (Table  II)  indicate  that  the  layer  in  the  molybdenum  couple 
probiibly  corresponds  to  M02C,  whereas  the  NiAl(+C)/tungstcn  sample  contained  two  reaction 
layers.  The  reaction  layer  adjacent  to  the  tungsten  corresponds  to  W2C  and  is  continuous  along 
the  length  of  the  interface.  The  second  reaction  layer  corresponds  to  WC  and  is  present  only  at  a 
few  places  along  the  interface  between  the  W2C  and  the  NiAl.  Tlie  compositional  analysis  in 
lx)th  refractory  metals  close  to  the  reaction  layer  does  not  show  the  prc.sence  of  any  dis.solvcd 
carbon.  Tliis  implies  that  essentially  all  the  carbon  that  diffu.ses  into  the  refractory  metals  reacts  to 
fonn  the  carbide,  which  is  consistent  with  the  low  solubility  of  cjirbon  in  these  refractoiy  metals. 
XRD  patterns  obtained  from  the  molybdenum  and  tungsten  surfaces  are  consistent  with  the  M02C 
and  \V2C  identifications  (see  Figure  5)  whereas,  not  surprisingly  ,  no  cvideiicc  of  the  WC  phase 
was  observed  line  to  its  low  volume  fraction  and  discontinuous  nature. 
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Summary 


U  is  clear  from  ilic  present  study  that,  as  in  other  classes  of  materials  (c.g.,  alloys),  in-siiu 
reactions  can  be  used  as  a  means  of  retnoving  undesirable  phases  (e.g.,  Si02).  or  forming 
desirable  phases  (e.g..  di.sj)ersoid  phases  or  interfaciai  layers)  in  inicnneiallic  mau-ix  cotnjxtsites. 
Clearly,  processing  will  play  an  important  role  in  defining  the  resulting  microsiruciures  and, 
ultimately,  the  properties  of  these  IMCs.  While  only  two  examples  have  been  presented,  it  is 
clear  that  are  a  large  range  of  possible  schemes  could  be  conceived  using  this  tipproach. 
Furthermore,  tliis  apiiroacli  is  rather  general  in  nature  and  should  be  applicable  to  both  metal  and 
cenunic  matrix  com|H)sitcs  as  well.  It  is  emphasized  that  in  order  to  achieve  the  maximum  profit 
from  in-situ  displacement  reactions  of  this  type,  an  uiKlerstanding  of  both  the  iheniiodynamics 
and  kinetics  of  the  reactions  is  essential. 
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TABI.E  I  -  EXAMPLES  OF  POSSIBLE  PROCESSING  STRATEGIES  BASED  ON  'I  III-: 

SCHEMES  OF  FIGURE  1 


ROUTE 

MATRIX 

REINFORCE- 

MENI' 

IN-STTU 

REACTIONS 

FINAL 

STRUCTURE 

1  M3-»C1 

MoSi2,Si02,Mo5Si3,C 

- 

Si02+C  CO+Si 

MoSi2 

|m3-^C1+C2 

MoSi2,Si02,Mo5Si3,C 

Si02+C  — >  Co+Si 
Si+C  — i  SiC 

MoSi2+SiC 

1  M2->C3 

NiAl+C 

W 

W+C  W2C 

NiAlAVoCAV 

TABLE  11  COMPOSITIONAL  DATA  IN  DIFFUSION  COUPLE  SAMPLES. 


1  Area 

N I 

at.  pet. 

Al 

at.  pet. 

C 

at.  pet. 

W 

at.  pet. 

Mo 

at.  pet. 

A 

i.o 

0.8 

34.1 

0 

63.6 

B 

1.7 

0.3 

0 

0 

98.5 

C 

4.7 

0.5 

26.9 

67.9 

0 

D 

4.3 

1.9 

51.9 

4^4 

0 

E 

0.5 

0.2 

0 

99.3 

0 
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Figure  I  Some  possible  topological  variations  of  in-situ  reactions  in  composites  processing.  Actual 
composites  may  profit  from  combinations  of  features  exemplified  in  the  right  column.  See  Table  I  for 
sotuc  exatuples  of  proposed  processing  strategics. 

A,_B  :  FIcments  in  solution.  ®  ®  :  Plutse  containing  the  panicular  element. 
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I'ly.  2a  Bnglu  rickl  Iransmtssion  Electron  Micrograph  of  the  typical  tnicrostnicliire  of  MoSi2 
derived  from  binary  MA  MoSi2  powder,  showing  die  presence  of  silica  along  the  grain 
boundaries  and  triple  points. 

Fig.  2b  Selected  ;irea  diffraction  pattern  from  a  silica-conttiining  region  showing  the  presence  of 
the  amorphous  phase. 


d: 


B  =  [Oil]  p-SiC 


Bright  I  ield  I  ransmission  Electron  Micrograjih  of  the  typical  niicrosinictiire  of  the 
cartv)!!  riKKlined  MoSi2  processed  utilizing  the  in  siiii  di'^placemenl  reactions. 

Region  A  is  a  typical  in-siin  formed  P  Sit'  panicle.  Ni'te  the  absence  of  silica  particl 
Midi  a‘.  those  lonnd  in  hi”,  ^a. 

Selected  aiea  dilliaction  pattern  ol  a  jt  SiC  |i,iiticlc  aloi;  ■  It  jill  1  | 


Fig.  4  Sccondiin’  electron  images  of  the  interface  between  NiAl(+C)  alloy  and  the  refractor)' 
metals,  showing  the  in-situ  fonned  carbide  layers,  (ti)  NiAl  (+C)/Mo  couple 
(b)  NiAl  (+C)AV  couple,  (region  A  is  M02C.  region  H  is  Mo,  region  C  is  WC,  region  1) 
is  \V2('.  and  region  F-  is  VV) 
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Fig.5-  X-ray  diffractograms  of  the  refractory  metal  surfaces  in  contact  with  the  NiAl  {+  C)  allo\ 
[ux  Kt:  ‘I’c  formation  of  the  carbides,  (a)  NiAl  (+C)/Mo  couple 


(b)  NiAl  (+C)AV  couple. 


